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Abstract

A study of the radiation response of two classes of prospective materials for future

generations of nuclear reactors is presented in this thesis. These materials are highly

concentrated alloys – commonly known as High-Entropy Alloys (HEAs) – and the

Ti-based Mn+1AXn phase ternary carbides. Ion irradiation in situ within a Trans-

mission Electron Microscope (TEM) was used to investigate the effects of energetic

particle irradiation on these materials. This methodology allowed the real-time

monitoring of the microstructural evolution of the studied materials whilst under

irradiation over a wide variety of dose and temperature conditions of relevance to

nuclear technology.

To shed light on the core effects responsible for enhanced radiation resistance in

HEAs, such as the sluggish mobility of atomic defects and the superior thermody-

namic stability, a quaternary HEA, FeCrMnNi, was selected for investigation. For

this purpose, experiments with the FeCrMnNi HEA were directly compared with

a conventional nuclear structural material, the austenitic stainless steel grade 348,

which is an Fe-based alloy containing Cr, Ni and Mn as major alloying elements.

The stainless steel 348 has the same elements as the HEA in solid-solution, but not

in equiatomic composition: thus it can be considered as a “low-entropy” version of

the FeCrMnNi HEA. It was shown that the sluggish diffusion property played only a

minor rule in suppressing the nucleation and growth of He and Xe bubbles under ir-

radiation. However, under heavy ion irradiation, the phase stability of the HEA was

observed to be superior to its low-entropy counterpart, the steel, in the temperature

range from 298 to 573 K: at higher irradiation temperatures both alloys displayed

similar radiation responses. The results suggest (for the alloys investigated in this

work) that the relationship between the key high-entropy core effects and superior

radiation tolerance of HEAs is limited to low and moderate temperatures.

Following the results with the bulk FeCrMnNi HEA and given the possibil-

ity of designing radiation tolerant structural nuclear materials by tuning the ele-

mental composition, High-Entropy Alloy Thin Films (HEATF) within the quater-

nary metallic system FeCrMnNi were developed through the technique of ion beam

sputter-deposition. A complete synthesis and characterisation investigation was

firstly performed on Si wafer substrates in order to demonstrate the feasibility of
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depositing equiatomic metallic thin films within the FeCrMnNi system. Then, these

thin films were deposited onto Zircaloy-4TM substrates and their radiation tolerance

was assessed under medium-energy, heavy ion irradiation in situ within a TEM. By

comparing the radiation response of the HEATF with titanium nitride (a material

currently under consideration for coating Zr alloys) using the ion irradiation with

in situ TEM technique, it was found that the HEATF possessed superior radiation

tolerance and this alloy is thus proposed in this thesis as an alternative to ceramic

coatings in the context of the accident tolerant fuels programme.

An extensive study of the neutron and ion irradiation responses of two Ti-based

MAX phases is also presented. Firstly, an electron-microscopy post-irradiation study

on the Ti3SiC2 and Ti2AlC MAX phases irradiated with neutrons in the High-Flux

Isotope Reactor (HFIR) at high temperatures (1273 K) is presented. This study,

which was carried out up to 10 dpa, revealed a complex chain of radiation dam-

age effects: from perfect basal dislocation loops to irradiation-induced segregation

with formation of secondary phases. The heavy ion irradiation with in situ TEM

methodology was utilised to explore possible experimental comparisons between ion

and neutron irradiation of these materials. In situ TEM annealing was also per-

formed to investigate the thermal stability of both Ti3SiC2 and Ti2AlC MAX phases

at high temperatures and, under the studied conditions, these materials in a form

of electron-transparent lamellae were found decompose at temperatures around of

1273 K.

The results obtained with all the materials studied led to the major conclusion

that there is a strong connection between the thermodynamics of materials and

their radiation tolerance. Due to the possibility of tuning the elemental composition

of metallic alloys with the aim of optimising the key core effects of high-entropy

systems, the outcomes of this thesis indicate that these metallic alloys can be con-

sidered promising candidates for future generations of nuclear reactors operating at

moderate temperatures. Ion irradiation with the in situ TEM methodology is thus

shown to be fast and efficient for triaging innovative candidate materials for use in

nuclear reactors.
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“High authorities tell us that new sources of power, vastly more important than

any we yet know, will surely be discovered. Nuclear energy is incomparably greater

than the molecular energy which we use today. The discovery and control of such

sources of power would cause changes in human affairs incomparably greater than

those produced by the steam-engine four generations ago. Materials thirty times

stronger than the best steel would create engines fit to bridle the new forms of power.”

Sir Winston Leonard Spencer-Churchill

KG OM CH TD PC DL FRS RA

Prime Minister of the United Kingdom

Part of “Fifty years hence”, a chapter of Thoughts and Adventures, 1932.
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Chapter 1

Introduction

Social and economic advances in our modern society are associated with the fast

development of new products and technologies that are directly derived from the

progress of science. The fast growth of modern economies has triggered several

concerns over sustainability, a concept that aims at to mitigate the deleterious an-

thropogenic effects on the earth. Since the beginning of civilisation, one field of

science that has inspired the development of a technological and sustainable world

and at the same time, delivered products and innovation to everybody, is materials

science [1]. Historians categorise the early stages of human civilisation by man’s

ability to work with metals for producing tools. The historical ages were, therefore,

subdivided and named after the specific materials that humans dominated at the

time, and extracted and explored for their own comfort and survival: the Stone Age,

the Bronze Age and the Iron Age [2]. Human progress is therefore linked with our

ability to work with materials.

Nowadays, the intensive pace of economic growth in both developed and un-

derdeveloped countries requires maximum industrial performance and productivity

to support the emergence of new commercial technologies and such goals have set

new paradigms for the development of innovative materials. The immediate con-

sequences of these demands were evident in many material developments in our

industries in the 20th century and today: materials that allowed miniaturisation

of semiconductor devices [3]; the production of lightweight and resistant alloys for

aerospace, new aircraft designs and the automotive industry [4]; new metamateri-

als for optical devices such as high-power lasers [5]; metallic alloys with enhanced

strength and fatigue resistance [6]; super hard refractory ceramics for extreme envi-

ronments [7]; and single-layered nanomaterials, like graphene [8, 9], whose potential

commercial applications are yet to be realised.

Synthesis and production of conventional and innovative materials, either on

laboratory or industrial scales, often require a deep basic understanding of their

properties and microstructures aiming at establishing the limits for a particular

1



application. Standardised procedures for testing, evaluating and analysing the ma-

terials behaviour under a wide set of environmental conditions is also of concern in

both science and industry. To address such challenges, materials scientists resort

to microstructural analysis with powerful microscopes as the physical, chemical and

mechanical properties of a material are directly related to its microstructure at the

atomic level. A synthetic material can be broadly defined as “a substance (or com-

pound) intended for a practical purpose” [2]. From this point of view, it is necessary

to investigate the effects of a such practical purposes on the microstructure of a ma-

terial prior to its commercialisation. This is a mandatory requirement in order to

ensure that, under operational (either normal or accident) conditions, the material

does not fail as this could be at the expense of human lives. One particular part of

our economy that has revolutionised human comprehension of material sciences is

the energy industry.

The advent of new technologies (like electric cars) and the constant population

growth will exponentially increase the worldwide demand for electricity over the next

decade [10]. In the United Kingdom, for example, policymakers have alerted the

government that the minimum level of infrastructure investment to supply electricity

for Britain by 2020 is around £264 bn [11]. At the same time, due to international

agreements, governments will have to invest in clean energy solutions that do not

damage the environment with pollutant gases, like carbon dioxide (CO2), which are

the cause of the greenhouse effect. The solution calls for the development of “green”

or renewable energy sources. Hydroelectric, solar, wind, geothermal, biomass waste

and biofuels are the most common renewable energy sources because they play a

major rule in reducing greenhouse gas emissions. When renewable energy sources are

introduced into the energy matrix of a country, it has been reported that the demand

for fossil fuels is significantly reduced [12]. Although green energy sources are an

alternative to increase global electric power generation, they are subject to seasonal

variations like weather conditions, drought periods and agricultural priorities. Such

problems may jeopardise their use on a large scale in a future world that depends

even more on electric energy for the well-being and comfort of its citizens or even in

strategic situations involving national and global security. These problems have been

the motivation of several ongoing international research projects involving materials

science with the objective to increase electric energy generation efficiency, storage

and reliability.

An alternative to supply the increasing demand of electric power generation with

reliable baseload over time is nuclear energy through fission power. The question as

to whether nuclear energy can be considered renewable is still a subject of strong de-

bate by scientists in academia and policymakers around the globe. Major arguments

in favour lie in the fact that nuclear reactors do not generate greenhouse gas emis-
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sions and therefore should be included in the list of renewable energy sources [13].

On the other hand, the element uranium, the main fuel source for fission power, is a

finite natural resource [14] while renewable sources by definition uses indefinite natu-

ral sources, like wind and sunlight. However, modern breeder reactors can reprocess

uranium and this has been considered a strong argument in favour of categorising

nuclear energy as renewable [15]. Additionally, compared to other renewable energy

sources, nuclear energy has the highest achievable energy density (kWh/kg): for a

Light-Water Reactor (LWR) with 3.5% of enriched U-235, the energy density is 960

MWh/kg while for natural gases, biodiesel oil and hydroelectric power the numbers

are around 13.8, 11.7 and 0.0003 kWh/kg, respectively [13, 16].

Concerns regarding the use of nuclear energy are in the safety aspects and ra-

dioactive waste generation. The safe operation of a nuclear reactor is dependent on

the choice of materials that compose the entire nuclear installation, from the nu-

clear core to the shielding. It is also determined by the interaction of these materials

with the nuclear reactor environment and with the possible occurrence of external

events within or nearby the installation site, such as tornadoes, earthquakes and

tsunamis [17, 18]. Due to engineering project criteria and by the force of national

and international standardised licensing regulations, prior its utilisation in a nuclear

installation, a material or alloy must be exhaustively tested in a wide variety of

normal operating conditions and in accident conditions [19]. The general guidelines

and properties of interest that a material or alloy need to have in order to be used

in a nuclear reactor structure can be summarised as follows [20, 21]:

• Mechanical strength: This is the property that will limit how much a ma-

terial will be able to resist external loads and stresses during operation. In a

light-water reactor, for example, the nuclear fuel rods are subject to high axial

stresses; they should not plastically deform in a such way that they may get

stuck or crack in the core.

• Ductility: The ability of a material to deform elastically and/or plastically

under stress conditions. If the stress conditions exceed the yield strength, the

material should plastically deform within certain limits that do not compro-

mise the operation (e.g. fracture and release of radioactive material into the

coolant circuits).

• Structural integrity: The ability of a material to retain its mechanical prop-

erties during both normal operation and under accident conditions. Materials

that suffer phase transformations when the core temperature raises, for exam-

ple, should be avoided.

• Machinability and formability: The ease of manufacturing pieces, such
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as plates and rods that will be components of a bigger structure. Materials

that are able to be welded are also of great interest. Lamination, cutting and

milling are common processes to make nuclear structural materials, therefore,

they may also have to lend themselves to such manufacturing processes.

• Corrosion and oxidation: When in contact with corrosive fluids and other

substances, such as coolant liquids and nuclear fuels, materials cannot exhibit

strong degradation due to oxidation and corrosion. This is an important pa-

rameter to take into consideration. Temperature plays a major role in such

corrosion properties. Oxidation and corrosion may change a whole list of prop-

erties in certain materials or can even cause their chemical dissolution which

could result in a serious nuclear accident.

• Heat transfer and thermal stability: A nuclear reactor is a thermody-

namic machine. A nuclear-fuel cladding alloy, for example, will have to exhibit

good heat transfer properties in order to transfer the heat generated in-core

to the coolant with maximum efficiency.

• Compatibility: A paramount requirement for designing a nuclear reactor is

that the materials have to be compatible with each other. For example, it

is well-known to be challenging to weld Al and Fe. No one will select these

materials to compose a nuclear-fuel cladding rod system where Fe is the rod

material and Al the material for the welded rod cap.

• Costs and availability: Selecting materials for a nuclear installation is a

challenge where costs and availability are major limiting factors. It is well-

known that the generation of nuclear energy is expensive. For example, Ir is a

metal with excellent corrosion resistance and high mechanical strength includ-

ing good heat transfer capabilities, however, it is one of the most expensive

and rare metals on earth. Therefore, expensive and rare materials are unlikely

to be used in nuclear installations.

• Neutron capture and activation: During the operation of a nuclear re-

actor, the nuclear fission events will generate neutrons in-core with a broad

and specific energy spectrum. Certain materials absorb neutrons and this will

induce transmutations. Transmuted elements are often sources of radioactiv-

ity. For nuclear-fuel cladding materials, this should be avoided as much as

possible by selecting appropriated materials that are (preferably) transparent

to neutrons in their energy range (0.025 eV to 10 MeV). Biological shielding

materials, for example, need to reduce the effective dose outside the shielding.

Otherwise, workers may be exposed to high radiation exposure levels that may

cause illness and death.
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• Stability under particle irradiation exposure (radiation damage):

The neutrons generated in-core are energetic particles which may cause atomic

displacements of atoms in a material. The process is known as radiation dam-

age and it may induce undesirable effects in nuclear materials, such as swelling,

embrittlement and irradiation-assisted stress corrosion cracking [21–24]. Phys-

ical properties like electric resistivity and thermal conductivity may also sig-

nificantly change under neutron exposure for certain materials [22]. Therefore,

materials with high radiation resistance are preferred and this aspect has been

considered a topic of paramount interest and importance for nuclear technol-

ogists worldwide.

The reliability of nuclear power depends on the performance of structural ma-

terials whose degradation and failure may be caused by several aspects of the envi-

ronment within a nuclear reactor. In particular, conventional nuclear fuel-cladding

systems are subjected to high neutron fluxes with a broad energy spectrum. In this

context, the topic of radiation damage in materials is considered a key parameter in

the design of nuclear reactors as it affects all the aforementioned properties.

During the last century, improved fundamental understanding of irradiation-

induced damage in nuclear materials has led to the development of conventional

multicomponent alloys, in particular zirconium alloys [25] and stainless steels [26],

whose performance, to date, is responsible for the worldwide success of nuclear power

as a safe, large-scale source of electricity. The displacement of lattice atoms may

induce permanent microstructural defects under in-service conditions giving rise to

a damaged material with degraded mechanical properties. Upon the development of

sustainable and improved nuclear power plants (so-called Generation IV) that could

operate for several decades without refuelling and with low radioactive waste pro-

duction, the major challenge is the design of accident-tolerant fuel (ATF) materials

that can also sustain structural integrity over long-term exposure to both particle

irradiation and corrosive environments [21, 27].

Displacements-per-atom or dpa is the scientific unit to express the damage caused

by energetic particles in a material. It quantifies how many times on average a lattice

atom has been displaced. 10 dpa means that on average lattice atoms have been

displaced from their positions 10 times. Future innovative nuclear reactor designs

like the Travelling-Wave Reactor (TWR) are currently being designed to sustain

damage levels in the range of 200 to 500 dpa [21, 28] while in a commercial LWR,

the damage level is around 2 dpa per three years of continuous operation [24, 29].

Radiation damage is also a huge concern within the context of nuclear fusion reactors

as they generate neutrons with energies of approximately 14.1 MeV, and may develop

damage levels of around 150–200 dpa. A consensus has been established within the

nuclear technology community that conventional materials, i.e. the ones that have
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already been used in LWRs and fast reactors, such as zirconium alloys and austenitic

stainless steels, will not be used in advanced nuclear reactors [23].

The effects of particle irradiation on materials that have been recently considered

candidates for the next generation of fission nuclear reactors and for fusion reactors

is the main subject of this doctoral research. A systematic multidisciplinary study

is presented which sheds light on the main mechanisms of radiation damage in

an innovative quaternary High-Entropy Alloy (or HEA), FeCrMnNi. The radiation

effects observed to occur in the HEA were then compared with those in an austenitic

stainless steel – AISI-348 – that was irradiated under very similar conditions. This

stainless steel is a conventional nuclear-grade alloy that has already been used as

cladding for ceramic nuclear fuel in LWRs and fast-fission reactors worldwide and it

contains the same four elements, FeCrMnNi, as major alloying elements [26]. The

methodology used in this work, to study the radiation resistance of both materials,

was ion irradiation in situ within a Transmission Electron Microscopy (TEM). This

methodology allowed the real-time observation of radiation effects in both materials:

the HEA and the stainless steel. Another class of candidate materials that is under

consideration for use in the next fleet of generation IV nuclear reactors was also

investigated during this doctoral research: two Ti-based Mn+1AXn phases, Ti3SiC2

and Ti2AlC, where a comparison study between neutron and ion irradiation effects

has been carried out. For the HEAs, the outcome of this work is to suggest that the

deposition of High-Entropy Alloy Thin Films (HEATFs) on conventional nuclear-fuel

cladding alloys with the aim of enhancing their radiation and corrosion resistance

could be an alternative to be further explored on new potential materials within

the scope of accident tolerant fuels. Regarding the Ti-based MAX phases, the

results of this work introduce new datasets for the nuclear materials community,

including a first-time characterisation of neutron irradiation induced defects up to

10 dpa and results from comprehensive ion irradiation in situ within a TEM at high

temperatures. On the MAX phases research, both thermal and radiation stability

of Ti-based MAX phases were investigated and the major conclusions are that both

Ti3SiC2 and Ti2AlC may not be as stable as previously expected.
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Chapter 2

Background and Literature

Review

This chapter presents a literature review of the materials and alloys that are the

subject of this thesis. The current accepted definitions and main properties of

the multicomponent alloy systems (HEAs and stainless steels) and the nanolayered

ternary carbides (the Ti-based Mn+1AXn phases) will be introduced. This will be

followed by an exploration of the main concepts of radiation effects in solids, with a

focus on reported results regarding the effects of particle irradiation (both neutrons

and ions) on the microstructures of the FeCrMnNi HEA, the austenitic stainless

steel 348 and the Ti-based Mn+1AXn phases.

2.1 The materials: definitions and properties

2.1.1 Multicomponent alloy systems

In classical metallurgy, conventional alloys are those based on a single element which

will dictate the main properties of a mixed alloy system [30]. In order to enhance cer-

tain properties of an element, such as its mechanical strength or corrosion resistance,

in general two or three major alloying elements are added to create a solid solution

and this procedure will result in a binary or ternary alloy system. For example, com-

mercial aluminium alloys have been categorised according to their major alloying

components. For an aluminium alloy that belongs to the 2xxx group, copper is the

major solute and it confers superior mechanical properties (when compared to un-

alloyed Al or the 1xxx group) while the group 4xxx is dedicated to Al-Si alloys that

are characterised by low melting points and low densities which allow applications

in the manufacture of automotive and aerospace parts [31]. Complexity arises when

several minor alloying elements are added into the solid solution. The definition of

conventional multicomponent alloys covers all alloys with one base element and two
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or more major alloying elements including several other minor alloying elements [32,

33].

Major and minor alloying elements are distinguishable by their elemental com-

position within a system, although the boundaries for such classification will vary

for each system. As an example, the alloy IMI834 is a Ti-based multicomponent

alloy for aircraft engine applications [34]. According to its specifications [35], Al,

Sn, Zr, Nb, Mo and Si are alloyed with Ti. For this particular case, Al, Sn, Zr and

Mo are the major alloying elements with nominal compositions of 5.5, 4, 4 and 1 in

weight percent (wt.%), respectively. At the atomic level, major solutes can replace

lattice atoms in substitutional sites. Mo and Si with 0.3 and 0.5 wt.%, respectively,

are the minor elements. Despite the fact that major solutes play a role in enhancing

physical and chemical properties, from the point of view of thermodynamics, they

also define which phases a system retains after processing and whether they are

stable. Minor alloying elements have similar effects, but depending on the system,

the addition of specific elements as minor interstitial solutes will induce changes in

the final microstructure, such as promoting or suppressing precipitation [32], grain

refinement [36], stability of phases [37] and improving corrosion properties [30]. In

some circumstances, minor elements can also be considered impurities of a system.

Among the diverse and wide variety of multicomponent alloys, commercial stainless

steels and most recently the high-entropy alloys are of paramount importance for

metallurgy due to their suitable sets of properties for several technological applica-

tions. For these reasons, the metallurgy of steels and high-entropy alloys will be

introduced in the next section.

2.1.1.1 Steel and its variants

2.1.1.1.1 Definition and classification

Steels can be defined as Fe-based multicomponent alloys. A wide variety of alloy

systems with specific properties can be designed by accurately alloying Fe with

other elements such as C, Si, Mn, Cr, Ni and Mo. Steels can be categorised by

their alloying elements (elemental composition) and/or by the properties of the final

product as a consequence of the mixing [32, 38, 39]. Exceptions in this definition are

for cast iron, white and grey cast irons and silicon cast iron, which are characterised

by the presence or addition of Si and C in Fe, but in very high quantities. Although

they are Fe-based alloys with intrinsic poor malleability properties, they are not

technically considered to be steels. The same to crude iron – an intermediate Fe-

based product that is a by product of Fe ores – that also have additional elements

in their compositions, but cannot be considered steels [39–42].

Low carbon steels are the most common form of Fe-based alloys. The term “low

carbon” is due to the fact that this element is the only intentional alloying element
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in the ferritic matrix, although in low concentrations [39]. Elements such as P

and S can be detected as undesirable impurities and their content are often reduced.

General applications for low carbon steels are in civil engineering, the naval industry

and in the fabrication of tubes and sheets. [39, 43].

High-strength low alloy (HSLA) steels are those in which the alloying elements

(including carbon) are added within very narrow and accurate tolerances. These

alloying elements are often Al, Ti and Nb which control the microstructure of the

steel during thermo-mechanical processing. These steels often require specific heat

treatments after forming [44, 45]. HSLAs are widely used in the automotive industry

[46].

High-alloy steel is a wide category where the alloying elements are added into Fe

in large quantities, typically 2–20 wt.%. They are well known by their unique set

of properties such as high mechanical strength, high fracture and fatigue resistance

and include suitable corrosion, oxidation and high-temperature properties [30, 39,

43, 46]. Additionally, the alloying elements are added in a controlled manner with

low margins of error which allows complete control of the microstructure and phases

in the system. High-alloy steels can be used in extreme conditions, e.g. high-

temperature and corrosive environments (stainless steels), such as oil and gas pipes,

and in the nuclear, aerospace and defence industries [32].

2.1.1.1.2 Atomic structures of Fe, steels and their phases

At the atomic level, the Fe atoms are arranged in a periodic crystal structure or

lattice. Depending on both temperature and pressure, the element Fe can exhibit

different crystal structures, known as the phases and often designated by Greek

letters. At low temperatures there is the body-centred cubic (BCC) ferrite, or α–Fe,

but above 1184 K, Fe starts to suffer recrystallisation forming a face-centred cubic

(FCC) phase, austenite or γ–Fe. Heating up to around 1673 K, δ–Fe is formed with

a BCC structure. Above 1809 K, the δ–Fe melts. Upon cooling, the phases are

formed according to their designated temperatures and due to the fact that they

have completely different crystal structures, their physical and chemical properties

are also different [32, 39].

As steels are not pure Fe, the addition of alloying elements results in different

atomic structures. The process of alloying is governed by the Hume-Rothery rules.

This set of rules will dictate whether or not a specific element can be dissolved in

the crystal structure of Fe, becoming a solute in solid solution. The four rules can

be stated as follows [47]:

1. The difference in the atomic radii of the solute and the solvent should be less

than or equal to 15%;
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2. Solute and solvent must belong to the same crystallographic group;

3. Solubility can be determined by analysing the valency. When both valencies

of solute and solvent are the same, complete solubility will occur; and

4. Solute and solvent should have similar electro-negativities.

In the case where solutes and solvent have similar atomic radii, the solute atoms

will occupy substitutional positions within the Fe lattice. The product is considered

to be a substitutional solid solution. Cr, Mn and Ni are all substitutional solutes,

for example. When solutes are smaller than the lattice base-element, like C and N,

they will occupy interstitial lattice sites [33].

The octahedral interstitial inter-spaces are larger for the γ–Fe than for those in

the α-Fe phase. Due to this, it is easier to dissolve small atoms in the γ–Fe. The

addition of more solute atoms in a given crystal structure will induce lattice defor-

mations. This will help limit the solubility, but upon increasing the temperature, the

lattice atoms will oscillate around their equilibrium positions with a higher ampli-

tude and frequency, thus increasing the lattice parameter and also the lattice atomic

inter-spaces. The result is a direct relationship between solubility and temperature

in steels [32, 39, 43, 48].

In the thermodynamics of alloys, the relationship between solubility and temper-

ature is regulated by the Gibbs free energy and entropy. Under fixed compositions,

and in the limit of diluted solutions as is the case of interstitial solutes in metals, the

Figure 2.1: The crystal structures for (a) α–Fe, the body-centred cubic phase and
(b) γ–Fe, the face-centred cubic.
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configurational contribution to entropy is mostly constant, and hence, the increase

in solubility with temperature should be attributed to the vibrational entropy [49],

in accordance with the atomistic picture described above. Additionally, the contin-

uous insertion of alloying elements into α–Fe, for example, may induce (or suppress)

phase transformations under certain conditions. That is the case when Cr, Ni, Mn,

C and N are added to Fe to form an austenitic stainless steel (with a FCC structure

as depicted in figure 2.2) [50–52].

Figure 2.2: The atomic structure of an austenitic stainless steel solid solution. Cr
atoms are substitutional due to their atomic radius similarity with Fe whilst C atoms
are interstitials.

When the solubility limit for a solute is exceeded, the solute will tend to com-

bine with other elements in its surroundings, thus forming their own local crystal

structure alongside the matrix phase. This secondary crystal structure is composed

of small crystallites that grow with the addition of more alloying elements. This

phenomenon is known as precipitation [30, 53]. For steels, the most common pre-

cipitates are carbides which are formed when C does not enter into solid solution

with the Fe lattice and starts to combine with other solute elements depending on

the thermodynamic activity of the precipitate system [39, 53]. The presence of a

secondary phase often degrades mechanical properties as it hinders the movement

of defects, therefore, limiting the ability of the alloy to plastically deform.

2.1.1.1.3 Stainless steels and applications

In the case of high-alloy steels, three classifications are used to distinguish commer-

cial alloys and their respective phases [54]. Ferritic stainless steels are those with
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Figure 2.3: The Fe-Cr phase diagram. (Reproduced from H. Bhadeshia and R.
Honeycombe [32])

BCC (the ferrite phase or α–Fe) and very low C content. The level of Cr in solid

solution varies between 10.5 and 18 wt.%. They possess good ductility and mechan-

ical strength, but moderate to low mechanical, oxidation and corrosion resistances

at high temperatures [39].

The first stainless steels developed for cutlery and general tools are of marten-

sitic phase. With high C content, around 0.1 and 1.2 wt.%, and Cr between 12

and 18 wt.%, martensitic stainless steels are considered heat treatable and such

thermal treatments allow the manipulation of several properties including ductility

and mechanical strength. Tempering martensitic stainless steels makes them useful

for applications in the aerospace and nuclear industries. The martensitic phase is

retained upon rapid cooling the austenitic phase at high temperatures. Martensitic

stainless steels posses a BCC structure: it is considered a diffusionless and displacive

(without atomic diffusion) phase transformation and it is activated by stress [32].

Austenitic stainless steels, the third type of stainless steels, comprise around 80%

of worldwide steel production [53]. The austenitic phase is of face-centred cubic

(γ–Fe) crystal structure which can be achieved by adding Ni to the Fe-Cr solid

solution in certain proportions. Both Ni and Cr are substitutional alloying elements

in Fe. In order to improve the stabilisation of the γ–Fe phase at room temperature,

either interstitial elements such as C or substitutional such as Mn, Mo, Co, Ti,

Nb, V, W, Cu and Al are used and these may also improve the microstructure and

mechanical properties. Austenitic steels posses high temperature, oxidation and

corrosion resistance and due to their suitable properties, they have been applied in

several different types of industry from nuclear to oil and gas [32, 43, 53]. Their

commercial classification is the AISI 300 series where the most widely used alloys

12



are AISI-304 and AISI-316.

Metallurgists and materials scientists often look at phase diagrams to analyse

the different phases that will be present in a multicomponent alloy system as a

function of the composition of alloying elements. The phase diagram is a type

of chart showing the thermodynamic phases which (co)exist in equilibrium under

certain conditions, such as temperature, pressure and composition. The Fe-Cr phase

diagram, which guides the industrial production of stainless steels, is presented in

figure 2.3 [32]. The ferrite phase (α–Fe) is the dominant phase for moderate and

high Cr contents, but a loop can be seen when the Cr composition is around 15 wt.%

in the temperature range from 1673 to 1123 K. This loop is known as the γ–Fe loop

and this is the region of interest for producing stainless steels with the austenite

structure. Minor alloying elements such as C and N act so as to increase the size of

the γ–Fe loop allowing the accommodation of higher Cr concentrations in the FCC

structure. Major alloying elements, such as Ni and Mn, also promote an increase in

the size of the γ–Fe loop.

2.1.1.2 High-entropy alloys

2.1.1.2.1 Historical context for the emergence of high-entropy alloys

There are many ways to create or synthesize a new material. Conventionally, this

involves the use of the phase diagram for developing terminal solid-solutions, i.e.

alloys with a base element and major/minor alloying elements, as in the case of

stainless steels discussed above (figure 2.3). The second step is to use certain alloying

additions to cast and produce the material. This recipe has led to the development

of many engineering materials with suitable and interesting properties, but this

concept of alloying has its limitations because, for example, the phase retained

may not be thermodynamically stable and precipitation of secondary phases may

even occur inadvertently. Recently, in materials science and metallurgy, HEAs have

become a new alloying concept, a new paradigm beyond terminal solid solution.

The innovative concept involves making multicomponent alloys with equiatomic

composition of the alloying elements [55].

The first scientist to assess the benefits of producing multicomponent high-

entropy alloys beyond the conventional alloying procedure was the German met-

allurgist Karl Franz Achard [56]. Achard studied several alloys with five to seven

elements in equiatomic proportions. In his book, Recherches sur les Propriétés des

Alliages Métallique published in Berlin around 1788, he studied 900 alloys made

from 11 elements and all those systems were made by choosing equiatomic compo-

sitions. Unfortunately, Achard’s work was largely ignored by the scientists of his

time as the book was written in the French language since the funding came from

Frederick the Great who wanted to impress the French government with German
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science at that time [55].

Four hundred years after Achard’s work, Brian Cantor was the first scientist

to note that no work had been carried out on alloys with several components in

equiatomic compositions [57, 58] and he was the first also to point out that mul-

ticomponent HEAs could overcome some limitations of binary and ternary alloy

systems.

In 1981 Cantor’s group had investigated the system Fe20Cr20Ni20Mn20Co20 which

forms a single FCC solid solution phase solidifying dendritically at these equiatomic

compositions (op. cit. in [55]). Between 1980 and 2000 no paper was published

regarding these multicomponent equiatomic alloys, but in 2004 Cantor’s group came

up again with a better description of the work carried out in the 80s, coining the

term “concentrated solid solution multicomponent alloys” as a new alloying concept

[57–60].

In parallel with Cantor’s work, Jien-Wei Yeh’s research group in China carried

out research on the high-entropy mixing factor as an important effect in reducing

the number of phases in high order equiatomic alloys. The creation of the name

“High-Entropy Alloys” is attributed to Yeh and also three of the four core effects

of these alloys (discussed further below) were for the first time investigated by this

group [61–63]. Regarding HEAs and their characteristics, the major outcomes of

Yeh’s work are: (a) the dendritic structure in the HEAs was seen in the as-cast

structure, (b) these alloys in general can achieve high hardness level (590–890 HV)

and (c) small additions of boron led to some increase in hardness.

The theoretical and computational design of these alloys was carried out by Srini-

vasa Ranganatthan, who spent a long time studying different ways to visualize these

high-order phase diagrams. His investigations were into HEAs, although focused on

computational thermodynamics [64]. He published a work, Alloyed pleasures: mul-

timetallic cocktails [65], where he introduced three new potential research areas for

alloys in metallurgy: bulk metallic glases, superelastic and superplastic alloys often

known as “gum metals” [66] and the HEAs [67].

High-entropy alloys have interesting properties to be explored as a nuclear mate-

rial and for general applications as well. These properties are based on five metallur-

gic concepts: performance, composition, modelling, microstructure and processing.

It is reported that in terms of performance the HEAs have high strength at room

and elevated temperatures, good wear and corrosion resistance and can be applied

as diffusional barriers [55]. They can be cast using plasma arc melting furnaces with

equiatomic (or near equiatomic) compositions. The microstructure of the HEAs is

a single-phase solid solution (either FCC or BCC), ordered precipitates or metallic

glass “cocktails” and some researchers have been exploring the possibility of mod-
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elling [55] these alloys using CALPHAD1 and ab initio methods [68, 69], Monte

Carlo simulations [70, 71] and Molecular Dynamics [72–76]. In order to assess the

irradiation behaviour of the HEAs, firstly, it is necessary to define the HEAs as

materials, exploring their four core effects and explain what is the main difference

between them and conventional terminal solid solution alloys.

2.1.1.2.2 Ideal solid solutions and binary systems

Following the Hume-Rothery rules, the interaction between different atoms is regu-

lated by the laws of thermodynamics. In this sense, a competition between entropy

and enthalpy of mixing affects the solubility of an alloy system with two or more

components. When the enthalpy of mixing (∆Hmix) is less than zero, it is expected

that an attractive interaction occurs between the atoms: this leads to an ordered

solid solution. For values higher than zero, a repulsive interaction occurs leading to

clustering and segregation; when the value is approximately zero, disordered solid

solutions are formed [47]. The Gibbs free energy of an alloy system (∆Gmix) is

defined as:

∆Gmix = ∆Hmix − T∆Smix (2.1)

Where H and S are respectively the enthalpy and entropy of mixing. In this

sense, the simplest type of mixing to treat first is when ∆Hmix = 0. For this

approximation, the resultant solid solution is ideal and the free energy on mixing is

only due to variations in entropy:

∆Gmix = −T∆Smix (2.2)

In statistical mechanics the entropy is strongly related to randomness: the fa-

mous Boltzmann equation S = k lnω, where k is Boltzmann’s constant and ω is

a measure of randomness in terms of the configurational sites where an atom may

be positioned in a lattice. For substitutional solid solutions (binary systems) with

molar concentrations of xA and xB for each alloying element [33]:

ω =
(NA +NB)!

NA!NB!
(2.3)

where Na is the Avogadro’s number for 1 mol of solutions and NA = xANa and

NB = xBNb are the number of atoms of A and B in a given configurational state.

Using Stirling’s approximation (lnn! = n lnn − n), the Boltzmann equation and

equation 2.3, the entropy of mixing for an ideal solid solution is:

1CALPHAD is a commercial software package in which is possible to draw phase diagrams
using multiple algorithms.
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∆Smix = −nR(xA lnxA + xB lnxB) (2.4)

where xA+xB = 1 and R the universal gas constant. The stability of phases and

ordered mixing are thus regulated by the Gibbs free energy (∆Gmix) and as xA and

xB are smaller than 1, the entropy is a positive term (entropy increases on mixing).

The Gibbs free energy is, therefore, for a binary alloy system given by:

∆Gmix = RT (xA lnxA + xB lnxB) (2.5)

Figure 2.4: Schematic entropy and Gibbs free energy curves for binary solid solu-
tions. The maximum of the entropy curve is reached when xB is equal xA or 0.5
wt.%. Additionally, the minimum in the Gibbs free energy is lower as T increases:
HEAs are supposed to be even more stable at high temperatures.

In a terminal solid solution alloy, the concentration of the second (or third) alloy

component is situated at the extremity of an axis in the phase diagram (e.g. Zr-

1.5Sn wt.%). Upon increasing the composition of the alloying elements, intermetallic

compounds and ordered solid solutions can be formed. When the Gibbs free energy

reaches a minimum value, it is expected that the atoms A and B are in equilibrium

and the solid solution formed is stable. In the case of regular and high-order solid

solutions the enthalpy has to be taken in account for these calculations above [33].

2.1.1.2.3 Real solid solutions

The concept of an ideal solid solution is an oversimplified explanation of the reality

of metallic alloys. In the latter case, where the enthalpy of mixing is not zero (i.e.

∆Hmix 6= 0), the equation 2.5 does not accurately represent the relationship and

effects between the Gibbs free energy with the composition of its constituents and

temperature of a certain alloy system. For this, the random solid solution picture

to represent the thermodynamic equilibrium of an alloy is not correct and the use
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of equation 2.5 to estimate the Gibbs free energy of the system will lead to a value

which is not the lowest free energy.

In real solid solutions, the actual arrangement of atoms will be established by

means of a synergistic combination between a certain state of entropy (or random-

ness) and the lowest possible internal energy of the system: with this, the minimum

free energy will be attained [33].

For example, the internal energy of a binary system can be reduced when the

number of atomic bonds between A and B is increased. In this case, the solid solution

is known as ordered substitutional. In the case where strong chemical bonding occurs

between the constituents leading to a phase with defined stoichiometry and ordered

crystal structure, it is said that an intermetallic solid solution will form. When

the number of bonds is increased between the pairs A–A and B–B, there will be

a tendency for clustering, thus the formation of A- and B-rich regions within the

alloy. In addition, due to the increasing contribution of entropy upon increasing the

temperature, the degrees of clustering and ordering will decrease accordingly [33].

Both ordered substitutional and clustering solutions will occur when the atomic

mismatch between A and B is small. When the size difference between A and B

is significant, a strain energy component of the enthalpy will be dominant over

the chemical term. For real solid solutions with large atomic mismatch between the

constituents, interstitial solid solutions are formed as they will be most energetically

favourable [33].

The relationship between composition variation and Gibbs free energy in real

solid solutions can be very complex and the curve in figure 2.4(b) does not represent

this case. This relationship can also vary to each studied system considering the

different types of alloys i.e. ordered substitutional, intermetallic phase, clustering

or interstitial solid solutions [33].

2.1.1.2.4 The concept of high-entropy alloy

When mixing is carried out with binary, ternary or even quaternary systems, the

question arises as to whether it is possible to obtain solid solution phases in the

centre of the phase diagrams (i.e. at the equiatomic condition). This is the core

question of the HEAs.

Cantor and Yeh independently made the observation that the entropy of mixing

for a binary system has a maximum when the compositions are equiatomic (or near-

equiatomic) [58, 61]. This is not a conventional approach to making alloys. At the

same time when the entropy of mixing is maximum, the configurational entropy

increases with the number of elements in a system: these facts were found to play a

major rule in the kinetics of phase formation, lattice strain and other properties of

a multicomponent and equiatomic alloy system [76].
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In classical thermodynamics, the Gibbs phase rule estimates the number of pos-

sible phases (P ) that can form at thermodynamic equilibrium in a multicomponent

alloy. The rule states that the sum of P with the number of degrees of freedom (F )

has to be equal to the number of alloying elements (C) plus 2.

F + P = C + 2 (2.6)

In equation 2.6, the degrees of freedom represent the number of independent

intensive variables that completely determine the thermodynamic state of a certain

system. Intensive variables in thermodynamics are parameters such as temperature,

pressure and chemical potential which do not depend on the size of the system [77].

In equilibrium, binary, ternary, quaternary and quinary systems cannot have

more than three, four, five, and six phases, respectively. But the number of phases

observed in alloys following the high entropy effect is significantly fewer than the

maximum number of phases expected by the Gibbs phase rule: this strongly suggests

that the large configurational and mixing entropies enhances the mutual solubility

in order to form single solid solution phases even if the diffusion in these high-order

systems is supposed to be strongly limited due the large number of different elements

[55]. However, the reasons for this are not yet well understood [59].

The definition of the HEAs is straightforward and arises as a new alloy concept

in metallurgy and materials sciences: it is a class of alloys with multiple elements,

in general four or more, all in equiatomic proportions [61]. Due to the equiatomic

composition, these materials are also known as highly concentrated solid solution

alloys. Minor elements with concentrations less than 5% are accepted in the defini-

tion. These minor additions, for example C and N, are often reported to enhance

some properties of the alloy as recently investigated by Cheng et al. and Hsueh et

al. [78, 79].

A basic principle is that at equiatomic compositions, the high configurational

mixing entropy is dominant and it is responsible for the enhancement of their sta-

bility at high temperatures by lowering the Gibbs free energy, thus improving the

phase stability of a solid solution [55, 80, 81]. This allows HEAs to be easily manip-

ulated, analysed, synthesized and processed with good control of the microstructure

and mechanical properties.

2.1.1.2.5 The core effects of high-entropy alloys

The HEAs have four core effects [63] that are responsible for their microstructure

and behaviour: (A) high-entropy effect, (B) severe lattice distortion, (C) sluggish

diffusion and (D) cocktail effects [61]. These core effects constitute the main differ-

ences between HEAs and conventional alloy systems, such as stainless steels.
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Table 2.1: Thermodynamic potentials and microstructure systems in alloys.
(Adapted from [55].)

Thermodynamic States Elemental Phases Compounds Intermediate Phases Random Solid Solutions
∆Hmix ≈ 0 Large negative Medium negative Slightly negative
∆Smix ≈ 0 ≈ 0 Medium ∆Smix = −x

∑n
i=1 lnxi

∆Gmix ≈ 0 Large negative Medium negative Slightly negative

(A) High-entropy effect In order to understand the effect of high-entropy,

firstly, the mixing enthalpy (∆Hmix) for a multicomponent system can be calculated

as described by Takeuchi, Inoue and de Boer [82, 83]:

∆Hmix = 4
n∑

i=1,j 6=i

∆Hmix
<ij>xixj +

∑
k

∆H trans
k xk (2.7)

Where xk is the mole fraction of the k component in the multicomponent system,

the term ∆Hmix
<ij> is the enthalpy (per mole) of mixing and the term ∆H trans

<k> is the

transformation enthalpy of the k component. The system is defined by the indices

i− j in the solid state.

Remembering the Gibbs free energy of mixing, equation (2.1), it is clear that

increasing the number of components in a system would lower the Gibbs free energy

as the entropy increases with the number of elements. For any alloy system, due to

the second law of thermodynamics, the most stable state is that in which the Gibbs

free energy is the lowest possible leading to three possible states: solid solution,

intermetallic or elemental phases. Stability here means that the alloy microstructure

tends to retain its properties and morphology without significant modification upon

the action of external driving forces.

Looking at table 2.1, it is notable that the high-entropy effect is evident in the

formation of random solid solutions (figure 2.5): increasing the number of elements

n, the high-entropy effect is responsible for lowering the Gibbs free energy and a

stable compound arises. The high entropy effect promotes the random solid solution

state rather than the ordered state, since it would be more stable thermodynamically.

Figure 2.5: A quaternary equiatomic alloy system (a) before mixing and (b) after
mixing to compose a HEA solid solution.
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(B) Severe lattice distortion In a HEA the multicomponent matrix of each

solid solution phase is a whole-solute matrix. Every atom is surrounded by different

atoms and it suffers from a wide range of lattice stresses and strains mainly due

the atomic size mismatch. This leads to the formation of an “average lattice” as

assessed by X-ray diffraction measurements (XRD) [55, 84].

Figure 2.6: Schematic illustration of the severe lattice distortion concept. The
atomic mismatch between the solutes causes a distortion within the crystal structure.

These lattice distortions arise for a number of reasons: (i) atomic size mismatch,

(ii) differences in the binding energy and (iii) different crystalline structures. Also

recent measurements have indicated that this effect is responsible for the enhance-

ment of the hardness and strength of the HEAs [85].

Regarding the X-ray diffraction patterns, such irregularities in the lattice may

affect the Miller planes modifying the shape of its peaks. They may also cause an

electron scattering effect reducing the electrical and thermal conductivities [55].

(C) Sluggish diffusion As a HEA in a random solid solution state is a mix-

ture of different atoms, slow (or sluggish) diffusion and high activation energy are

expected due to the large fluctuation of lattice potential energy. From recent re-

ports, it is expected that sluggish diffusion may affect phase nucleation, nucleation

and growth, the creep resistance and the response to energetic particle irradiation

[68, 69, 86–90]. As this core-effect will be investigated in this research work, further

discussion will be presented in chapters 5 and 6.

(D) Cocktail effect This concept in HEAs is attributed to a paper from

Ranganathan [64] and has caught the imagination of scientists in this area by means

of Gedankenexperiment2: the multicomponent matrix of a HEA could be regarded

as a cocktail of metallic elements. Due to processing and elemental composition

deviations (e.g. the incorporation of a minor alloying element in small quantities),

2Term from German language used to express imaginary or hypothetical experiments.
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multiple solid solution phases can form in an HEA system. Each new phase formed is

considered an HEA by itself and this “cocktail effect” has been reported to enhance

several properties of these alloys. Yeh et al. [55, 91] studied the system CoCrCuFeAl

and found that two HEA phases were observed in the system (an FCC and a BCC

phase) when the Al content was increased from 15 to 35 at.%. He also showed that

the hardness of the dual-phase HEA alloy increased by 300% when the Al content

was 15 at.%. These results were also later confirmed by Varvenne et al. [92].

2.1.1.2.6 Recent theoretical developments on the theory of HEAs: con-

figurational entropy and sluggish diffusion.

Early in 2018, a paper written by researchers at the University of São Paulo (Brazil)

and Texas A&M at College Station (USA) led by C.G. Schön, shed light on the

theoretical possibility of the configurational entropy having a very small (or even

zero) influence on phase transformations and stability for HEAs [68]. It was theo-

retically shown by means of ab initio calculations that the relevant factor behind

the observed single phase stability for these alloys is the strong competition between

alloying elements due to interatomic forces within the disordered state. The authors

proposed that the phase stabilisation in HEAs is probably caused by configurational

frustration instead of configurational entropy; however the conclusions of the authors

are based on the computational study of only one HEA system: VNbTaMoW [68,

69].

Within the context of condensed matter physics, frustration happens when atoms

have a tendency to occupy non-trivial positions within a lattice due to conflicting

interatomic forces. The conflict between different interatomic potentials is a compe-

tition where each potential favours a certain structure. The result is a very complex

disordered structure even when formed at higher temperatures (the case of HEAs).

In materials science and condensed matter physics, examples of such frustration phe-

nomena extend from amorphous to ferromagnetic materials [93–98]. Additionally,

the authors are not supportive of the idea of sluggish diffusion.

Such recent developments, therefore, demonstrate that the theory of high-entropy

alloys is still under development. Experimental evidence is needed to test the com-

putational results provided by Schön and his co-authors [68, 69].

2.1.2 Nanolayered materials

With their development driven by advances in reactive hot pressing techniques,

nanolayered materials can now be artificially produced with accurate control of both

elemental composition and final microstructure. The result is the emergence of an

entire new class set of materials with unique properties and specific applications in
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engineering, nanotechnology and industry. Additionally, nanolayered materials have

also set a wide variety of new challenges of scientific interest [99]. In this section,

the definitions and properties of the Mn+1AXn phases are discussed.

2.1.2.1 Mn+1AXn phases

2.1.2.1.1 Historical context

Carbides and nitrides were the subject of intense research during the 1960s and

1970s. Nowotny summarised in 1971 the work performed at that time on the so-

called H-Phasen [100–103], or Hägg Phases, which consisted of a series of ternary

carbides and nitrides with Si, Ge and Sn mixed with transition metals that ex-

hibited an interesting and unique set of properties [104]. Researchers at that time

catalogued almost thirty ternary carbides and nitrides which were of a similar chem-

istry following a specific formation rule: M2AX with M2X layers intercalated with

“A” early transition metals [105]. The history of the Hägg Phases changed com-

pletely upon the discovery of a new Ti-based carbide, the Ti3SiC2 that was produced

using reactive hot pressing techniques, and was considered incredibly soft when com-

pared to other carbides [106]. In 1996, Barsoum et al. reproduced the results from

the 1960s and again synthesized the Ti3SiC2 concluding that ternary carbides and

nitrides formed with the association of a early transition metal, C and/or N with

“A” elements were, in fact, an entirely new class of materials: the Mn+1AXn phases.

In Barsoum’s words “since 1996 (...) we have embarked on an ambitious program

whose goal is to synthesis and characterise all the Mn+1AXn phases” [105].

2.1.2.1.2 Definition

Mn+1AXn phases, or simply MAX phases, are a class of multilayered materials that

have been attracting the attention of researchers and scientists due to their unique

set of properties and potential applicability in the nuclear industry, particularly in

fusion reactors. They are distinguishable from other multicomponent materials due

to their unique crystal structure and by a specific mixing rule. MAX phases can be

defined as the set of layered and hexagonal carbides and nitrides that can be made

by mixing a transition metal (M), an element (A) from the 13 and 14 groups of the

periodic table with C or N (X). Crystallographically, C and N occupy the interstitial

positions, i.e. the octahedral sites of a M6X crystal structure while the A-atoms are

accommodated at the centre of the interatomic spaces of M atoms [107, 108]. A

typical MAX phase unit cell structure, that of Ti3SiC2, is presented in figure 2.7.

2.1.2.1.3 Classification

The classification of MAX phases is performed by looking at the number (n) of

M layers in the unit cell structure. For example, MAX phases with n = 2 belong
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Figure 2.7: The unit cell of the Ti3SiC2 MAX phase.

to the group 211, while when n = 3, the classification group is 312. To date,

the list of known MAX phases extends to n = 4, or the group 413 phases, where

Ti4AlN3, Nb4AlC3 and Ta4AlC3 are representatives of this group [108]. It has been

reported that the most studied groups are the 211 and 312 where the most common

M elements are V, Ti, Zr, Cr, Nb, Ta and Hf including the A elements Al, P, S, Ga,

Ge, Si, Cd, As, Tl and Pb.

2.1.2.1.4 Properties and potential applications

The nanolayered nature is responsible for most of the properties exhibited by the

MAX phases. As with conventional binary and ternary carbides and nitrides, MAX

phases exhibit strong stiffness, good thermal and electrical conductivity, low thermal

expansion and are highly resistant to chemical attack and oxidation processes [109–

111]. However, some small differences between the mechanical properties of MAX

phases compared to conventional ceramics have been found to be critical in certain

applications. Compared with TiN where the hardness is around 15–25 GPa, MAX

phases are softer, with hardness generally around 2–8 GPa. On the other hand,

MAX phases are harder than, for example, ferritic stainless steels with yield strength

approximately 45 MPa. Due to the fact that MAX phases are softer than most of

the available ceramics, they are readily machinable, less brittle and thermal shock

resistant [105, 110]. The properties and characteristics of MAX phases have been

recently reviewed by Barsoum and Radovic [110] and are summarised below.
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Atomic bonding Experimental, theoretical and computation simulations have

been recently used to assess the atomic bonding structure of MAX phases. The

current understanding is that the atomic bonding in MAX phases is a unique com-

bination of metallic, covalent and ionic [112–117]. Orbital hybridisation between

the p levels of the X elements and the d levels of the M atoms has been reported

to lead to strong covalent bonding [110] when compared with MX ceramics (e.g.

TiC). Hybridisation also occurs between the p and d orbitals of A and M atoms,

respectively. Specifically for the 211 group with Al and C, it has been reported that

a net charge transfer occurs from the Al to the C atoms [116]. Due to similarities

in atomic bonding, the MAX phases share a number of common properties across a

wide variety of known compounds in their groups [110].

Microstructural defects in MAX phases Compared with conventional ce-

ramic compounds, MAX phases have been characterised as having pseudo-ductility

at higher temperatures due to the activation of a few basal slip systems, but at

lower temperatures the brittle nature is restored [109, 118]. Regarding the response

of MAX phases to external stress, results indicate that only basal plane dislocations

(i.e. constrained to slip within the basal plane) contribute to the mechanical de-

formation of such materials, although this statement is based on reports from the

most studied MAX phase so far, Ti3SiC2. According to Barsoum et al. [110], there

is no indication that twins or non-basal dislocations participate in deformation pro-

cesses in MAX phases. Further work is needed to assess whether non-basal plane

dislocations can also contribute to the mechanical deformation of such materials

[110].

With respect to the nature of the dislocations, conventional TEM characterisa-

tion has indicated that basal plane dislocations in Ti3SiC2 have a Burgers vector

of ~b = 1/3[112̄0] with mixed edge and screw behaviour [119, 120]. The interaction

between dislocations, which plays a major role during deformation processes is also

of concern. It has been reported that the dislocations can arrange themselves into

arrays, forming low- and high-angle grain boundaries either parallel or normal to

the basal planes [110].

Elastic properties MAX phases have slightly lower hardness than most of the

conventional ceramics: for polycrystalline MAX phases the Vickers hardness values

were reported to be in the range of 2-8 GPa [110]. However, compared with metals,

for example, Ti3SiC2 is three times harder than pure Ti [110, 121]. Some mechanical

properties such as shear modulus and Young’s modulus are generally of the order

of GPa (comparable with MX ceramics). The MAX phases studied in this work –

Ti2AlC and Ti3SiC2 – have a shear modulus of 118 and 139 GPa and a Young’s
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modulus of 277 and 339-343 GPa, respectively [110]. Among the wide variety of

different MAX phases, those with Pb and Sn are generally less stiff than when

the element is Al or Si. The elastic properties of MAX phases have been recently

reviewed by Barsoum et al. [110]. In general, stoichiometry is influential in many

elastic properties of the MAX phases. This indicates that such materials could, in

principle, be engineered for specific applications where stiffness and hardness are

major requirements.

Hysteretic and nonlinear elastic behaviour MAX phases exhibit an un-

usual nonlinear hysteretic elastic behaviour meaning that the cycles of loading (ei-

ther compression or tension) are reversible and very dependent on grain size and

density [110, 122]. A model of subcritical Kink Bands (KB) has been proposed to

address such experimental observations and indicates that shear and normal stresses

are required to start interaction between dislocations which then contribute to nu-

cleation of a KB. Upon removing the load, the KB shrinks, which is in agreement

with the observed reversible nonlinear elastic behaviour, although nucleation and

growth of KBs in MAX phases is not yet completely understood [110, 123, 124].

Typical stress-strain curves showing the hysteretic and nonlinear elastic behaviour

of two Ti-based MAX phases are shown in figure 2.8.

Figure 2.8: Stress-strain cycles for (a) Ti3SiC2 and (b) Ti2AlC showing their hys-
teretic and nonlinear elastic behaviour. Figure (a) shows how the nonlinear elastic
behaviour changes with different grain sizes. In figure (b), the samples had similar
grain sizes, but different densities. (Reproduced from Barsoum et al. [110])

Room and high temperature plastic behaviour As MAX phases are of

hexagonal-compact nature, when slip through basal planes is allowed, the mechani-
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cal deformation of MAX phases at room temperature is regulated by the formation

of classic shear bands: a behaviour that resembles a metal-like compound and for

this reason, some MAX phases are known as ductile carbides [125]. It is important

to note here that shear bands can be defined as distortions in a material (usually

ductile materials) when part of a grain rotates towards another orientation in order

to accommodate the applied load [126]. Conversely, when the external load is par-

allel to the direction of the slip planes (a case where dislocation glide is limited or

does not occur), KBs are observed to form. For the latter case, delamination of indi-

vidual grains is also reported to occur [110]. However, KBs have been attributed to

the suppressed delamination behaviour of some MAX phases [125]. Coarse-grained

MAX phases of the 211 group have been reported to not fail suddenly during tensile

experiments: a phenomenon that occurs for most conventional ceramics [110].

At higher temperatures, all MAX phases suffer brittle-to-plastic transformations

(BPT) [110, 127–129]. Ti3SiC2, for example, exhibits strong brittle behaviour at

lower temperature while it can be plastic at higher temperature [130]. The BPT

transition temperature for most of the Al-containing MAX phases and the Ti3SiC2

are in the range of 1273-1373 K [110].

Potential of MAX phases for application in nuclear technology All

the properties discussed above mean that MAX phases are included in the list of

possible suitable candidate materials for structural components in future nuclear

reactors [131]. The elastic behaviour, the stability of the matrix and the complex

atomic bonding structure constitute a unique set of properties that nowadays, is

under investigation in order to assess how particle irradiation environments affect

these properties and the microstructure of the materials. Although several MAX

phases systems based on Hf [132], Zr [133–135] and Zr-Nb [136] have been proposed

for application within the nuclear technology, the literature review on the effects of

energetic particle irradiation on MAX phases will be presented in section 2.4.3 and

it is focused on Ti-based MAX phases due to the relevance of these materials for

this thesis.

2.2 Principles of radiation damage in solids

This section will discuss the main physical effects of particle radiation on the struc-

ture of solids. The physics that regulates the interaction between an energetic parti-

cle and a lattice atom can be described through ballistic processes, e.g. momentum

transfer, interatomic forces and their potentials. This section has been primar-

ily based on the detailed treatise on “Defects and Radiation Damage in Metals”

written by M.W. Thompson in 1969 at the University of Sussex [22], but modern
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concepts and references are introduced when appropriate.

2.2.1 Primary events of radiation damage

When an energetic particle impinges on a crystalline solid, collision events can take

place. If the energy transferred by the incident particle is high enough, a lattice

atom recoils from its crystal site. The recoil creates a vacancy (i.e. the absence

of an atom), and the recoiled atom is now considered an interstitial within the

crystal lattice. In other words, upon displacing an atom from its crystalline position,

an energetic particle can induce the formation of an interstitial-vacancy pair (also

known as a Frenkel-pair). The simplistic view of radiation damage in solids, is

therefore, a two-body collision phenomenon. Upon increasing the energy, the process

involves multiple binary collisions and the multiple recoils of lattice atoms will be

distributed in a cascade of defects. A cascade of defects can also be caused by the

impact of a single energetic particle with a crystalline solid [137, 138].

The interaction between an energetic particle (with mass M1 and with initial

velocity v1) and a lattice atom (with massM2 and initial velocity v2) can be described

by the conservation laws of momentum and energy. Let us first assume that the

lattice atom is not initially at rest, but it has some velocity v2 (general case). The

interaction can be described with respect to the centre-of-gravity of the system (G),

as shown in figure 2.9. Momentum and energy conservation laws give, respectively:

Figure 2.9: The collision between two bodies. Modified from [22].

M1v1 +M2v2 = M1V1 +M2V2 (2.8)

M1v
2
1 +M2v

2
2 = M1V

2
1 +M2V

2
2 (2.9)

The left terms in equations 2.8 and 2.9 are known quantities before the collision
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event. The velocities of bodies V1 and V2 after the collision are the quantities

of interest and they can be calculated, with the coordinates and velocity (vg) of

centre-of-mass taken as reference.

V 2
2 = 2(1− cosα)

M2
1 v

2
g

(M1 +M2)2
(2.10)

Using equation 2.10, the relationship between the energies before (Ei) and after

(Ef ) the collision can be expressed as:

Ef = ΓEi sin
2
(α

2

)
(2.11)

where the parameter Γ is:

Γ =
4M1M2

(M1 +M2)2
(2.12)

A head-on collision happens when α = π. This is a case where there is maximum

energy transfer between the bodies. When α = 0, no scattering occurs.

Such calculations are important to define how much energy will be transferred

to an atom as a result of an energetic particle collision. For a given combination of

particle and substrate, there is a minimum incident particle energy, Emin, at which

damage will occur. This is expressed by:

Emin =
Ed
Γ

(2.13)

The average energy that must be transferred to a lattice atom to displace it

from its crystalline position is known as the displacement energy, denoted by Ed.

For metals like Fe, Cr, Ni and Mn (alloying elements of stainless steels), the Ed is

approximately 40 eV [139, 140].

For collisions between neutrons/ions and atoms at the energies of interest in the

current work, the classical mechanics approach described here is valid. In the case

of electron irradiations, a relativistic treatment may be necessary [22]. The physical

interactions between energetic charged particles or neutrons and solid targets have

been extensively studied in theoretical physics and a detailed description involves

complex interatomic forces and potentials. Such theoretical investigations of ener-

getic particles interacting with atoms in solids started early in the 1900s with Niels

Bohr and collaborators [141, 142]. The nature of the incident particle and the inter-

atomic forces regulating such interactions are of paramount importance to describe

the radiation damage events with accuracy, but in this section focus will be given

to the phenomenological aspect of the damage events, rather than the theoretical

aspect.
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2.2.1.1 Ions colliding with solids

As an energetic particle travels within a solid, a significant reduction of its kinetic

energy is expected to occur as a function of the path travelled. Energy is transferred

to the lattice atoms by elastic or inelastic scattering. Eventually, the energetic ion

irreversibly loses kinetic energy and stops within the material [143–145]. In physics,

stopping power is the ability of a material to decelerate an energetic particle and it

is a function of the particle’s energy. The linear stopping power – for example – is

defined by the rate of energy loss per length travelled [143, 146]:

S(E) = −dE
dx

(2.14)

Figure 2.10: Representation of the contributions of both electronic and nuclear
stopping powers as functions of energy for self-ion irradiations. Modified from [147].

It has been reported that, for heavy and light ions with low energies (in the order

of keV), nuclear binary elastic collisions are predominant and the energy loss is due to

elastic scattering [22]. In this case, the collision process involves a stationary lattice

atom and an incident energetic ion. The energy loss process in this case is known

as nuclear stopping [143–145]. For light ions with medium to high energies (MeV

to GeV), the slowing down process is dominated by inelastic processes involving

interactions between the electron clouds of the target atom and ion travelling within

the solid. The energy loss process in this case is known as electronic stopping [143,

146]. The energy ranges for which the nuclear and electronic stopping powers are

dominant are shown in figure 2.10.

For the purposes of studying radiation damage in materials by using ion im-

planters and accelerators, the nuclear stopping is the most important mechanism of

ion energy loss. In the experiments reported in this thesis (30-300 keV), the nuclear
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stopping is, therefore, dominant and the collisions between the incident energetic

ions and the lattice atoms are treated as binary elastic collisions.

Figure 2.11: Collision cascades generated in Fe irradiated with several 134 keV Xe
ions: (a) depth view and (b) transverse view. Calculations were performed using
the SRIM2013Pro Monte Carlo code [148].

If the energy transfer from the ion at the moment of the collision is higher than

the displacement energy of the lattice atom, the latter will be displaced from its

lattice position creating a so-called primary knock-on atom (or PKA). Through a

nuclear collision, a displaced lattice atom (interstitial) is formed and a vacancy is

created at the original lattice site. If the energy of the displaced atom is high enough,

it may impact another lattice atom causing its displacement. This is known as the

knock-on effect and it may trigger several lattice displacements creating a chain of

collisions known as displacement cascade (as shown in figure 2.11). There is also a

case where an already displaced lattice atom collides with another atom displacing

it from its site, but itself comes to rest in that position. When this happens, the

phenomenon is known as a replacement collision [149].

2.2.1.1.1 Computational methods and ion implantation

Nuclear and electronic stopping powers for ions in matter can be determined ei-

ther by means of scattering experiments in ion accelerators, such as the Rutherford

Backscattering technique [150–152], or can also be calculated by means of Monte

Carlo simulations [153]. One of the most popular Monte Carlo codes for calculating

ion implantation ranges and radiation damage is the Stopping and Range of Ions

in Matter or SRIM [148]. Generally, prior to the design of an ion irradiation ex-

periment, scientists resort to computation techniques and software such as SRIM

to predict implantation depths, distribution of damage, ion straggling for a wide

variety of materials.

In order to simulate the ion collisions with atoms in a solid, the statistical algo-

rithm in SRIM allocates several variables input by the user. These variables include,

30



for example, the ion energy, mass, angle of incidence and thickness of the solid tar-

get. As SRIM uses a Monte Carlo algorithm, the accuracy of the results depends

on the number of ion collisions simulated. SRIM output data has been extensively

benchmarked with real experiments and cross-checked with other algorithms. Ziegler

et al. reported that in 2010 [148], the potentials used within the SRIM code were

accurately benchmarked along with 27.000 experimental data points and by this, it

is a widely accepted tool by the entire ion beam community [140, 154, 155].

2.2.1.2 Neutrons colliding with solids

A neutron is a subatomic particle with zero-charge and the interactions between

energetic neutrons and the crystal lattice are different than for charged ions [156,

157]. Nuclear reactions of concern to nuclear reactor technology can generate neu-

trons with a broad energy spectrum [158]. The interaction between neutrons and

structural materials in a nuclear reactor is the core of nuclear materials research and

radiation damage [22, 159].

Elastic collisions are the most important type of interaction for radiation dam-

age. The energy domain of typical elastic collisions (treated as “hard-spheres”)

between neutrons and matter is within 0.5–20 MeV and this is the energy range

where radiation damage via displacements of atoms from their lattice positions may

occur in structural nuclear materials. In nuclear reactors, Watt reported in 1952

that the average and maximum energies for fission neutrons from both 235U and
239Pu are 0.7 and 2 MeV, respectively [160].

At lower energies, thermal neutrons with energies around 0.025 eV are likely

to be captured (inelastic collision) by nuclei resulting into either transmutation or

activation reactions [161]. After transmutation, the released atoms may have a high

kinetic energy. By this reason, transmutation products and neutrons generated

through nuclear reactions can also generate radiation damage via elastic interac-

tions. Inelastic collisions and transmutations can also change the local chemical

composition of the materials in a nuclear reactor.

The interaction between energetic neutrons and matter is described by means of

nuclear cross-sections which are physical quantities that estimates the probability of

elastic and inelastic scattering, absorption and other types of nuclear reaction that

can be triggered by these neutral particles. Ex- and in-core materials for nuclear

reactors are primarily chosen by looking at their neutron absorption (inelastic) cross-

sections. The lower the neutron absorption cross-section for a certain material, the

lower will be the probability for neutrons of that energy to be absorbed by the nuclei

of the material, and therefore produce intense damage from transmutation products

and recoils. A material that absorbs neutrons is not recommended to be used as a

nuclear fuel cladding material as it can penalise its neutron efficiency.
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Figure 2.12: Inelastic (a) and elastic (b) neutron scattering cross-section data for
the Fe-56 isotope. Plots produced from the JEFF nuclear database [162].
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In nuclear physics, cross-sections are expressed by the unit barn, where 1 barn

is equal to 10−24 cm2. Cross-sections can vary with incident neutron energy and

temperature. As an example, the inelastic and elastic cross-sections for iron (isotope

Fe–56) – as a function of the neutron energy – are showed in figure 2.12 [162].

2.2.1.2.1 Neutron-induced nuclear reactions and impurity damage

Three nuclear reactions are of particular importance for the study of radiation

damage in solids because of their relevance within the context of the performance

of structural materials as well as the reliability and safe operation of a nuclear

installation.

Lattice atoms can absorb neutrons which may induce transmutation to a lighter

element. Alpha particles (α) can be emitted during such reactions. This type of

reaction is known as (n,α) and it may occur for a wide variety of elements exposed

to thermal neutrons, i.e. with energies around 0.025 eV. Alpha particles may be

considered as ionising radiation and their effects on biological systems have been

already catalogued [163]. In materials, alpha particles accumulate as He atoms and

can induce the precipitation of bubbles, degrading the mechanical properties of such

materials by means of an effect known as helium embrittlement [164, 165]. A similar

transmutation reaction (n,p) produces protons which accumulate as H atoms and

may lead to the nucleation and growth of H bubbles as well as formation of metal

hydrides.

The third nuclear reaction of relevance is the (n,γ) reaction in which a neutron

is absorbed by the nucleus of an element inducing its activation. The element trans-

forms into an unstable isotope emitting γ–rays. This form of ionising radiation is

highly energetic and can induce biological transformations in living systems [166].

As stated earlier, elements that undergo neutron absorption and become sources

for γ–rays are generally avoided in nuclear installations, although γ–rays can be

attenuated and/or absorbed by shielding elements [167]. For radiation damage in

structural materials, γ–rays are not of practical importance, however they may in-

duce an effect known as gamma heating which has been reported to damage the

crystal structure of diamond [168] and silicon [169].

2.2.1.3 Kinchin-Pease model

Kinchin and Pease, working at the Atomic Energy Research Establishment at Har-

well in the United Kingdom, developed a model to describe the events of radiation

damage in solids [160]. Their assumptions are firstly based on the fact that primary

knock-on atoms do not have sufficient energy to travel very large distances before

coming to rest in an interstitial position and, secondly, due to the fact that vacancies

and interstitials can recombine. Kinchin and Pease aspired to answer the following
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question: what is the number of displaced lattice atoms induced by the collisions

with PKAs? Kinchin and Pease derived an equation where the number of displaced

atoms in a monoatomic crystal is a function of the PKA energy, i.e.:

Nd = 0.4
Ē

Ed
(2.15)

Where Ē is the initial energy of the PKA and Ed is the displacement energy.

Equation 2.15 is valid only, of course, when Ē > 2Ed. The constant 0.4 was intro-

duced later by Sigmund [170] and corrects the Kinchin-Pease model to compensate

the effect of electronic energy loss.

In the case of irradiation with neutrons, Watt showed in 1952 that the fission

neutrons produced in a nuclear reactor from 235U and 239U have an average energy of

around 2 MeV and a peak at approximately 0.7 MeV [171]. Assuming that the hard-

sphere model of collisions is adequate to describe irradiation with (fast) neutrons,

the number of recoiled atoms is:

N(E)dE =
dE

Emax
(2.16)

Where Emax = ΓE is from the equation that describes a head-on collision (eq.

2.11). Regarding the number of displaced atoms, this was found to be a function of

the mass of the PKA [160]. For heavy elements, the number of displaced atoms is

simply [172]:

Nd =
Emax
4Ed

(2.17)

The ionisation limit (Lc) has to be taken in account for lighter elements as the

PKA lose all the excess energy in ionisation processes. Therefore equation (2.17) is

slightly modified to:

Nd =

(
2− Lc

Emax

)
Lc

4Ed
(2.18)

In summary, heavy nuclei can take up less recoil energy and light nuclei can re-

ceive more recoil energy, but lose at a greater proportion due to ionisation processes.

Kinchin and Pease reported that for elements such as Fe, neutrons with an average

energy of 2 MeV produce a maximum (peak) number of displacements. [160].

2.2.1.4 The Norgett–Robinson–Torrens displacement model and the def-

inition of displacements-per-atom

According to Nordlung et al. [173], the KP model established the foundations of

an early model to calculate the number of displacements by using kinetic energy
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transfer considerations and the material-specific threshold displacement energy. As

an evolution to the KP model, Norgett–Robinson–Torrens introduced a model of

displacement damage [174, 175] which allowed the estimation of the number of

displacements-per-atom (dpa) collision as a function of a given PKA energy [140].

The concept of dpa is the average number of times in which a lattice atom is

displaced from its lattice site during irradiation. In this way, 10 dpa means that

a lattice atom was displaced from its lattice position 10 times on average during

irradiation, for example.

The Norgett–Robinson–Torrens (NRT) model states that the number of dis-

placements (Nd) is a function of a damage energy (Td) which is the available kinetic

energy that could be used to generate displacements. For a single ion, for example,

the damage energy is simply the difference between the total ion energy and energy

lost via electronic interactions (ionization) [173]. The number of displacements is

then calculated according the NRT model as:

Nd(Td) =


0 if Td < Ed,

1 if Ed < Td <
2Ed

0.8
,

0.8Td
2Ed

if 2Ed

0.8
< Td <∞

(2.19)

Nordlung et al. [173] emphasises that the NRT model is essentially the KP

model (see equation 2.15) with the kinetic energy term substituted by Td in order to

consider the electronic interaction effects. In addition, the factor 0.8 was introduced

to take into account “more realistic” interatomic potentials [173].

Equation 2.19 can be used to estimate the number of vacancies (from the num-

ber of displacements) produced by a PKA. The damage energy can be calculated

using commercial software such as the Monte Carlo code SRIM-2013. The complete

description of the algorithm and the limitations of the code can be found elsewhere

[145, 148]. In this thesis, the procedure to estimate the dpa based on a certain

fluence (measured during MIAMI experiments) and using the code SRIM-2013 will

be discussed in detail later in section 3.4.3.2.

2.2.1.5 Collision cascades and thermal spikes

In a nuclear reactor and also in ion accelerator irradiation, the primary knock-on

atoms have energies in the order of a few hundred keV which is higher than the

displacement energy for most metals, i.e. 40 eV. Due to the high energies involved,

a single PKA can trigger several other collisions that will displace more lattice atoms.

The process can be viewed as a collision cascade.

For an energetic particle impinging in a solid, a large amount of energy may be
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deposited in a very small volume which can be considered melted for short period of

time [160, 176]. This is a different concept known as thermal spike (or displacement

spike) and it was proposed by Brinkmann in 1954 [159]. Within the cascade, a spike

can create a large number of defects and theoretical approach to describe collision

cascades have been proposed since the early years of nuclear technology [137, 159,

177].

Ishino et al. observed in 1983, by means of heavy ion irradiations in situ in

a TEM, by monitoring the sizes of surviving cascade-induced defects such as clus-

ters. The authors concluded, that the size of damage cascades in Au targets was

a function of the ion energy, while the shape of the cascade could be changed with

both the mass and energy of the incident ions [176]. The same authors reported

the observation of small clusters of defects constantly appearing and disappearing

in Ni as the irradiation was monitored: this was attributed to the formation of a

“cascade image” according to the authors, but obviously this is a cascade image af-

ter the collapse of the cascade as the time resolution of the Japanese system was 30

ms [176]. Some of the clusters remained in the microstructure after the irradiation

and exhibited diffraction contrast within the TEM [178, 179]. Such clusters were

also reported to occur in other materials, Au, Ag and AuCu3 [180, 181]. The same

type of defects were reported by Merkle et al. in Au samples damaged in a nuclear

reactor by fission fragments [182]. All these reported defects were attributed to the

collapse of the damage cascade when Frenkel-pairs undergo into recombination, but

not all the defects are able to annihilate and thus may form clusters. Within the

cascade, recombination occurs within timescales around pico to nanoseconds [183],

making it impossible to image the cascade in a TEM. However, the cascade can be

studied by investigating the formation of such defect clusters which is thought to be

a direct result of the so-called cascade collapse.

Observing the damage microstructure of Au with the TEM with an in situ heavy

ion irradiation facility, Muroga et al. [184] and Ishino et al. [176] observed that

temperature plays a major rule in the evolution of defects after the cascade collapse.

In the temperature range from 120 to 470 K, both the structure surviving damage

did not change. When thermal annealing of defects started to occur, at around

470 K, the cascades evolved to extended defects such as vacancy clusters, loops as

well as stacking fault tetrahedra. An interesting point made by these authors for

experiments at moderate temperature (470 K) is the fact that formation of extended

defects occurred rapidly. This indicated that the time-frame of radiation damage

events was shorter than the limits of experimental detection (≈30 ms). At higher

temperatures, the number of defects was observed to increase proportionally with

increasing temperature.

On the other hand, the thermal spikes can raise the local temperature of the
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target material up to 1000 K, but for very short time-frames, 10−11 s [159, 185].

Donnelly et al. also reported that thermal spikes caused local melting of Au, In,

Pb and Ag under Xe ion irradiation which led to the formation of craters and holes

within the materials [137].

2.2.2 Radiation-induced point and extended defects

The effects of the radiation on solids is to create defects in the microstructure of the

materials. An overview of radiation-induced defects in solids will be presented in

this section. Although some of the radiation-induced defects were briefly presented

in the previous sections, detailed description of their formation, characterisation

in the microscope and influence on the performance of the materials will also be

introduced in this section. When defects are formed in a material by its exposure to

energetic particles, the effects on its mechanical, thermal and electrical properties

are, in general, detrimental. The characterisation of damage microstructures and

the mechanisms behind their formation is of paramount importance for nuclear

engineering. Before use as a structural material in a nuclear reactor, a material has to

be tested in a wide variety of conditions [186]. Ion irradiation using ion accelerators

and neutron irradiation in materials testing reactors (MTRs) are methodologies to

investigate the effects of irradiation on solids. Post-irradiation characterisation is

often carried out with electron microscopes and by mechanical testing.

2.2.2.1 Vacancies and voids

A vacancy it is the simplest form of crystal defect (a point defect). The necessary

(thermal) energy to form a vacancy within a solid can be derived assuming that

to displace an atom from its lattice position, one needs to break all its interatomic

bonds. The energy to form a vacancy, U v
f is [22]:

U v
f ≈ Ls (2.20)

Where the Ls is the latent heat of sublimation per atom and is on the order

of a few eV for most solids. Vacancies can be thermally activated and start to

diffuse throughout the crystal lattice. When a vacancy encounters another vacancy,

a divacancy may be formed. A void is formed upon the agglomeration of several

vacancies. Supposing that a vacancy cluster, i.e. a void, has a spherical shape, the

energy necessary for its formation is approximately:

U v
f ≈ 4πr2aγ (2.21)

The parameter γ is the surface energy per unit area and ra the radius of the
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small void. For most metals with γ ≈ 0.1eV·Å−1 and ra = 1.5Å, the formation

energy has been reported to be of around U v
f ≈ 2 eV [22]. Thompson commented

that such a value will be overestimated as the collapse of a cavity under surface

tension is neglected in the derivation process of equation (2.20) [22]: the effective

potential energy of the crystal with defects will be reduced by the relaxation caused

by strains associated with the formation of vacancies and for this reason, U v
f will be

smaller.

Formation of voids in metals and alloys has been associated with embrittlement

which causes degradation not only of the mechanical properties [187, 188], but also

the thermal and electrical conductivities [189]. Voids are also influential in the

occurrence of cracks in steels subjected to irradiation [190].

Upon increasing the temperature of a metal, vacancies start to diffuse throughout

the crystal lattice [191, 192] and their activation energy for migration as well as the

enthalpy of formation can both be estimated by means of positron annihilation

in pulse heating experiments [193]. Radioactive tracers have also been employed to

measure the activation energies of vacancies of several elements since the 1950s [194,

195]. The migration energy for vacancies can be as low as 0.02 eV for sodium [196]

and as high as 3.2 eV for graphite [197], however the latter is not a consensus value.

Vacancies exist naturally in crystals (equilibrium vacancies), but they can of

course be produced by collisions with energetic particles. In the case of the formation

of vacancies as a result of irradiation, the required energy to be transferred to a

lattice atom to displace it from its equilibrium position within the lattice is around

40 eV [139]. Upon displacing atoms from their lattice positions as a result of elastic

collisions, vacancies and interstitials are created. This process is different from the

formation of thermal vacancies. The nucleation and growth of radiation-induced

voids in nuclear materials is often associated with swelling and porosity: both of

which are very detrimental to mechanical properties and the safe operation of nuclear

fuel rods [198–200].

2.2.2.2 Interstitials

After a knock-on collision, the displaced lattice atom can initially be in an interstitial

position within the crystal lattice. This interstitial atom will cause local lattice

distortion, and consequently, a large increase in the repulsive energy.

Three types of interstitial atoms have been reported to occur in crystal structures.

A dumb-bell interstitial is the case where two atoms form a pair on a interstitial site.

For face-centred cubic structures, when the interstitial occupies the largest open

space within the lattice, it is said that it is a body-centred interstitial. The last case,

a long chain of interstitials atoms aligned, is known as crowdion and it is formed in

a close-packed crystallographic direction where long-relaxations are possible [22].

38



When an interstitial atom is of the same type as the crystal lattice atoms, it

is considered to be a self-interstitial atom or SIA. Upon ion implantation, different

elements can come to rest in lattice positions, either in substitutional or intersti-

tial positions. Similarly, if the ion is the same element as the crystal lattice atom,

the process is known as self-ion implantation. SIAs can be produced by irradia-

tion/implantation, plastic deformation or thermal equilibrium at elevated tempera-

tures. Within the context of radiation damage in solids, SIAs undergo strong elastic

interactions which may be influential in radiation-related effects like void-swelling,

radiation-assisted creep and degradation of mechanical properties. Due to their

strong elastic interactions, there is also a great tendency for SIAs to form clusters

[201].

As in the case of vacancies, interstitial atoms can be activated to migrate within

the crystal lattice. Studying copper, Johnson and Brown were able to estimate the

minimum energy for dumb-bell migration in 0.05 eV [202]. Thompson noted that

for crowdions and body-centred interstitials, migration energies were approximately

the same as for dumb-bells. Regarding the formation energies for interstitials, values

have been reported to be higher than for vacancies, due to elastic stress fields: for

example, Wirth et al. reported that the formation energies for dumbell, crowdion

and vacancies in α-Fe are 4.87, 4.91 and 1.83 eV, respectively [203].

2.2.2.2.1 Clusters of interstitials

Clusters of interstitials may form during the collapse of a collision cascade. After

the energetic impact, the highly disturbed region may undergo a fast relaxation

and the short-range fast diffusion that happens during the thermal spike may allow

interstitials to diffuse, and meet each other forming agglomerates [159]. By means of

MD calculations in heavy metals, Nordlund reported that a high-density melted zone

formed during the thermal spike which suffers fast recrystallisation and creates very

large interstitial clusters [204]. Molecular dynamics simulations have also indicated

that the number of interstitial clusters increases with the cascade energy for Fe

[205]. With respect to the size of the clusters, MD simulations also indicate that the

number of defects (both interstitial and vacancies) is a direct function of the PKA

energy and temperature [206], although these processes are very dependent on the

target materials and their properties.

2.2.2.3 Vacancy-interstitial pairs and recombination (or recovery)

The collision of an energetic particle with a crystal lattice generates an equal number

of vacancies and interstitials. An interstitial atom has a strong strain field associated

with it. In the case of a vacancy, such field is of opposite sign, therefore, there

is strong interaction between vacancies and interstitials. For this reason, a close
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Frenkel pair is viewed as a type of single defect. As both defects can be activated and

start to migrate, they can also interact and recombine. Recombination of vacancy-

interstitial pairs leads to the annihilation of both point defects.

Annihilation of point defects has been reported to occur in a wide variety of

conditions within the field of research of nuclear materials [207–210]. The damage

recovery in metals and ceramics can be monitored by measuring some properties

before and after irradiation and on annealing, such as electrical resistivity [211] and

elastic parameters [212].

2.2.2.4 Impurity damage: gas bubbles

The defects that are produced or generated due to the displacement of lattice atoms

are known as displacement damage. But inside a nuclear reactor, energetic neu-

trons may also induce transmutation of atoms by means of nuclear reactions. The

transmuted elements are foreign atoms within a crystal lattice structure, and upon

diffusion, they will interact with vacancies and interstitials which may eventually

lead to clustering.

When the nuclei are inert gases, such as He from (n,α) nuclear reactions, the

occurrence of clustering will most likely result in the nucleation of inert gas bubbles

within the microstructure [137, 213–215]. The same process also happens from (n,p)

nuclear reactions which may lead to the formation of H bubbles. Bubbles are part

of an entire class of irradiation-induced defects known as impurity damage [22]. In a

solid with mobile vacancies, there will be a tendency for bubbles to grow or shrink.

Bubbles can also migrate and coalesce. The equilibrium condition for a inert gas

filled bubble in a solid is reached when the rates of arrival and departure of vacancies

are exactly the same. At equilibrium, a inert gas bubble does not grow or shrink.

A reasonable approximation from experimental observations is the assumption

that a inert gas bubble in a solid presents a spherical shape and both volume V and

surface area a are a function of its radius r,

V =
4

3
πr3, a = 4πr2 (2.22)

Upon irradiation, the departure and/or arrival of vacancies results in small

changes in the radius r and this can be expressed as infinitesimal alterations in

both V and a, expressed by:

dV = 4πr2dr, da = 8πrdr (2.23)

As a bubble can be understood to be a thermodynamic system, during its expan-

sion the pressure drives the work done by the system, pdv, and the surface energy,

γ, increases by γda. The equilibrium condition under which the bubble does not
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Figure 2.13: He bubbles formed in the microstructure of β–Zr during 6 keV He
implantation at 1148 K. (Reproduced from [217])

grow or shrink, is therefore a trade-off between the work done by the pressure and

the surface created by such work, mathematically expressed by the condition:

pdV = γda (2.24)

Substituting (2.22) into (2.23) results in:

pdV = γda→ p4πr2dr = γ8πrdr =⇒ p =
2γ

r
(2.25)

The equation (4) shows that for small radii, the pressure tends to be high, but

the process is linear with the surface energy. Donnelly [214] reviewed calculations

for both density and pressure of He gas bubbles in several metals. He reported that

for Fe, He bubbles with radii of 1, 2 and 3 nm have pressures around 39, 19 and 13

kbar, respectively, thus confirming that with increasing size, gas bubbles have lower

internal pressures.

There has been some debate in the literature on how to properly identify under-

and over-pressurised bubbles with electron microscopy. Mitchell et al. [216] carried

out 40 keV Xe implantation of β-Sn and observed the formation of small (≈ 2-3 nm)

and large (≈ 20 nm) Xe bubbles. Through calculations using equation 2.25 and an

appropriate equation of state, the authors have showed that the small bubbles were

at equilibrium whilst larger ones, could be considered under-pressurised with respect

to the calculated equilibrium pressure. However, the contrast within the TEM was

indistinguishable for both types of bubbles.
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Ultraviolet (UV) spectroscopy was used to investigate the pressures in He bubbles

in metals. Upon increasing the implantation content from 1.45 to 3.1 at.% of He in

Al, blue shift was observed in the UV spectra from small bubbles at lower fluences

implying high pressures [218]. In the case of over-pressurised bubbles, reports also

indicate that due to a strong stress field at their interfaces, it is sometimes possible

to distinguish them using diffraction contrast within a TEM [219].

2.2.2.4.1 Impact of bubble nucleation on mechanical properties of nu-

clear materials

The nucleation and growth of inert gas bubbles in nuclear reactor materials is often

associated with an effect known as swelling. Inert gases are insoluble in metals,

and for this reason, a bubble can be viewed as a precipitate that upon nucleation,

increases the volume of a material. Using the theory of bubbles and equations of

state for several inert gases, Barnes derived a model to express the total swelling of

any metal containing bubbles within its microstructure [220]:

∆V

V
=
mkT

2γ
r (2.26)

Where k is the Boltzmann constant, T the temperature of the irradiation (or

annealing), r the average radius of the bubbles, m the amount of gas in moles

contained in the bubbles and γ the surface energy of the material. For a fixed

temperature, the swelling increases upon increasing the size of the bubbles. Barnes

noted that his model has limitations on the assumption that the gas within the

bubbles obeys the perfect gas law, therefore, it is a valid model for big bubbles (in

the range of 20–50 nm) at equilibrium conditions. Additionally, it also assumes that:

(i) bubbles are of spherical shape (which is not true for all metals), (ii) deviations in

the average size is not large, (iii) surface diffusion dictates the migration of bubbles

and (iv) there is no re-dissolution of the gas into the crystal lattice (i.e. the model

does not apply for H, N and O) [220].

Within a nuclear reactor, swelling is a huge concern. For example, α-U, the

nuclear fuel base material, swells around 3% at 723 K when the enrichment level

is at 30% at a burn-up3 level of 0.18% [221]. A nuclear reactor project needs to

take swelling into consideration when designing the whole fuel assembly. If a control

or nuclear fuel rod swells severely, it can get stuck in the thermohydraulic channel

which could trigger a nuclear accident.

Inert gas bubbles also act as obstacles for dislocation motion within a crystal

causing another effect that may severely degrade the mechanical properties of nuclear

materials embrittlement. For austenitic stainless steels, it has been reported that

3Percentage of U atoms that undergo fission.
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He bubbles along the grain boundaries were responsible for reducing the ductility

of the steel significantly, thus leading to accelerated inter-granular fracture during

tensile testing of the irradiated alloy [165].

2.2.2.5 Black-spots and dislocation loops

Methods for the analysis of neutron and ion irradiated materials were developed

in the United Kingdom late in the 1950s by some pioneers in the field of electron

microscopy of metals such as Hirsch [222] and Silcox [223] at the Cavendish Labo-

ratory in Cambridge and Barnes [224], Mazey and Smallman [225] at the Harwell

Laboratories [22]. Hirsch summarised this pioneering research in a review paper in

1980s [226].

Figure 2.14: Dislocation loops and black-spots in neutron-irradiated copper at a
fluence of 6.7×1017 n· cm−2 at 308 K. (Scanned from the original article by Silcox
and Hirsch (1959) [223]).

By analysing neutron-irradiated Cu samples in an electron microscope in 1959,

Silcox and Hirsch reported the observation of small black-spots with an average di-

ameter of 7.5 nm at a dose of 6.7×1017n·cm−2 at 308 K as shown in figure 2.14.

Some of these black-spots were resolved to be dislocation loops and exhibited strong

strain fields in their surroundings. After analysing additional samples at a higher

fluence, 5.6×1018n·cm−2, the black-spots were seen to have clearly evolved into big-
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ger dislocation loops with an average diameter of 15 nm. The formation of such

small black-spots and dislocation loops in neutron-irradiated Cu was attributed to

the collapse of the displacement cascade which forms vacancy clusters that upon

growth, may evolve to dislocation loops. Radiation hardening, for these authors,

related to the (areal) density of dislocation loops and black-spots formed under irra-

diation, however, upon annealing some of these defects were observed to annihilate

[223].

Dislocation loops and black-spots in irradiated materials were observed to ex-

hibit diffraction contrast. Tilting electron-transparent specimens within the electron

microscope showed that their contrast changed and this has been attributed to the

effect of strain fields caused by these defects within the lattice [222, 226]. The term

“loop” was due to the fact that, upon tilting, such defects exhibited an elliptical

annular shape [22].

Smallman and Westmacott also observed the formation of dislocation loops and

black-spots in quenched, neutron- and ion-irradiated Al specimens. For this metal,

neutron irradiation at room temperature gave rise to no defects. Upon increasing

the irradiation temperature, defects were visible within a TEM, thus suggesting that

the mobility of point defects such as interstitials and vacancies plays a major role

in the formation of dislocation loops and black-spots [224, 227].

In general, the evolution of black-spots and dislocation loops in a wide variety of

irradiated metals and ceramics can be summarised as follows: (i) the sizes increase

upon increasing both the irradiation temperature and dose, (ii) the areal density

in the TEM increases with the dose, but can decrease with temperature (due to

recovery), and (iii) their nature is associated with events of the displacement cascade

and migration of vacancies and interstitials [228–233].

2.2.2.5.1 Impact on the mechanical properties of metals and alloys

Formation of black-spots and dislocation loops in metals and alloys exposed to

energetic particle irradiation is often associated with a hardening phenomenon which

strongly affects their elasto-plastic properties. An expanded review on the effects of

radiation damage on mechanical properties of materials goes beyond the scope of

this thesis, but complete and detailed reports can be found elsewhere [234].

Makin and Manthorpe carried out tensile measurements on neutron-irradiated

Cu and showed that the formation of black-spots and dislocation loops strongly

increased the yield stress compared with the pristine samples. The measurements

indicated that, as the irradiation dose increased, the metal lost its ability to plas-

tically deform. The material became brittle, and this effect is known as irradiation

hardening [235]. As studied by Blewitt in 1962, the yield stress of Cu increases upon

increasing both the irradiation dose and temperature [236]. This observation was
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also later confirmed by Diehl, Leitz and Schilling [237].

Seeger proposed an explanation of the irradiation hardening effect. He suggested

that the presence of damage zones due to the displacement cascades, prevented the

free movement of dislocations which explained the increase in the yield stress [238–

240]. Possible ways for a dislocation loop to overcome the potential barrier for free

movement within a damaged region would be the application of external stresses or

by means of thermal activation. The application of the Seeger model was successful

for a wide variety of irradiated materials and alloys, although the model has been

improved with additional experiments over the years [241].

Figure 2.15: The curves of engineering stress-strain obtained with irradiated 300-
series stainless steels (extracted and adapted from Garner et al. [242, 243]): (a)
AISI-316 irradiated in the HFIR around 373 K and tested at room temperature, (b)
AISI-316 irradiated in the HFIR around 623 K and tested at 561 K and (c) EC316LN
steel irradiated around 373 K in the LANSCE spallation source with mixed neutron
and protons spectrum and tested at room temperature. The graph in (d) shows
the contribution of different types of irradiation-induced defects to embrittlement of
300-series stainless steels as a function of the tensile testing temperature (extracted
and adapted from Pawel et al. apud Garner [243]).

Garner et al. [242] performed tensile testing on neutron-irradiated samples of
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the AISI-316 alloy in order to investigate the interaction of irradiation-induced de-

fects with moving dislocations by means of assessing the mechanical properties.

The irradiation was performed in the HFIR. When the AISI-316 and the EC316LN

steels were irradiated around 373 K and mechanically tested at room temperature,

it was observed that the yield strength increased upon increasing the dose as shown

in figures 2.15(a) and 2.15(c): as noted by Garner [243], the increase of the yield

strength saturates at dose levels around 10 dpa following a similar observed sat-

uration of irradiation-induced defects on a microstructural level. When the yield

strength increases upon irradiation, the alloy loses its initial ductility and becomes

more brittle. Conversely, concentration of irradiation-induced defects is expected to

decrease when the irradiations are carried out at higher temperatures as shown in

figure 2.15(b) for the AISI-316 steel: in this case, as the dose increases, the engi-

neering stress-strain curve from the irradiated samples is very similar to that of the

unirradiated sample.

Pawel et al. (apud Garner [243]) carried out detailed microstructural charac-

terisation along with tensile testing on AISI-316 samples under irradiation in or-

der to identify the contribution of different types of irradiation-induced defects to

the embrittlement effect. In figure 2.15(d) one can see that defect clusters (black-

spots) are dominant over the low temperature regime whilst cavities and Frank loops

contribute to a “peak strengthening” (saturation) around 573 K. When radiation-

induced segregation becomes significant at temperatures around 623 K, the yield

strength increases even more as a result of the formation of nanometre-sized pre-

cipitates under irradiation. For temperatures higher than 773 K, the yield strength

decreases as the saturation of irradiation-induced defects also decreases. Fast re-

combination of point-defects plays a major role when metallic alloys are irradiated

at high temperatures [242, 243], thus reducing the formation of extended defects.

The irradiation also affects the fracture toughness of metallic alloys. Observing

the effects of irradiation on Nb – a ductile metal – it was found that the forma-

tion of dislocation loops and black-spots was also associated with brittle fracture

upon application of stress at low temperatures. This was associated to an important

mechanism known as the ductile-brittle transition [244]. The temperature at which

it occurs is known as the ductile-brittle transition temperature (DBTT). In steels,

the irradiation increases the DBTT to above room temperature [245] and as a result,

the chances of brittle fracture considerably increases as the alloy becomes less ductile

[246]. This phenomenon is also widely studied outside the nuclear technology field.

By etching fracture surfaces of pure and single-crystal Si, the DBTT was reported

very sharp and to occur in a very narrow temperature range, less than 263 K [247]:

at the transition temperature, Samuels and Roberts reported that the samples frac-

tured in a brittle manner, but in a fracture stress 80% greater than a “base level”.
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This effect was associated with the high concentration of dislocations around the

front of cracks [247, 248]. In ferritic steels the DBTT was reported to vary with

both microstructure and strain-rate, however, in general, it is centred around of 223

to 273 K [249]. This phenomenon is still the subject of intense research materials

science [250].

2.2.2.6 Stacking faults

The accumulation of vacancies and interstitials in clusters can also result in the

formation of another type of defect known as a stacking fault (SF) [251–255]. A SF

is considered a crystallographic disorder of the stacking sequence: a planar defect.

For example, in an hexagonal close-packed (HCP) crystal structure, the stacking

sequence is ABABABABA. If the stacking sequence is disordered, i.e. the atoms in

the first layer are not placed right under the atoms in the first layer, the sequence

becomes ABCABCABC which is the close-packed direction of FCC crystals [111].

When this happens, a SF is observed in a HCP crystal [256]. Both temperature and

local composition affect the stacking fault formation energy [225, 248, 257]. As in

the case for the other types of radiation-induced defects discussed above, SFs have

been also reported to affect the mechanical properties of materials [258].

2.2.2.7 Radiation-assisted atomic migration: elemental segregation

The generation of Frenkel-pairs caused by the displacement cascade can significantly

change the local thermodynamic equilibrium of a material. This is particularly im-

portant for those materials and alloys whose matrix phase is in a metastable/unstable

condition. The large number of vacancies and interstitials produced by multiple

atomic collisions and displacement cascades will result in a non-equilibrium process

where the local composition of the target material will be changed by means of the

irradiation-assisted diffusion of these point defects. Such assisted diffusion of defects

will induce the segregation of atoms of the target material to sinks, preferentially

at grain boundaries. This effect is known as Radiation-Induced Segregation (RIS)

[177, 259–269].

RIS is a phenomenon that occurs significantly at specific dose levels and tem-

peratures. RIS occurs predominantly for multicomponent alloys. Recovery and

annihilation, segregation and recombination will compete and RIS only dominates

at specific doses and temperatures depending on the target material. Thermody-

namic potentials and activities between alloying elements and the interaction with

the vacancies and interstitials migrating within the microstructure will define which

portion of the alloy composition is going to change [270, 271]. In austenitic stain-

less steels, Wiedersich-Okamoto-Lam-Bruemmer developed an asymptotic model in
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Figure 2.16: Irradiation temperature versus damage rate diagram which illustrates
the region where RIS significantly occurs for austenitic stainless steels. (Modified
from [272].)

which RIS is a function of the dose rate and the irradiation temperature as shown

in figure 2.16: in-between back diffusion of vacancies and recovery of Frenkel-pairs,

RIS can occur in austenitic stainless steels when subjected to energetic particle

irradiation [271–273].

Attempts have been made to explain RIS based on the Inverse Kirkendall (IK)

effect [273]. In materials science, the Kirkendall effect occurs in a diffusion couple

made two different materials A and B: as the flux of A and B atoms are different,

a vacancy flux will occur in the couple in order to balance the interdiffusion of

both elements [191]. In the case of IK, when a vacancy flux is pre-existing in a

material (often generated by external actions e.g. irradiation), the interdiffusion

of A and B will be affected [191, 274]. To model RIS, Perks et al. assumed the

IK effect and solved the equation describing the balance of point defects in an

austenitic stainless steel (Fe–Cr–Ni) in a foil with one grain boundary [275]. The

Perks model was further modified by Allen et al. [276] to take into account the local

atomic configuration as well as to better accommodate both dose and temperature

in irradiated austenitic steels. According to Wharry et al. [277], the Perks model

and its modification by Allen et al. have described with accuracy some experimental

results on RIS for such steels. Phase transformations and precipitation induced by

irradiation are common consequences of RIS in multicomponent alloys [272].
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2.3 Methodologies for radiation damage investi-

gation in solids

As described in section 2.2, the study of radiation damage consists (at a funda-

mental level) of inducing atomic lattice displacements in materials as a result of

energetic particle collisions followed by appropriate post-irradiation characterisation

techniques to assess the effects of such energetic collisions from either a microstruc-

tural or mechanical perspectives. Often, three experimental methodologies are used

to carry out investigations of radiation damage effects within the scope of nuclear

materials: neutron, ion and electron irradiations. In this section, such radiation

damage techniques are briefly reviewed and a critical comparative framework on

their similarities and differences is outlined.

2.3.1 Neutron irradiation using materials testing reactors

In order to generate a high flux of neutrons that allow the investigation of radiation

damage within reasonable times, a materials testing reactor is required. An MTR is

a special type of high-power research nuclear reactor designed to operate an intense

flux of neutron radiation that can be used to investigate the effects of energetic

neutral particle irradiation in materials [278]. These reactors can operate with

different neutron fluxes at different in- and ex-core positions, thus allowing radiation

effects research to be conducted with different intensities as well as for a wide range

of purposes such as structural materials, materials for cooling systems and also

radiation shielding materials [279].

The methodology of investigating the effects of energetic neutron irradiation

within MTRs consists of irradiating the materials within the reactor and post-

analysing them in radiological laboratories (often known as “hot laboratories”) as

the exposure to neutron fluxes can induce transmutation nuclear reactions where

the initial material can become a source of ionising radiation.

Currently, there is a limited availability of MTRs worldwide [280]. The United

States has only two MTRs that can generate radiation damage at a maximum rate

of 8 dpa·year−1 [280]. Conversely, the BOR-60 nuclear reactor in Russia is capable of

irradiating materials with dose rates from 5 to 26 dpa·year−1 with an average neutron

energy from 40 to 350 keV depending on the irradiation position with respect to the

reactor’s core [280, 281].

According to Was et al. [280, 282], MTRs are not capable of producing radia-

tion damage doses faster than those already generated in commercial nuclear reac-

tors which poses a challenge to discover and study – in advance – some problems

associated with radiation damage effects in structural materials during the enve-
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lope of normal operation of commercial reactors. In addition, due to the high costs

associated with the operation of MTRs and the high radioactivity levels observed

in materials after neutron irradiation, the use of MTRs faces several challenges to

support the accelerated discovery of new materials for the nuclear industry [280,

282]. Despite these facts, to be considered safe for use in a commercial reactor by

regulatory agencies, nuclear materials must be tested in MTRs in a wide variety of

conditions to receive licensing.

2.3.2 Ion irradiation using particle accelerators

Historically, the use of ion beams to investigate the effects of energetic particle irradi-

ation in materials is in the origin of the nuclear reactor technology. As mentioned in

section 2.2, several historic studies performed with ion beams in the 1960s identified

(before MTRs) how energetic irradiation modifies the microstructure of a material

at a fundamental level. In contrast with nuclear reactions promoted by neutrons

in an MTR, the interaction between an energetic incident ion with matter is medi-

ated mainly via screened Coulomb interactions which are also capable of displacing

lattice atoms from their positions.

Ions can be generated and accelerated to very high speeds in particle accelera-

tors and there are numerous advantages on the use of ion beams to study radiation

damage when compared to MTRs. Firstly, the damage rates can be many orders of

magnitude higher than MTRs meaning that high doses can be achieved in hours or

days instead of years or even decades in MTRs [280, 282]. This is particularly impor-

tant to investigate potential nuclear materials within the context of generation IV

reactors which are currently in the design process to operate up to doses in the order

of 200-500 dpa [280, 282]. Secondly, ion beams induce negligible (proton irradiation)

or no (heavy ion irradiation) atomic transmutation resulting in samples that are not

radiological activated [280, 282]. The latter implies that post-irradiation characteri-

sation of ion beam irradiated samples do not require the use of hot laboratories which

significantly reduces the costs associated with such characterisation. Thirdly, ion

irradiation allows experiments to be performed with careful control of temperature,

damage rate and levels when compared with MTRs. In addition, the possibility of

combining two or more ion beams in a single ion irradiation experiment allow the

investigation of displacement damage generation with either pre-implantation or

concurrent implantation of impurity damage for example to study inert gas bubbles

nucleation and growth (caused by transmutation in a nuclear reactor as described

in section 2.2.1.2.1) [280, 282].

Despite the advantages, the study of radiation damage with ion beam technology

faces several challenges. One of the major challenges according to Was et al. [280,
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282], involves the acceleration of damage in materials as the dose rates involved in

ion irradiation experiments are significantly higher than in MTRs and commercial

nuclear reactors. By this, the response of the microstructure to such accelerated

damage rates must be considered when using ion beams [280, 282]. Mansur devel-

oped a theoretical invariance theory to address the accelerated damage rates achieved

in ion beam irradiation when compared with reactor-like conditions [283–285]. In his

model, Mansur stated that changes of microstructural processes during irradiation

in a reactor, such as radiation-induced segregation and void nucleation and growth,

can be investigated similarly with ion beams by an appropriate selection of irradia-

tion variables. For both RIS and void formation, Was et al. observed that the high

damage rates in an accelerator can be compensated for by increasing the tempera-

ture of the material, in order to achieve similar conditions of those experienced in a

nuclear reactor [283–285]. In this sense, high damage rates imply fast annihilation of

vacancy-interstitial pairs through recombination and an increase in the irradiation

temperature could compensate this effect by promoting either loss of point defects

to sinks or their capture by extended defects [283–285]. Such differences in damage

rates by ion beams and nuclear reactors indicate that extended defects will nucleate

at different damage levels, although to date, the existing number of computational

and theoretical works to guide such comparisons remains limited [283–285]. Despite

these differences, recent validation studies on austenitic stainless steels with proton

irradiation at 633 K steels were found to replicate similar neutron irradiated mi-

crostructures at 548 K [280]: the size of dislocation loops as well as Ni, Si and Cr

segregation profiles generated due to proton irradiation match remarkably well with

neutron irradiations at lower temperatures point out the validity of the theoretical

approach developed by Mansur to emulate neutron irradiation with ions [283–285].

On the use of ion beams to investigate the effects of radiation damage in materials

using a microstructural perspective, two methodologies can be used: (1) materials

can be irradiated using accelerators and then samples are produced after irradiation

in order to carry out ex situ post-characterisation with existing microscopy methods

(such as TEM, SEM and AFM); (2) materials can be irradiated in ion accelerators in

situ within a TEM which allows the real-time monitoring of the microstructural re-

sponse to irradiation and its evolution as a function of several irradiation parameters

such as dose and temperature. In the work reported in this thesis, the methodology

of ion irradiation with in situ TEM is used and proposed as a technique to rapidly

investigate potential nuclear materials under extreme irradiation conditions.
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2.3.3 Electron irradiation

Electrons are also used to investigate the effects of irradiation in materials. For

example, high-voltage TEMs can produce electron beams with energies around 1

MeV and allow irradiation experiments to be performed in situ [286]. One of the

major differences between ion, neutron and electron irradiations lie in the morpho-

logical aspects of the displacement cascades. This can be schematically viewed in

figure 2.17 [286] in which different energetic particles with same incident energy (1

MeV) into a pure Ni target. Whilst neutrons and ions can generate dense defect cas-

cades with high potential of recombination, electrons can induce the generation of

a few Frenkel pairs with a low probability of recombination [286]. This implies that

electron irradiation has a higher capability of producing a low-population of “freely

migrating” point defects that can significantly affect processes such as radiation-

induced segregation and void growth [286]. Electron beam irradiation has been

successfully applied in different types of nuclear materials, such as graphite [287], as

a surrogate for neutron irradiation and also to simulate the effects of lengthy and

expensive neutron irradiations.

2.3.4 Critical comparison between methodologies

It is evident that ion irradiation cannot fully replace neutron irradiation when li-

censing new materials for nuclear technology is a primary concern. However, ion

irradiation can be used as an alternative tool to investigate the effects of energetic

particle irradiation in materials at a fundamental level. For example, if a material

is observed to fail to sustain its microstructural integrity under ion irradiation, it

could be discarded for future irradiations in an MTR, thus saving enormous time,

research funding and efforts.

At the same time, ion irradiation methodologies are now evolving to cope with

complicated damage rates and temperature transients that structural materials can

experience whilst in commercial nuclear reactors. Even proton irradiation with

in situ corrosion has been investigated thus allowing synergistic processes to be

investigated whilst under irradiation [288]. By this, the number of studies that are

aimed to compare neutron irradiated with ion irradiated microstructures of the same

material has increased considerably in the past few years [280, 282]. This emphasises

the current use and future improvements of ion beam technology as a predictive tool

for radiation damage effects in materials under reactor-like emulated conditions. In

addition, the possibility of observing the microstructure of a material whilst under

ion irradiation – as allowed via ion irradiation with in situ TEM techniques – can

be viewed as an even more useful experimental methodology for fast screening of

potential nuclear materials as several experiments can be carried out in a matter of
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Figure 2.17: Morphologies of defect cascades for different types of energetic particles
with same incident energy (1 MeV) into a pure Ni target. T̄ represents the average
energy which is transferred to a PKA and ε is defined as the efficiency of producing
point defects available to migrate and affect RIS and RIP effects. Extracted from
Was et al. [286].
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hours. A general comparison between neutron and ion irradiation methodologies is

presented in table 2.2.
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2.4 Review of radiation damage in multicompo-

nent alloys and MAX phases

This section reviews radiation effects in the materials and alloys investigated during

this PhD research. The focus here is on the effects of energetic particle irradiation

on the microstructures of the materials, although the impact of the defect generation

on the physical and chemical properties will also be discussed where appropriate.

A review on the effects of irradiation in austenitic stainless steels is firstly pre-

sented with focus on the AISI-348 steel which will be irradiated in this thesis and the

results will be compared with the FeCrMnNi HEA. This comparison is justified as the

steel has the same elements as the HEA in solid-solution, but not in equiatomic com-

position, therefore, it can be considered a “low-entropy” version of the FeCrMnNi

HEA. This comparison is also aimed at revealing whether the core-effects of HEAs

are responsible for superior radiation tolerance. Then, the state-of-the-art on the

radiation response of HEAs will be reviewed in subsection 2.4.2. The last subsection

2.4.3 contain a detailed review on the effects of energetic irradiation of the Ti-based

MAX phases.

2.4.1 Austenitic stainless steels

The effect of energetic particle irradiation on austenitic stainless steels has been

recently reviewed by Garner [243] and in the 1990s by Lucas [289]. Among the

diverse number of austenitic stainless steels commercially available, the alloys grades

304 and 316 have been subjected to several studies within the scope of nuclear

engineering due to their importance for advanced gas cooled reactors (AGRs) in the

United Kingdom and LWRs in the United States [243, 290].

In general, upon exposure in nuclear reactor conditions, the austenite phase

(γ–Fe) undergoes several microstructural modifications. Such effects have been at-

tributed to the fact that the γ–Fe phase corresponds to a metastable thermody-

namic state inherited from processing and the large cooling rates which follow it

[291]. These irradiation-induced microstructural alterations produce a final damage

microstructure with new phases that are not commonly found in equilibrium phase

diagrams [243].

2.4.1.1 Damage microstructure under neutron irradiation

The generation and survival of vacancies and interstitials in austenitic steels due to

neutron collisions in a reactor are dependent on the irradiation temperature. For

most commercial AGRs, the operational temperature (coolant outlet temperature)

is around 913 K while for structural components in LWRs, the temperature is around
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600 K. The generation, migration and recombination of point defects will be strongly

enhanced by the irradiation at these temperatures.

In such stainless steels, interstitials generally diffuse faster than vacancies, al-

though under irradiation, both processes are accelerated [243, 292, 293]. The fast

diffusion of interstitials promotes the agglomeration, nucleation and growth of black-

spots, dislocation loops and dislocation networks that are in one- (except disloscation

networks) or two-dimensions [294]. The formation of such two-dimensional defects

strongly affects the mechanical properties of the austenitic steels. It has been re-

ported that the yield strength, for example, increases by around 75% upon increasing

the neutron fluence from 1017 to 1018 n·cm−2. Ductile stainless steel thus becomes

hard and brittle after irradiation [243, 295, 296].

Regarding the diffusion of vacancies under irradiation, their agglomeration causes

the nucleation of voids, and in combination with He generated through (n,α) and H

from (n,p) nuclear reactions, the nucleation of inert gas bubbles has been reported

[214]. For austenitic stainless steels, the transmutation gives rise to the transforma-

tion of Mn to Fe, Cr to V and B to Li and then He [243]. Alloying elements like

Ni undergo (n,α) reactions for neutron irradiation with an energy range of 6 to 20

MeV, therefore contributing to the formation of bubbles [295, 297–300].

The damage caused by (n,α) nuclear reactions can be estimated using a ratio

known as the He/dpa, i.e. the concentration of He generated per dpa. Alpha

particles from transmutation reactions have high energy (≈ 5 MeV), thus they

are also considered sources of displacement damage. According to Garner [243],

in austenitic steels (Fe-Cr-Ni), alpha particles generated via transmutation of 59Ni

are responsible for 95% of the damage associated with transmutation. The reason

is the high probability (cross-sections) of (n,α) and (n,p) reactions for 56Ni and

its isotopes. In comparison, for fusion reactors the He/dpa ratio will be around

3-10 appm He/dpa. In LWRs the ratio is approximately 15 appm He/dpa and

for fast reactors, 0.1-0.3 appm He/dpa [304–306]. The continuous He generation

and its association with vacancies induces the formation of He bubbles within the

γ–Fe phase: thus, alpha particles also causes impurity damage. The migration

and/or nucleation of He bubbles at the grain boundaries of the austenite phase

has been associated with a process known as irradiation-assisted stress corrosion

cracking (IASCC) where intra-granular cracks may occur in the steel as result of the

embrittlement effect caused by the He bubbles in the microstructure [243, 307].

The enhanced production and migration of point defects have also been associ-

ated with elemental segregation in these steels. The consequence is the formation

of radiation-induced phases that sometimes, for certain alloys within the 300-series

class, are not present in the equilibrium phase diagram [293, 308]. The formation

of non-equilibrium phases (rather than thermodynamically expected phases) within
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Figure 2.18: (a) Radiation-induced voids (light contrast) and M23C6 precipitates
(dark contrast) formed in an austenitic stainless steel neutron-irradiated at 653 K
up to 21.7 dpa (reproduced from [301]) and (b) dark-field TEM micrograph showing
voids, dislocation lines and networks in an neutron-irradiated austenitic stainless
steel up to 15 dpa at 743 K (reproduced from [302]). Micrograph (c) shows the
formation of the G-phase under neutron irradiation up to 11 dpa at 723 K for an
austenitic stainless steel (reproduced from [303]). Note: the scale bar in (c) also
applies to (b).
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the austenite matrix as a result of irradiation can be attributed to the favourable

thermodynamic conditions that can be attained by means of the introduction of

point defects in excess (resulting in enhanced solid-state diffusion via vacancies, but

also interstitials) and the huge amount of energy which is stored in the lattice as a

result of the irradiation.

In order to explain such segregation, diffusional models have been proposed. At

low to moderate irradiation temperatures, in the range of 473 to 823 K, a super-

saturation of vacancies and interstitials is expected under irradiation. The excess

of vacancies, for example, accelerates all diffusional processes related to this type of

defect. Due to such diffusion, solutes can bind with vacancies or interstitials. Such

binding induces a flux of alloying elements throughout the microstructure due to

differences in the concentration gradients of defects which will result in segregation.

This is known as the solute-drag model. For some elements like as P, Si and N, this

model has been observed to agree with experimental observations [243, 271].

A more complex model was derived from the inverse Kinkendall effect [269]. In

this case, each solute is considered to have its own elemental diffusivity and by

means of vacancy exchange, elemental segregation occurs (preferentially) for the

solute species which has the slower diffusion coefficient. Segregation is observed to

occur primarily at sinks, such as grain boundaries and precipitates. Experiments

indicate that among the alloying elements in austenitic stainless steels, Ni is the

most prone to segregate as DCr > DFe > DNi [309].

A large number of phases have been reported to form in the AISI-316 in irradia-

tion environments: Ni3Si (γ′), G-phase (M6Si16Ni7), needle-like phosphides, M23C6

(τ -carbide) and M6C precipitates [303]. Very often, the radiation-induced phases

differ from the phases formed during thermal ageing with respect to microstructure,

composition and nucleation dynamics [243, 303]. The damage microstructures of

some austenitic stainless steels showing voids, secondary phases and displacement

damage are exhibited in figure 2.18(a-c), extracted and reproduced from multiple

sources [301–303, 310].

When the microstructure of an austenitic stainless steel changes under irradi-

ation, its initial mechanical and thermal properties also change which may pose a

deep concern for the nuclear industry. In general, materials for nuclear reactors

and installations should be as stable as possible. In designing a structural mate-

rial component, nuclear materials scientists try to find the best material to fit an

appropriate envelope of conditions for its application aiming at mitigating possible

failures. For this reason, austenitic steels are still applicable in the nuclear industry,

but the nuclear fuel rods claddings made from these alloys have limited lifetimes

(three years in general for LWRs) and are often changed during the nuclear reactor

core refuelling.
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2.4.1.2 Damage microstructure under ion irradiation

Neutron irradiation experiments are often carried out in specific MTRs. Due to the

costs and long times associated with such experiments, ion irradiation is an alterna-

tive to explore the effects of irradiation on materials and alloys. The methodology of

using ion irradiation prior to testing a new austenitic steel under neutron irradiation

can be justified using the argument that, if the new material does not exhibit good

radiation resistance under ion implantation, it can almost certainly be discarded as

needing testing in a MTR. However, some authors have argued that ion irradiation

often produces “artefacts” such as very high displacement damage and ionisation

rates, primary knock-on atom energies different than those generated by neutrons,

C contamination that make it difficult to compare ion and neutron induced dam-

age [311]. It is clear that ion irradiation cannot entirely reproduce and/or replace

neutron irradiation experiments and nor will it fill the validation requirements from

regulatory agencies for the use of materials in reactors, but it can be used for first

screening of a certain material prior sending it for expensive experiments at MTRs

[29]. Therefore, it should be noted that the roots of the radiation damage research

are back in the late 1950s when ion irradiation experiments on Cu, Al and Au targets

were used to explore the effects of energetic particle irradiation on crystal structures.

Much of the knowledge in the field of radiation damage are due to pioneering studies

with ion beams [22, 226].

Several works have been focused on the ion irradiation resistance of 300-series

stainless steels. Both AISI-304 and 316 have been irradiated with 160 keV Fe ions

up to 5 dpa at 573 K and the authors reported the observation of black-spots,

dislocation loops and lines and networks. The results were in good agreement with

published data on neutron irradiation of the same alloys [243, 303, 312]. Another

study with AISI-316L and a prototypic FeCrNi alloy, both austenitic stainless steels,

investigated the ion irradiation behaviour in situ within a TEM at 773 K with 4

MeV Au ions [313]. The authors reported the formation of black spots as well as

dense networks of dislocations and voids. The mean sizes of the loops exhibited

a saturation behaviour upon increasing the dpa: similarly to the case of neutron

irradiations [313]. Void swelling in two austenitic steels, Fe-15Cr-15Ni and Fe-25Cr-

15Ni, has been observed after irradiation with 2 MeV Fe at 873 K [314]. Void

swelling is a concern in neutron irradiated materials and it has been demonstrated

that this also can be studied using self-ion irradiation.

Similarly, a self-ion irradiation study using Fe ions with an energy of 10 MeV

analysed the irradiated microstructure of AISI-316 at 573 K. Atom probe tomogra-

phy (APT) imaging of the irradiated material revealed the occurrence of radiation-

induced segregation similiar to that seen in neutron irradiation experiments. Si and
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Figure 2.19: Comparison between neutron and proton irradiation on AISI-316 steel
samples showing: (a) the profiles of RIS for Cr, Ni and Si measured on a grain
boundary and (b) the evolution of the yield strength (assessed via hardness and
shear punch tests) as a function of the irradiation dose. (Adapted and extracted
from Was et al. [319]).

Ni were observed to segregate at grain boundaries [315]. These authors also com-

pared their results with neutron irradiation data and found good agreement with

previous reports for this alloy. Solute segregation in austenitic stainless steels has

also been observed under electron irradiation [316], and under He [317] and proton

irradiation [318].

In some specific austenitic stainless steels, ion irradiation has been used as a

technique to replicate or emulate neutron irradiation. Was et al. [319] carried out

a detailed investigation on the validation of neutron irradiation by using energetic

proton beams on AISI-316 steel samples. As shown in figure 2.19, the profile of

radiation-induced segregation of Cr, Ni and Si as well as the evolution of the yield

strength upon increasing the dose for both neutrons and protons were found to

be in excellent agreement. It was proposed that when using protons to emulate

neutron irradiation on austenitic stainless steels, it is necessary to slightly increase

the irradiation temperature in order to attain similar diffusion kinetics aiming at

compensating the higher damage yield promoted by protons.

2.4.1.3 The austenitic stainless steel AISI-348

The AISI categorises the stainless steel 348 as an Fe-based alloy with 19Cr-11Ni-

2Mn (wt.%) fully austenitic at room and high temperatures [320]. The AISI-348

belongs to the 300 series of steels and it is similar to the widely used AISI-316. The
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Figure 2.20: Tensile testing carried out in AISI-348 steel samples after neutron
irradiation in the ATR showing the (a) yield strength, (b) ultimate tensile strength,
(c) total elongation and (d) uniform elongation all as a function of the fluence.
(Extracted and plotted from Beeston et al. [321])

differences lie in the presence of the elements Nb and Ta in minor concentrations,

that are added into the AISI-348 to capture C from solid solution thus enhancing the

corrosion properties of the steel by avoiding the formation of M23C6 carbides, ob-

served to nucleate preferentially at grain boundaries and which are often associated

with intergranular stress corrosion cracking [32, 43].

AISI-348 has excellent corrosion and mechanical properties for applications at

high temperatures, generally above 950 K, making the steel suitable for use in aero-

engines, turbochargers and in oil and gas pipelines [323]. The improved corrosion

resistance made this steel a potential candidate for structural components in nuclear

reactors. At the beginning of LWR technologies in 1960s, AISI-348 was applied as

the nuclear fuel cladding material in the Yankee Rowe (USA) nuclear reactor [26],

but its use was phased out upon the discovery of irradiation-assisted stress corrosion

cracking in nuclear grade stainless steels in the 1980s and because of the advent of
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Zr alloys which gave better neutron efficiency (lower thermal neutrons absorption

cross-section) for LWRs. Recently, some authors revisited austenitic stainless steels

for possible applications in LWRs instead of Zr alloys in which the corrosion at high

temperature produces hydrogen gas during a loss of coolant accident (LOCA) [324].

According to Garner et al. radiation resistance data for AISI-348 at high doses

are scarce and are not available in the scientific literature [325]. The majority of

the available data is regarding lower neutron exposure levels [326–328]. Although

there are substantial neutron and ion irradiation data for AISI-316 which is a very

similar steel to the AISI-348, literature screening reveals that there is no published

work regarding the effects of ion irradiation and in situ TEM ion irradiation in the

latter alloy.

On the limited dataset for neutron irradiation on AISI-348, Beeston et al. [329]

analysed samples of this steel that were irradiated in the Advanced Test Reactor

(ATR) up to a peak neutron fluence of 2.8×1022 n·cm−2 in the temperature range

of 623 to 652 K. The post-irradiation characterisation was carried out by assessing

the mechanical properties of the steel with tensile testing at different temperatures:

the results are presented in figure 2.20(a-b). It is possible to note that neutron

irradiation significantly changed the mechanical parameters such as yield strength

(YS) and ultimate tensile strength (UTS). The irradiation increases the value of

both parameters when tested in the temperature range from 297 to 811 K. At the

same time, the increase in US and UTS implied in a significant reduction in both

total and uniform elongations leading to the conclusion that neutron irradiation

caused an aggressive embrittlement on the AISI-348 steel.

Aiming at further investigating the origins of such pronounced embrittlement

effect on the AISI-348 steel under neutron irradiation, Thomas and Beeston [322]

carried out post-irradiation characterisation of the same ATR-irradiated samples in

a TEM. As shown in figure 2.21, the authors found voids and He bubbles from Ni

transmutation (although indistinguishable within the TEM) both with average sizes

around 1-2 nm. Nanometre-sized precipitates at a dose of 39 dpa corresponding to

a fluence of 2.6×1022 n·cm−2 were also detected with a TEM. The authors carried

out X-ray microanalysis with a 20 nm convergent electron probe in a STEM and

identified qualitatively that these precipitates could be the niobium-nickel-silicide

known as G-phase. They also reported a large amount of spurious X-rays, leading to

inconclusive results regarding the nature (elemental composition and stoichiometry)

of the irradiation-induced precipitates, although diffraction pattern indexing also

was positive to the G-phase identification. Energy dispersive X-ray spectroscopy

or any other quantification were absent in the paper. Therefore, it was concluded

that the presence of voids, He bubbles and precipitates – formed as a result of the

neutron irradiation – contributed to the severe embrittlement effect of the AISI-348
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steel [322].

Due to the presence of Ni in the AISI-348, the exposure to neutron irradiation

induces the generation of alpha particles by means of the nuclear reaction (n,α) and

nucleation of He bubbles may occur. As inert gas bubbles pose obstacles to the

motion of dislocations, the steel will then experience significant loss of ductility due

to an irradiation-induced embrittlement effect [330]. This was confirmed by Thomas

and Beeston [322] in AISI-348 steel samples irradiated in the ATR. For conventional

LWRs operating with austenitic stainless steels, 1100 appm of He has been measured

after three years of in-service operation and recent calculations indicate that after

18.5 years of exposure, a concentration of around 22000 appm is expected due to

the 59Ni transmutation reaction [243]. These facts are the motivation behind the

study of inert gas behaviour in this austenitic stainless steel.

In addition to the data on the AISI-348 steel, post-irradiation examination of

AISI-316 and AISI 347 steels have led to the conclusion that irradiation induces the

segregation of alloying elements which manifests in the formation of new phases [325],

similar to the effect observed by Thomas and Beeston [322]. The neutron irradiation

may also induce the formation of carbides and Ni- and Si-rich precipitation [331].

This segregation may degrade significantly the mechanical properties of the steel by

modifying the original austenite matrix phase.

2.4.2 High-entropy alloys

Early reports on the radiation resistance of HEAs were published by groups in

Japan [332]. Egami et al. published a paper in 2013 on the radiation resistance

calculated by means of computer simulations in equiatomic systems containing Nb,

Zr and Hf [333]: the results clearly showed that high stresses at the atomic level

are responsible for accommodating the radiation damage better than in conventional

multicomponent alloys. Later experimental work using MeV electron irradiation has

shown that this system can sustain its single solid solution phase and also structural

stability (i.e. no amorphisation or phase transformations) under ion irradiation up

to 10 dpa [334].

A five-component HEA, CoCrCuFeNi, was tested in Osaka, Japan by the group

of Takeshi Nagase via electron beam irradiations in a ultra-high voltage in a Hitachi

H-3000 electron microscope [335]. The results were similar to the previous results at

with Nb-Zr-Hf [332–334]: the FCC solid solution showed high phase stability over 40

dpa at both 298 and 773 K, but the role of irradiation energy, dose and temperature

in these high-entropy alloys remains not well understood.

A small number of other HEA systems have been studied by the group of S.

J. Zinkle at the University of Tennessee and Oak Ridge National Laboratory. The
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Figure 2.22: The effects of neutron irradiation on the FeCrMnNi HEA showing the
microstructures of the alloy at (a) 0.1 and (b) 1 dpa. The diffraction pattern inset
in (a) reveals no precipitation of secondary phases. The mechanical response of the
alloy to neutron irradiation showing (a) the tensile curves and (b) the measured
hardness. (Extracted and adapted from Li et al. [339])

system Fe-28Ni-27Mn-18Cr (wt%) was irradiated in 2013 with 3 MeV Ni ions [336],

to temperatures from 293 to 793 K and different dose levels of 1 and 10 dpa. The

hardness was observed to increase quickly at room temperature when the dose in-

creased. Voids were not observed to form under these irradiation conditions. In later

works on the same alloy also under ion irradiation [337, 338], these authors reported

that Cr accumulates while Ni depletes at grain boundaries at higher temperatures,

thus possibly contributing to the irradiation-induced embrittlement of the alloy. In

comparison with the austenitic steel Fe-Cr-Ni, Zinkle et al. concluded that this HEA

system appears to exhibit a very different behaviour under irradiation that needed

to be better explored [337, 338].

The mechanisms of damage generation in HEAs were investigated by Granberg

et al.[75] using 3 MeV Au ion irradiation of the equiatomic alloy NiCoCr. In combi-

nation with molecular dynamics simulations the authors showed that defect clusters

and interstitial-type dislocation loops started to form in the HEA at around 0.1 dpa,

but due to reduced defect mobility, the loops did not grow under prolonged irradi-
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ation. Some important contributions to the understanding of the radiation damage

resistance in these alloys was made by Lu et al. [340]. Comparing the irradiation

behaviour of pure Ni with that of the equiatomic alloys NiCo, NiFe and NiCoFeCr,

the authors proposed that both reduced defect mobility and energy dissipation were

key factors in mitigating damage production and accumulation in HEAs [340]. A

high-fluence He implantation study was carried out on the alloy NiCoFeCr showing

that He precipitated into bubbles. Due to the observation of small bubble sizes,

the authors concluded that somehow this HEA has a higher resistance to He bubble

formation when compared with pure Ni and steels [341].

The five-component system AlxCoCrFeNi has also been studied under 3 MeV Au

ion irradiation and it was shown that upon increasing the Al content, the system

suffered phase transformation from FCC to a duplex microstructure with both FCC

and BCC phases. Under irradiation, the BCC phase was responsible for the observed

irradiation-induced swelling, although this increase was not as high as for conven-

tional alloys under similar conditions (50 dpa at 298 K) [342]. An APT study of the

system Al0.1CoCrFeNi showed irradiation-induced defects such as dislocation loops

and lines, stacking faults, but no void formation. The same study demonstrated

that upon increasing the irradiation temperature, radiation-induced segregation oc-

curred by means of enrichment of Ni and Co solutes at defect boundaries as well as

depletion of Fe and Cr in the same regions [343].

Xia et.al. indicated in a recent review paper (in mid-2015) on effects of radiation

in HEAs that there is no work in the scientific literature on neutron irradiation

response on these new alloys [344]. However, in mid-2019 Li et al. published the

first neutron irradiation report of a HEA: the FeCrMnNi [339]. Samples of the

FeCrMnNi HEA were irradiated at the HFIR up to a maximum dose of 1 dpa at

333 K. The main findings of this study were [339]:

1. Post-irradiation characterisation carried out in a TEM and with X-ray diffrac-

tion showed that the FeCrMnNi HEA matrix phase, i.e. the random FCC

solid solution, was stable up to 1 dpa. Neither RIS nor RIP was detected at

such dose. Black-spots and small dislocation loops were observed to increase

in size and density from 0.1 to 1 dpa (although the authors have not provided

quantification) as shown in figure 2.22(a) and 2.22(b).

2. Post-irradiation characterisation carried out with tensile testing revealed that

the mechanical response of the FeCrMnNi HEA – in terms of changes in prop-

erties like hardness, strength and ductility as a result of neutron irradiation –

was found to be very similar to the response of conventional austenitic stainless

steels. This results can be seen in figures 2.22(c) and 2.22(d).
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3. The irradiation hardening was found to be completely annealed at a temper-

ature around of 923 K.

4. Measured changes in resistivity of the FeCrMnNi HEA were larger than in

austenitic stainless steels and the authors suggested that such large increase

in resistivity is probably due to changes in the disordering of the random solid

solution as no phase transformations, RIP or RIS were observed.

As the HEAs are a recent class of new alloy systems, the research necessary to

assess their capabilities as a new class of nuclear materials is at an early stage. The

state-of-the-art on the response of HEAs to both ion and neutron irradiation can be

summarised in the following major points:

1. Ion irradiation works, mainly with heavy ions, have indicated superior ra-

diation damage resistance of HEAs when compared with other multicompo-

nent alloys such as stainless steels. This superiority was mainly assessed by

analysing defect formation at a microstructural level, changes in the mechan-

ical properties and stability of the random solid solution matrix phase after

irradiation [334, 335, 338, 340, 343, 345, 346].

2. The most recent (and so far unique) neutron irradiation study on the Fe-

CrMnNi HEA has shown that the response of the alloy – as irradiated at

333 K up to 1 dpa at the HFIR – is very similar to the response observed

in austenitic stainless steels [339]. This study has offered a different perspec-

tive to the results obtained with previous (heavy) ion irradiation works as

mentioned in the item above.

3. Most notably, the nucleation and growth of voids as well as manifestation of

the RIS and RIP effects were both significantly suppressed in HEAs when

compared with other materials [338, 340, 343, 345].

4. Although some studies claim the some of the HEA core-effects (introduced

in section 2.1.1.2) such as the sluggish diffusion can act in order to suppress

solid-state diffusion under irradiation, thus limiting nucleation and growth of

voids and bubbles for example [340, 346, 347], recent computational studies

have show that the sluggish diffusion property ceases at high temperatures

[343].

Many additional studies will thus be needed and this is one of the main subjects

of this thesis. Additionally, comparative studies between HEAs and conventional

nuclear materials such as Zr alloys and austenitic stainless steels have special impor-

tance in order that these new materials gain acceptance in this area of technology
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as well as to probe whether the core-effects promoted by the (close to) equiatomic

condition are responsible for a superior radiation tolerance. This will be one of the

main research goals of this present thesis on such alloys.

2.4.3 Mn+1AXn phases

As a recent class of candidate materials for the next generation of nuclear reactor,

the number of works addressing the radiation resistance of MAX phases is somehow

limited. Ti3AlC2, Ti2AlC and the Ti3SiC2 are the most studied materials so far.

This section is divided into sections on both ion and neutron irradiations effects on

MAX phases.

2.4.3.1 Ion irradiation effects

Early reports on the irradiation resistance of Ti3AlC2 and Ti3SiC2 were made by

Whittle et al. [348]. The authors investigated the irradiation resistance of such MAX

phases at the Intermediate Voltage Electron Microscopy (IVEM)-Tandem Facility at

the Argonne National Laboratory. The in situ TEM ion irradiations were performed

using 1 MeV Kr2+ at 50 and 300 K and 1 MeV Xe2+ at 300 K. The authors observed

only minor evidence of amorphisation for both materials at around 25 dpa and

suggested that if amorphisation occurs, it would be for doses higher than 100 dpa

[348].

The irradiation resistance of Ti3SiC2 has been also investigated with ex situ 2

MeV I2+ ion irradiation and grazing incident x-ray diffraction by Zhang et al. [349].

After irradiation, microcracks were observed at grain boundaries and at 10.3 dpa,

strong evidence for phase decomposition was reported from analysis of the XRD

spectra. The Ti-carbide phase, TiC, was observed to nucleate after high doses.

Post-irradiation annealing in the temperature range of 773–1073 K yielded evidence

for recrystallisation of both the Ti3SiC2 and TiC phases [349].

A set of MAX phases – (Ti,Zr)3(Si,Al)C2 system – was irradiated with 95 MeV

Xe+ ions up to 16.6 dpa by Marion et al. [350]. After the irradiation, the authors

reported that the hardness had increased for all materials as confirmed by nanoiden-

tation measurements, but a plateau was observed at around 3.2 dpa which indicated

supersaturation of radiation damage defects, although no TEM was performed on

the irradiated materials to support this statement. No amorphisation was observed

under the irradiation conditions. The authors also analysed the radiation resistance

of secondary phases, TiC and ZrC, which had not amorphised under the irradiations,

thus concluding that these secondary phases are also resistant to irradiation [350].

Liu et al. [351] investigated the effects of Kr and Xe ion irradiation in a quater-

nary MAX phase: Ti3Si0.9Al0.1C2. XRD measurements indicated a large increase in
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the lattice parameter of the α-phase (c-expansion) in this MAX phase. Annealing

at both 573 and 773 K resulted in a modified microstructure contrast and partial

recovery of radiation induced defects was noted by Marion et al. [350] who also

reported a complete recovery of defects upon annealing.

Anisotropic swelling (c-expansion and a-contraction) observed in the irradiated

Ti3SiC2 under 74 MeV Kr and 92 MeV Xe ion irradiations which resulted in an

increase of the hardness. Although no amorphisation was observed, the authors

reported defects in the microstructure that led to the loss of the nanolamellar struc-

ture [352]. The same behaviour was later observed by Clark et al. [353] with 5.8

MeV Ni+ ion irradiation in the range of 673–973 K between 10–30 dpa.

The effects of ion irradiation on the MAX phases, to date, can be summarised

as follows [348–352]:

1. No significant amorphisation for doses less than 100 dpa has been observed,

although further studies at very high doses (> 100 dpa) are still pending;

2. Dynamic recovery of radiation defects occurs at high irradiation temperatures

and with post-irradiation annealing, but the mechanisms behind such recovery

are not well understood;

3. There is strong evidence that some MAX phases containing Al suffer significant

phase decomposition under irradiation;

4. Little or no dependence of damage evolution with dose, and saturation at doses

around 3 dpa;

5. Fewer radiation damage effects upon increasing the irradiation temperature

suggests an enhanced defect recombination capability or “self-healing” effect

which deserves further investigation;

6. Anisotropic swelling and hardening have been detected under a wide variety

of irradiation conditions and the MAX phases containing Al exhibiting signif-

icantly more damage when compared with their Si counterpart; and

7. Ion irradiation experiments on MAX phases suggest that Ti3SiC2 exhibited

the best radiation resistance among all the MAX phases studied.

With respect to ion irradiation, a reduced number of works were addressed to

the overall effects of irradiation on Ti-based MAX phases and specifically few TEM

works on the damage microstructure in these materials.
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2.4.3.2 Neutron irradiation effects

A limited number of papers on neutron irradiation effects on MAX phases were

published by Tallman and Barsoum et al. at Drexel University using nuclear reactors

at MIT and Idaho National Laboratory.

Ti3SiC2, Ti3AlC2, Ti2AlC and Ti2AlN were irradiated with neutrons up to 0.1

dpa at both 633 and 968 K. Post-irradiation characterisation was performed us-

ing XRD and electrical resistivity measurements. The Ti3(Si,Al)C2 suffered phase

decomposition into TiC whilst the Ti2AlN decomposed into TiN. The electrical re-

sistivity at room temperature increased by one order of magnitude for the MAX

phases irradiated at 633 K. At 968 K, the electrical resistivity increased by around

only 25% suggesting that these materials exhibit recovery of radiation-induced de-

fects for temperatures as low as 968 K. There was no signs of amorphisation in any

MAX phases analysed. Tallman et al. concluded that both Ti2AlC and Ti3SiC2

were the most promising candidates for nuclear applications [354].

Later in 2016, Tallman et al. investigated the damage microstructures of both

Ti3SiC2 and Ti2AlC up to 0.1 dpa at 633 and 968 K and up to 0.4 dpa at 633 K [355].

The authors report on the observation of black-spots in both materials at 0.1 dpa

and 0.4 dpa at 633 K and small basal dislocation loops at 0.1 dpa for the irradiation

at 633 K. Analysis also revealed extensive micro-cracks in the Ti2AlC which were

not present in the Ti3SiC2. The secondary phases, TiC and Al2O3, exhibited worse

radiation resistance than their parent MAX phases. The authors concluded that the

Ti3SiC2 was better than its Al counterpart for nuclear applications [355].

A study of the neutron radiation behaviour of Ti3SiC2 and Ti3AlC2 was con-

ducted in 2017 for the temperature range of 394–1321 K and doses of 0.14, 1.6 and

3.4 dpa [356]. Black-spots were observed in both materials and for the samples ir-

radiated up to 3.4 dpa at 1008 K, basal dislocation loops and stacking faults were

observed. The authors also reported extensive cavity formation for the irradiations

up to 3.4 dpa at 1321 K, but smaller grains with sizes around of 3–5 µm were ob-

served to be damage free. It was suggested that the A-layers of these MAX phases

considerably enhanced the irradiation resistance of these materials [357], but these

assumptions need to be supported by further research. The consensus however is

that the Ti3SiC2 is the more promising candidate material for nuclear applications

up to 3.4 dpa and temperatures around 973 K [356].
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2.5 Next generation of nuclear materials and pri-

mary thesis goals

Throughout the literature review chapter it has been shown that MAX phases and

high-entropy alloys are currently attracting the attention of both materials science

and nuclear technology communities with the aim of investigating the possibility

of applying these materials in the next generation of nuclear reactors. Neverthe-

less, the existing dataset on the radiation response of both classes of materials can

be considered limited in a wide variety of aspects. With respect to these limited

datasets, it is important to highlight:

• The major requirements delineating the selection of materials for the next

generation of nuclear reactors lie on the demonstration of their phase stability

in irradiation, corrosive and oxidative environments (including coolant com-

patibility) and high temperature exposure. In addition to such conditions,

the materials will need to demonstrate stability under abnormal operational

conditions like those experienced during nuclear accidents caused by either

internal or external events.

• It is also of paramount importance that such materials are capable of preserv-

ing their initial set of properties and microstructural integrity at very high

irradiation doses: between 50-200 dpa.

• The number of ion irradiation studies on the radiation response of high-entropy

alloys has been observed to increase rapidly over the past 5 years. Most of

these studies – using ex situ TEM ion irradiation techniques – have identi-

fied that the HEAs may have superior radiation resistance when compared

to conventional multicomponent alloys such as stainless steels. Conversely,

a recent neutron irradiation investigation on the FeCrMnNi HEA has shown

that its radiation response – in terms of changes in mechanical properties and

microstructural defects – was very similar to austenitic stainless steels.

• The majority of the ion irradiation studies do not directly compare the HEAs

with conventional multicomponent alloys under the same irradiation condi-

tions. These comparisons are often carried out qualitatively and are based on

previous works published on conventional alloys.

• A limited number of computational studies have indicated that some of the

core-effects of HEA such as sluggish-diffusion and high-entropy are respon-

sible for the experimentally-observed superior radiation tolerance. However,

the number of studies targeting directly these core-effects under irradiation is
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still scarce. A more direct assessment on the influence of such core-effects in

suppressing the development of radiation damage is also pending experimental

confirmation.

• The number of studies on the neutron irradiation resistance of Ti-based MAX

phases is also very limited. These studies were performed by the same research

group. So far, the Ti-based MAX phases were only screened under neutron

irradiation at very low doses and within a limited temperature range.

• Amorphisation has not so far been observed for Ti-based MAX phases irradi-

ated with low dose neutron irradiation. Although some Ti-based MAX phases

were reported to decompose to Ti-rich carbides and nitrides under neutron

irradiation up to 0.1 dpa.

• With respect to ion irradiation, the Ti-based MAX phases were observed to

preserve their matrix phase at very high doses (up to 100 dpa). Reports also

indicate that Al-containing Ti-based MAX phases are more prone to decom-

position under irradiation than the Si-containing ones.

• Some ion irradiation works have also identified that the MAX phases may

have a high capability of self-healing for irradiation-induced defects. Recent

modelling suggested that fast diffusion through the A-layers may play a major

role on such high defect recombination capability.

• A lack of studies on the matrix phase stability of such Ti-based MAX phases

upon neutron, ion irradiation or high temperature exposure was noted, in

particularly for those providing analysis at a nanoscale level with electron-

microscopy methods.

The lack of studies using the in situ TEM ion irradiation technique on both

MAX phases and HEAs was also detected. This can be understood as the number

of facilities or laboratories worldwide that are capable of performing such experi-

ments is fairly limited, with only one in UK (i.e. MIAMI facilities). This technique

is important not only by allowing the real-time monitoring and evolution of the

microstructure of potential nuclear materials as a function of important parameters

such as dose and irradiation temperature, but it can also provide a fast and reliable

way for quick comparisons between many different materials. As a result, the re-

search reported in this thesis will focus on the use of this technique to address the

radiation resistance of MAX phases and HEAs and at the same time, it will propose

the use of this technique to triaging potential nuclear materials before their testing

in complex and expensive MTRs.
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Given the items above as well as the literature screening presented in this chap-

ter, the primary goals of the research reported in this thesis on potential nuclear

materials can be summarised as follows:

• The FeCrMnNi HEA bulk alloy was selected to be studied in this thesis. Due

to the enormous similarities of this alloy with austenitic stainless steels, the

AISI-348 steel was also selected to be used as a comparable material for most

the experiments that will be carried out with the HEA. The lack of irradiation

studies with this austenitic stainless steel was also mentioned in section 2.4.1.3.

• The existing constitutive hypothesis and core-effects of HEAs will be targeted

using the in situ TEM ion irradiation technique. In particular, the possible

influence of the sluggish diffusion and high-entropy core-effects on the radiation

resistance and phase stability of the FeCrMnNi HEA will be investigated in

two different chapters (chapters 5 and 6). Direct comparison of the irradiation

effects with the AISI-348 steel will be provided.

• The radiation resistance of the FeCrMnNi in a form of thin solid films will be

also investigated. The importance here is to provide new irradiation data for

innovative coating materials that could be considered as candidate materials

for further testing within the scope of the accident tolerant fuels programme.

• As many of the HEAs investigated by previous authors were produced using

plasma vapour deposition techniques, in order to evaluate the effects of ion

irradiation on such equiatomic thin solid films, a complete and detailed study

on the synthesis of the FeCrMnNi HEA thin films using ion-beam sputtered

deposition will be carried out for the first time. The radiation resistance of the

equiatomic thin solid film will be assessed with comparison with a conventional

thin film – the titanium nitride – that was recently proposed as a candidate

coating material for accident tolerant fuels.

• The Ti-based MAX phases were also selected to be subjected to investigation

in this thesis due to their potential radiation tolerance as detected by previous

works. On this topic, it will be carried out in this thesis, a neutron irradiation

study on two select Ti-based MAX phases irradiated in the HFIR at 1273 K up

to 10 dpa. A complete microstructural characterisation using TEM is shown

for this irradiation conditions.

• Regarding the Ti-based MAX phases, an attempt to replicate the results ob-

tained with neutron irradiation in the HFIR by using the in situ TEM ion

irradiation methodology in MIAMI facilities will also be performed. Existing

trends on the radiation response of these Ti-based MAX phases such as high
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phase stability under either irradiation or high temperature exposure as well

as absence of amorphisation will be targeted in the present study.
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Chapter 3

Experimental Techniques and

Methodology

This chapter is dedicated to the experimental techniques and the scientific method-

ology that are the basis of this doctoral research. Section 3.1 explores methods for

the synthesis of the materials studied in this research, although some of the mate-

rials and alloys were obtained by means of scientific collaborations with Oak Ridge

National Laboratory (USA) and the University of São Paulo (Brazil) as shown in

table 3.1. Section 3.2 addresses the sample preparation methods for electron mi-

croscopy. Transmission electron microscopy and ion irradiation in situ within a TEM

performed at the Microscope and Ion Accelerator for Materials Investigations (MI-

AMI) facilities are the core techniques of the present research and will be described

in detail in sections 3.3 and 3.4, respectively. Section 3.5 briefly describes the use

of the HFIR for the neutron irradiations carried out on the Ti-based MAX phases.

In order to further analyse the results from both the ion and neutron irradiations,

sample characterisation techniques are introduced in section 3.6.

Table 3.1: Materials and alloys used in this doctoral research.

Material Synthesis Technique Provenance
FeCrMnNi HEA Plasma Arc Melting Oak Ridge National Laboratory

AISI-348 Commercial steel production routes FOPIL-Sandvik
MAX Phases Reactive Hot Pressing Oak Ridge National Laboratory

HEA Thin Films Ion Beam Sputter-Deposition Developed in this research work
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3.1 Materials synthesis

3.1.1 Production of austenitic stainless steels and the AISI-

348 steel

The first step in the production of steels is the mining of Fe minerals. After the

extraction of the Fe minerals, the industrial routes for stainless steel production

involve four major transformation stages: (a) ore treatment, (b) reduction, (c) steel

fabrication and (d) refinement. The elemental enrichment of Fe can be achieved

through the ore treatment by means of chemical separation and reaction processes.

In the last step of steel refining, a wide variety of steels, such as austenitic stainless

steels, can be obtained by means of accurate addition of alloying elements such as Cr,

Mn, Ni, Co, Cu and C. Final stages often require heat treatments aimed at achieving

certain mechanical and specific physico-chemical properties such as corrosion and

oxidation resistance [32, 39].

In the research reported in this thesis, the radiation response of the austenitic

stainless steel AISI-348 was studied and compared with the FeCrMnNi bulk HEA as

its major alloying elements are Cr, Mn and Ni, although not in equiatomic compo-

sition. This steel was obtained in collaboration with University of São Paulo and it

was redistributed by the company FOPIL, but produced by Sandvik. The AISI-348

steel is a commercial evolution from the AISI-347 and the only difference between

them is that in the AISI-348, the maximum allowed Ta content is usually less than

0.10 wt.% whilst in the AISI-347, the Ta content can be 10 times the C content

[358]: both steels are Nb-stabilised and their mechanical properties can be consid-

ered identical. The additions on Nb in the AISI-300 steel series is performed in order

to maximise the resistance of oxidation and corrosion of the austenite matrix [32,

53].The nominal composition of this steel is shown in table 3.2.

The AISI-348 steel that was used in this work was solution-annealed at 1313 K

followed by air-cooling. Hot-rolling was performed in order to obtain a fully equiaxed

grain microstructure. The complete details of the thermo-mechanical processing

were not provided by the manufacturer. The AISI-348 samples used throughout the

research work reported in this thesis were not subjected to any kind of additional

heat-treatment, thermo-mechanical processing or deformation: the samples of the

steel were used in its as-received condition. A complete characterisation of the

AISI-348 before irradiation is shown in section 4.2.

3.1.2 Synthesis of the FeCrMnNi HEA

The FeCrMnNi high-entropy bulk alloy studied in the work reported in this thesis

was produced at Oak Ridge National Laboratory using a standard plasma arc-
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Table 3.2: Nominal composition of the AISI-348 steel [359].

Element Composition [wt.%]
Fe Balance
Cr 17.00-19.00
Ni 9.00-13.00
Mn 2.00 (max)
C 0.08 (max)
P 0.045 (max)
S 0.030 (max)
Si 1.00 (max)
Ta 0.10 (max)
Nb 10×C (min)
Co 0.20 (max)

melting furnace and complete details on the metallurgy of alloy synthesis using such

methods can be found elsewhere [30, 32, 360–363].

The alloying elements close to equimolar proportions were initially put into a

refractory ceramic crucible. The crucible was placed inside the plasma arc furnace

where thermodynamic reactions occur upon heating to the melting temperatures of

the alloying elements. After casting, the produced bar was homogenised at 1573 K

for 48 h followed by subsequent cold rolling and recrystallised 1173 K for 4 h in a

vacuum furnace in order to achieve a complete equiaxed microstructure. The av-

erage grain sizes after cold rolling was measured to be approximately 35 µm. The

synthesis of FeCrMnNi HEA is also described in a recent work from ORNL [338].

The alloy as-received had nominal composition of 27Fe-18Cr-27Mn-28Ni (wt.%) and

it was characterised by ORNL to be single-phase face-centred cubic as determined by

X-ray diffraction [338]. Earlier attempts to produce a 25Fe-25Cr-25Mn-25Ni (wt.%)

have not resulted in a single-phase HEA as reported by Kumar et al. [338]. A com-

plete microstructural characterisation of the FeCrMnNi HEA as-received is shown

in section 4.3. In the work reported in this thesis, the FeCrMnNi bulk HEA was

used in its pristine form, i.e. neither further heat-treatment nor thermo-mechanical

processing was performed.

3.1.3 Production of MAX phases

Conventional routes to synthesize ceramic compounds include a final processing

stage which is aimed at increasing the compound strength by eliminating free sur-

faces (reducing the surface energy) of the powder raw material. The concept of

reducing the surface energy of ceramic powders at very high temperatures is known

as sintering or firing. During this process, as the materials are kept at high tem-

peratures (but below the melting point), atomic diffusion takes place and reduces
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the initial porosity. The elimination of pores and the subsequent creation of strong

inter-particle bonds result in the increased strength of the material. As the atomic

mobility is proportional to the exponential of the inverse temperature, and consid-

ering that reaching the high temperatures needed to promote diffusion in the high

melting point ceramic compounds is difficult, sintering is often carried out for long

periods of times. As an example, sintering of alumina (Al2O3) was reported to take

around 10 hours at 1973 K to complete [364, 365].

An alternative technique which is able to eliminate the long times and reduce

the very high temperatures required by sintering, and that at the same time produce

good quality and denser ceramic parts, is known as reactive hot pressing (RHP). The

RHP technique was developed in the early 1960s as a method to produce stronger

clay products [366, 367]. It consists of applying pressure to powdered materials

at moderate-to-high temperatures (higher than the recrystallisation temperature of

the studied system). During the process, the materials that are subjected to high

hydrostatic loads at high temperatures often undergo in decomposition/dissociation

reactions (thus the term ‘reactive’) or polymorphic phase transformations [368].

After the process, the final product has its strength considerably enhanced. In the

case of alumina, RHP gives after a shorter time the same strength levels as the

conventional sintering process: 20 minutes under pressures around 96.5 MPa and

temperatures as low as 973 K.

The MAX phases studied in this work were obtained by Oak Ridge National

Laboratory and were synthesized by the Reactive Hot Pressing technique at the

company 3-ONE-2 LCC. The compound Ti2AlC, for example, was produced by

pouring pre-reacted powders of the material into a graphite die, which was subse-

quent hot pressed for 4 hours at around 1500 K with uniaxial stresses in the order

of 40 MPa [353]. Similar synthesis routes have been reported for Ti3SiC2 [369] and

several other MAX phases [370–372]

3.1.4 Synthesis of thin solid films

The sputter-deposition of thin films involves three major steps [373]: (i) the trans-

port of alloying or coating materials towards the substrate, (ii) adsorption and diffu-

sion of the sputtered coating elements on the substrate with nucleation and growth

of small embryos and (iii) the rearrangement of the coating atoms into their final

positions driven by bulk and surface diffusional processes. The final microstructure

of the deposited thin films will be strongly dependent on the deposition temperature

as shown in detailed studies conducted by Thornton [373, 374] and Movchan et al.

[375].

In the work reported in this thesis, high-entropy alloy thin films (HEATF) from

79



the quaternary system FeCrMnNi were produced using the technique of ion beam

sputter-deposition (IBSD) which is a type of physical vapour deposition (PVD)

[374].

Ar+ ions with an energy of a 1.25 keV are used to induce sputtering of elemental

targets towards a specific substrate. Deposition is controlled using magnetic fields to

focus and deflect the ion beam. Sputtered atoms are deposited without significant

implantation into the substrate. The substrate was not intentionally heated during

the deposition experiments, although this temperature was monitored with a ther-

mocouple to be in the range from 350 to 400 K. In addition, during the deposition

experiments, the substrate was grounded and no bias potential was applied. The

IBSD system used in this work is shown in figure 3.1.

Figure 3.1: The ion beam sputter-deposition system in the Ion Beam Centre at the
University of Huddersfield [376].

In chapter 7, a detailed report on the synthesis, characterisation and radiation

resistance of these HEATFs is presented. In this chapter, an study on the feasibility

of depositing equiatomic metallic thin films from the quaternary system FeCrMnNi

on pure Si substrates is firstly presented. Then, the development of FeCrMnNi

HEATFs on a Zr alloy substrate is demonstrated and the radiation resistance of

the HEATF/Zr alloy system is assessed by using the technique of in situ TEM ion

irradiation.

3.2 Sample preparation techniques

To image materials in a TEM, samples have to be electron transparent. This requires

that the thickness of the sample has to be on the order of 100 nm. In order to prepare

TEM samples of the materials studied in this work, two sample preparation methods

were used: focused ion beam (FIB) milling and electro-polishing (EP). Despite the
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ballistic nature of FIB and the electro-chemical nature of EP, a major difference

between these two techniques is that in the former, the electron transparent area

is smaller than the latter. In this section, these sample preparation methods are

described in further detail.

3.2.1 Electro-chemical jet-polishing

Electro-chemical jet-polishing (EJP) can be defined as a physico-chemical technique

that through the application of an electric current in a material which is subjected to

a temperature-controlled set of electrolyte, a material removal process takes place

[377]. Such removal occurs as a result of the interaction between the ions of the

electrolyte and the surface of the materials. The removal rate can be controlled

by changing electropolishing parameters, such as temperature of the electrolyte and

the electric current. The ability to control accurately the removal of material makes

EJP techniques very useful to fast produce electron transparent layers for electron

microscopy.

Figure 3.2: The TenuPol-5 jet electro-polishing station at the MIAMI facility: A is
the station controller, B the cold stage vessel, C the electro-polishing unit and D
the sample holder.

Prior to electro-polishing the AISI-348 samples, the alloys were subjected to sev-

eral sessions of mechanical polishing and grinding in order to reduce their thicknesses

to ≈0.10 mm. At this stage, SiC grinding papers with grits between 120 and 1200

µm were used. There is a water flow onto the SiC papers during the mechanical

grinding stage to cool, lubricate and removal of debris. When the specimen thickness

has reached the required value, a set of diamond papers (from 8 to 1 µm grit size)

are used to polish the surface further. From the mechanical polished alloy samples,

3 mm disk are punched using a conventional Gatan mechanical punch.

For electro-polishing, a Struers TenuPol-5 EJP system was used (figure 3.2). The

3 mm disk is placed in a sample holder and inserted into a temperature-controlled
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vessel. For the EP of the AISI-348 stainless steel, in particular, a modified recipe

from reference [378] was employed for this TenuPol-5 EJP system: (a) the electrolyte

was 10% HClO4, 90% CH3OH, (b) the bath temperature was 233 K, (c) the flow

rate was set to 30 and (d) a potential of 20 V was applied to the sample. With

these conditions, the electro-polishing was performed under constant current of 90

mA until perforation and the samples were washed thoroughly in pure methanol and

dried in air. When perforation occurs, an annular region around the hole is electron

transparent (often over a radial distance in the order of microns) and the sample is

ready for TEM. A typical 3 mm disk after EP is shown in figure 3.3.

3.2.2 Focused ion beam

The FeCrMnNi high-entropy alloy sample was obtained from the Oak Ridge National

Laboratory and due to the limited availability of the material, the Focused Ion Beam

(FIB) technique was used to produce electron transparent samples instead of electro-

polishing as FIB requires much smaller quantities of material.

A FIB instrument consists of a liquid metal ion source (LMIS) operating with an

ion column at high vacuum (≈10−6 Pa). In the LMIS, Ga is melted and flows over

the surface of a fine W tip. This enables Ga ions to be extracted from a very small

region of the tip and thus focused to micrometre beam spots. In a FIB, the energies

of the ion beam are in the range of 5 to 30 keV. By scanning and rastering the

fine beam spot, Ga ions are then used to sputter target atoms in order to fabricate

electron transparent samples [379].

A conventional procedure to produce good quality electron transparent samples

with FIB has been described by Giannuzzi et al. and it has been adopted in the

work reported in this thesis [380]. The first step in producing a TEM specimen using

Figure 3.3: A 3 mm disk of the AISI-348 steel electro-polished in the TenuPol-5
system.
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Figure 3.4: Focused ion beam steps to produce TEM samples of the HEA: (a) sample
as received, (b-c) milling and thinning, (d-f) the sample is cleaved from the cross
sectional cut, (g) attaching to the TEM grid by depositing C and (h) making it
electron transparent using the ion beam.
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the FIB technique was to make a cross sectional cut using the Ga ion beam. Two

rectangular trenches were milled in order to leave a thin slice of the HEA (figure

3.4b) between the trenches. After the milling, the same procedure was repeated to

make the slice thinner, as can be seen in figure 3.4c. The sample was cleaved (figure

3.4d) from the selected region and attached to the probe using C deposition (figure

3.4e). After attachment, the sample was removed from the milled cross section

(figure 3.4f) by withdrawing the probe. The final steps consisted of attaching the

sample to the TEM grid (figure 3.4g) and selecting a region for further milling to

electron transparency using the ion beam. The whole process is shown in figure

3.4. Focused ion beam is a powerful technique for producing TEM samples and

has been used since the seventies with particular developments in materials science

in the 1980s [381]. Necessary precautions were taken to avoid FIB damage in the

specimens, such as pre-coating lamellae with Pt and C top-layers and reducing the

ion beam energy during the final polishing steps.

In the work reported in this thesis, the FIB technique has been used to produce

TEM samples for the FeCrMnNi HEA, the high-entropy entropy thin films, the

AISI-348 steel and the Ti-based MAX phases.

3.3 Transmission Electron Microscopy

In a transmission electron microscope, an electron beam is focused on a thin,

electron-transparent sample. Then electrons are produced using thermionic emission

where a cathode made of a tungsten filament (or LaB6 crystal) is heated up until

electrons are emitted from the surface by overcoming the potential-energy barrier.

Electrons can also be generated via field emission: in this method, high negative po-

tential is applied in an electrode inducing a strong potential gradient at its surface.

By this, electrons are emitted from the surface. After emission, either by thermionic

or field emission, electrons are accelerated to an energy in the range of 60–300 keV

[382].

After the electron gun stage, the area of the specimen which is illuminated and

the brightness are controlled using the condenser lens system and apertures. After

the condenser system, the electrons are transmitted through a specimen and undergo

into scattering. Those electrons scattered by the sample are focused by the objective

lens and form a diffraction pattern in the back focal plane where electrons scattered

through the same angle are focused. Then, electrons emerging from the same point

of the sample are focused and an image is formed in the image plane. This first image

can be magnified using the intermediate and then the projector lenses. Nowadays,

images and videos can be recorded using charged-coupled devices (CCDs), but this

procedure was carried out in the past using photographic films [382, 383].
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The spherical aberration of the objective lens is not negligible and it is thus

necessary to use small objective apertures to work only with paraxial beams. Bright-

field (BF) images are generated by scattered electrons using the objective aperture

in order to allow only the direct beam to pass. Conversely, dark-field (DF) images

are produced when the unscattered beam is blocked by the diaphragm whilst one or

more scattered diffracted beams are allowed to pass though the objective aperture.

DF images are very useful to detect planar defects, precipitates and stacking faults

[382, 383].

Transmission electron microscopy has become one of the most widely used tech-

niques in materials sciences due to its suitability for the microstructural character-

isation of a wide range of materials. Despite the fact that TEM can provide direct

observation of materials at the nanoscale, analytical techniques can also be used to

obtain chemical and physical information from electronic excitations caused by the

interaction of the electron beam with the sample. Due to the importance of conven-

tional and analytical TEM methods for this project, the next section will describe

the principles of microscope operation as well as its components and capabilities in

more detail.

3.3.1 The equipment

A TEM consists of a tall structure with an electron gun on the top which together

with of a set of magnetic lenses and apertures, can generate and manipulate an

electron beam for the purposes of imaging [382–384]. This will be described in some

detail in this section.

3.3.1.1 An electron gun

The first step to produce, control and manipulate an electron beam within a TEM

is to extract electrons from a source. Two different types of electron sources are

used in TEMs: thermionic and field-emission. The basic difference between these

two type of sources is that field-emission provides more monochromatic electrons,

i.e. electrons with well defined energies without significant dispersion. Thermionic

sources are either W filaments or LaB6 crystals. Field-emission guns or FEGs are

usually made of W crystals sharpened to a tip with radius of around 100 nm [382–

384].

The physical principle of thermionic sources can be summarised as follows. The

material is heated to a high temperature which gives sufficient energy for the elec-

trons to overcome a natural energy barrier that prevents them from escaping from

the surface. This natural barrier is known as the work function, denoted by Greek

letter Φ. The physics of thermionic emission is described by Richardson’s law [385]:

85



J = AT 2 exp− Φ

kT
(3.1)

Where J is the current density of the extracted electrons, T is temperature to

overcome the barrier Φ and A and k are known as the Richardson’s and Boltzmann’s

constants, respectively. The work function of W filaments is around of 4.5 eV,

compared to 2.4 eV for LaB6 crystals. Although the current density increases with

temperature, the process is limited by the melting point of the filament which for

W is around 3660 K. Evaporation and oxidation of filaments can also further limit

their lifetime [382–385].

In the case of FEGs, the physical principle relies on the fact that in the region of

a nanometre-sized tip, the electric field can be very high [386]. On the application

of an electric potential (V ) at a tip of radius r, the electric field is:

E =
V

r
(3.2)

When the potential is applied to the tip (or needle), the work function is lowered

and the electrons start to tunnel out of the material. A FEG source requires ultra-

high vacuum conditions for operation as its surface has to be in a pristine condition

for the field emission to occur. In this case, the FEG is normally referred to as a cold

FEG. A so-called hot FEG can be operated under poorer vacuum conditions as heat

is applied to the tip enhancing the electron emission by giving the material some

thermal energy as well as inducing desorption of contaminants from the tip. In this

latter case, the electrons do not undergo a quantum tunnelling effect. Deposition

of zirconium oxide is often made on the surface of the needle in order to lower the

work function, thus improving the extraction of electrons. The hot FEGs are also

known as Schottky FEGs [383].

A major distinction between different sources is the brightness of the beam: the

electron current density per unit solid angle. At 100 keV, thermionic sources have

brightnesses in the order of 1010 to 1011 A/m2sr, FEG sources are much higher: 1012

to 1013 A/m2sr [382–384].

In the research reported in this thesis, the electron guns used in the TEMs

employ thermionic sources and are known as triodes. A Wehnelt cylinder and a

grounded anode with centre aperture are the two other parts of the triode. The

Wehnelt cylinder acts as an electrostatic lens and the anode aperture is aligned

with the W filament or LaB6 crystal-tip. The cathode is attached to a high-voltage

power supply and the thermionic emission starts upon application of an acceleration

potential, generally between 100 to 300 kV, which heats the filament. A microscope

with a thermionic source normally operates in near-saturated filament conditions.

Operation above saturation significantly reduces the source lifetime [382–384].
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3.3.1.2 Magnetic lenses

Electromagnetic lenses are used within TEMs to control the electron beam path in

a similar way to optical lenses in an optical microscope. Magnetic lenses are used

rather than electrostatic due to their higher reliability, better aberration properties

and the absence of electrical breakdowns. The magnetic field is produced when

an electric current flows through Cu coils. By varying the electric current, the

strength of the magnetic field can be changed. Magnetic lenses suffer from spherical

aberration, chromatic aberration and astigmatism [383].

These lenses are generally manufactured as cylindrically-symmetrical soft iron

polepieces with embedded copper coils. The electron beam travels through a bore

path on the axis of the cylindrical lens. The term “soft iron” means that the ma-

terial does not retain the magnetic field upon removal of the voltage to the coils of

the electromagnetic lens and it is an important requirement to mitigate problems

such as aberration and astigmatism. The magnetic lenses are cooled with water to

help provide stability to the magnetic field as upon increasing the temperature, the

resistivity of the Cu coils changes significantly [383].

3.3.1.2.1 Spherical (CS) and chromatic aberrations (C3)

Spherical aberration occurs when the magnetic field fails to focus off axis electrons

to a single point thus limiting the resolution. This type of aberration is stronger

for the electrons that are away from the optical axis and often produces a degraded

image [383, 384].

Chromatic aberration occurs when electrons of different wavelengths are focused

at different points. Their energies within the TEM should therefore be as monochro-

matic as possible. Chromatic aberration is thus due to the energy dispersion of elec-

trons in the TEM and it can be exacerbated by scattering effects in thicker samples

[383, 384].

3.3.1.2.2 Astigmatism and stigmators

The astigmatism in TEMs is often associated with asymmetries in the soft-iron

polepieces as well as the presence of contaminants along the beam path, e.g. on the

apertures. Upon charging, these contaminants will deflect the electron beam slightly.

The astigmatism in TEMs can be corrected by the use of stigmators which are

magnetic coils that correct the electron beam path. The stigmators are particularly

useful when working with magnetic samples [383, 384].
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3.3.1.3 Deflectors

Magnetic coils are also used within the TEM to tilt and shift the electron beam

in order to optimise the alignment. The beam shift and tilt are also essential for

carrying out BFTEM, DFTEM microscopy and to record diffraction patterns. In

scanning transmission electron microscopes (STEM) the deflectors are also used to

scan and raster the electron beam over a sample in a similar way to that in scanning

electron microscopes.

3.3.1.4 Condenser and objective lenses

After extraction from the gun, the condenser lenses are used to illuminate the speci-

men with the electron beam. The condenser lens system will also focus the beam on

the specimen. The objective lens will then: focus the electron beam when they exit

the specimen and start magnifying the image. Near to the objective lens within the

TEM column, a so-called “cold finger” is used to trap possible contaminants and

thus improve the vacuum in the vicinity of the specimen. It consists of an anticon-

taminant Cu surface that must be cooled with liquid nitrogen so contaminants will

condense onto it.

3.3.1.5 Intermediate lenses

Between the objective and projector lenses, an intermediate lens system works to

adjust the electron beam on either a diffraction pattern or electron image into the

projector lens. The intermediate lens system magnifies the focused diffraction pat-

tern or TEM image on the object plane of the projector lens system.

3.3.1.6 Projectors

This is the final stage of the imaging system. The projectors takes the magnified

image (in the object plane) and transfer it to the back focal plane. The image is

projected in a fluorescent screen, thus allowing the microscopist to see an image

from the specimen. This system magnifies the image from the intermediate lenses

even further.

3.3.1.7 Condenser, objective and intermediate apertures

The TEM has a set of apertures with the primary aim of limiting the electron

beam collection angle (β). The objective lens aperture, for example, controls the

illumination, resolution, depths of field and focus, the angular resolution of the

diffraction pattern and the image contrast. The condenser aperture limits the size of

the electron beam on the specimen which helps to control the illumination intensity
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Figure 3.5: A cross-sectional profile of a common TEM. (Reproduced from [384].)

on the specimen as well as to reduce spherical aberration effects. The intermediate

aperture, or selected-area electron diffraction (SAED) aperture, can be used to select

specific areas within the specimen for electron diffraction.

3.3.1.8 Specimen stage

At the specimen stage, a high precision motorised goniometer can be used to align

the specimen to specific crystal orientations with respect to the electron beam. With

the goniometer, specimens can be accurately tilted generally over tens of degrees

with precision in the order of 0.1◦.

3.3.1.9 Specimen holders

Different types of experiments can be carried out using a TEM. For conventional

TEM imaging, single and double tilt holders are used and the main difference is that

in the latter, the user has access to an azimuthal tilt angle (axis at right angles to the
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main tilt axis provided by the goniometer) which can be particularly important for

dislocation analysis (~b ·~g conditions), for example. It is also possible to have heating

holders that allow annealing studies of specimens up to very high temperatures.

Similarly, cold holders are those where the specimen is kept at temperatures between

room temperature and liquid nitrogen or liquid helium temperatures. Straining

holders also allow the dynamic study of the effects of mechanical stress on samples.

3.3.1.10 Electron image capture methods and post-imaging analsysis

With the advent of charged-coupled devices (CCDs), the specimen image gener-

ated from the electron beam within the TEM can be recorded digitally with very

high resolutions. The cameras are inserted below the projector lens. In the past,

photonegative films were used to record images and in situ TEM experiments were

recorded by coupling the microscope with a camera and a television [383]. During

this project, two CCDs were used to collect images from MIAMI experiments: a

Gatan Orius digital camera with 4 megapixels up to 30 fps (MIAMI-1) and a Gatan

OneView digital camera with 16 megapixels and up to 300 fps video (MIAMI-2).

TEM images recorded during in situ experiments were analysed using the ImageJ

software. For videos, the applications iMovie and FFmpeg were also used. The latter

allows the extraction of image frames and saved in different image formats.

3.3.2 The imaging techniques: the interaction between elec-

trons and matter

When the electron beam is incident on the specimen within a TEM, scattering

effects will occur which will induce modifications in its amplitude and phase that

will depend intrinsically on the nature of the studied specimen. Therefore, the

electron scattering phenomenon plays a fundamental role in the imaging in a TEM

and this is the subject of this section.

3.3.2.1 Elastic scattering

If an electron wave is scattered by an atom (or a solid) without losing energy, the

process is known as elastic scattering. As the wavelength of the electrons is in the

same order of magnitude of the lattice spacing in crystalline solids, diffraction will

occur. The physical interaction between the electron waves and the crystalline solids

will be mediated by the “strength or power” of an atom to scatter electrons: the

atomic-scattering factor.

3.3.2.1.1 Atomic-scattering factor in crystalline solids
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The scattering cross section σ(θ) is the probability of an electron to be scattered

by an atom as a function of the scattering angle (θ). Thus, the differential scattering

cross section per unit of solid angle (Ω) is:

dσ(θ)

dΩ
(3.3)

This express the proportion of the incident intensity that will suffer scattering

by an atom per unit of solid angle. This intensity can be linked with the atomic-

scattering factor, f(θ), which express how capable an atom is to promoting scattering

of electrons at an angle θ [387]:

dσ(θ)

dΩ
= |f(θ)|2 (3.4)

In a crystalline solid, the atomic-scattering factor is a sum of the contribution

of each atom to the scattering process at its specific lattice position, i.e.:

F (θ) =
∑
n

fn(θ) exp(iψn) (3.5)

Where ψn is the phase angle at the atom n and fn(θ) is the contribution of an

atom n within the lattice to the scattering process. The dot product of the scattered

wavenumber in the reciprocal lattice, ~K = (ha∗, kb∗, lc∗), with the position of each

n atom within the lattice, i.e. ~rn = (una, vnb, wnc) gives the phase angle [387]:

ψn = 2π(unh+ vnk + wnl) (3.6)

Where h, k and l are the Miller indices; a, b and c the lattice parameters (the

reciprocal ones are a∗, b∗ and c∗); and un, vn and wn are the specific positions of the

n-atoms within the lattice. In this way, the structure factor for a solid crystal can

be expressed as:

F (θ) =
∑
n

fn(θ) exp[i2π(unh+ vnk + wnl)] (3.7)

Therefore, the structure factor of a crystal will dictate the intensity (strength)

of any hkl reflection within a TEM as well as which reflections will be allowed in a

certain crystallographic system [387].

3.3.2.1.2 Bragg’s law

The electron beam inside the TEM can be regarded as monoenergetic (or monochro-

matic) although it actually has a small energy spread. The diffraction of the electron

waves in a crystalline solid is described by Bragg’s law which relates the wavelength
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(λ) of a planar wave (the beam) with a scattering angle θB and the lattice spacing

d of the crystal (specimen) to be analysed:

nλ = 2d sin θB (3.8)

Where n is the order of diffraction. When this law is applied to analyse cubic

systems, like the AISI-348 and the FeCrMnNi HEA in this thesis, the lattice spacing

becomes:

d =
a√

h2 + k2 + l2
(3.9)

For this case, the indices h, k and l are the Miller indices for a specific crystal

plane. Bragg’s law can be viewed as a mirror-like physical process: the crystal planes

of a specimen behaves like an atomic mirror and for this reason, a diffracted beam

within a TEM is known as a reflection. These coherent reflections are considered

a type of elastic scattering of the electron beam where no energy transfer occurs.

Incoherent elastic scattering may also occur and this is associated with a change in

the phase of the incident beam wave and will be discussed later.

Within a TEM, diffraction can occur without exactly satisfying Bragg’s law

[383, 387]. By this, a deviation parameter ~sg is introduced to take into account

how far the diffraction conditions are from the exact mathematical condition (i.e.

2d sin θB) [383]. ~K is the diffraction vector when the Bragg’s condition is satisfied

the diffraction vector. The difference between ~K and the deviation parameter ~sg is:

~g = ~K–~sg (3.10)

The vector ~g is the diffraction condition in a TEM when ~sg is higher or smaller

than θB. The exact Bragg condition exists when ~sg = 0.

3.3.2.2 Inelastic scattering

During inelastic scattering events, the incident electron beam transfers energy and

momentum to the specimen and this is associated with losses of the initial electron

beam energy. Inelastic events are particularly important for the identification of

elements (i.e. analytical TEM techniques) as the losses may be characteristic for

different elements in the periodic table. These losses are also associated with the

excitation of plasmons which are collective oscillations of valence electrons and the

energy loss associated with plasmon excitations is lower than for shell-ionisation

processes [383, 384].
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3.3.2.3 Diffraction patterns and Kikuchi lines

In a TEM, a diffraction pattern can be formed when there is coherent elastic scat-

tering of electrons by a crystalline specimen. Each spot of the diffraction pattern is

a reflection ~g corresponding to a specific set of atomic planes. Unlike the electrons

which form a crystalline diffraction pattern, incoherent elastically-scattered elec-

trons do not share a common direction and phase, but they can still be diffracted by

any set of planes they intersected at the Bragg angle θB. As a result, the diffraction

of incoherent elastically-scattered electrons will form a so-called Kossel cone and

the intersection of such a cone with the plane where the TEM diffraction pattern is

formed (back focal plane) will result in the formation of a parabolic line known as

a Kikuchi line [383, 387].

3.3.2.4 Amplitude contrast

Due to scattering effects of the initial beam, the electron wave can have both its

amplitude and phase changed after passing through the specimen. Such modifica-

tions of the electron wave are give rise to contrast mechanisms within a TEM. The

amplitude contrast is related to variations in the atomic density or in the thick-

ness of the electron transparent specimen and the most common mechanisms are

mass-thickness and diffraction contrast.

3.3.2.4.1 Mass-thickness

The scattering interaction between charged particles with matter is governed by the

Rutherford cross section which is a function of the atomic number and the thickness

of the material. Inelastic scattering processes give rise to so called mass-thickness

contrast. In this case, darker contrast (more electron scattering) is related to higher

Z elements and thicker regions whilst lighter contrast is associated with elements of

lower Z or thinner regions. In the context of non-crystalline materials, for example,

mass-thickness has paramount importance as the TEM final image will have no

contrast arising from diffraction effects.

3.3.2.4.2 Diffraction contrast

For crystalline materials, Bragg’s law may be satisfied and intensity changes in the

image may occur as a result of so-called “diffraction contrast”.

In BFTEM, the diffracted waves are intercepted by the objective aperture allow-

ing only the transmitted beam (i.e. not diffracted) to form an image. For example,

for specific crystallographic orientations, small crystallites satisfying the Bragg’s
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law will be seen to have strong dark contrast when under bright-field conditions. In

the DFTEM, the objective aperture will be placed around the diffracted reflection

and then, some of those small crystallites will appear bright. The electron beam

configuration for BF and DFTEM is shown in figure 3.6.

If the electron transparent specimen is bent, dark lines or bands will be visible

under bright-field conditions and, similarly bright in dark-field. These lines are

known as bend contours and they exhibit strong intensity in both BF and DF when

Bragg conditions are satisfied.

In the context of both crystalline and amorphous materials, the generation of

diffraction patterns (DP) due to the interaction between the electron beam with the

specimen are of particular importance for a TEM user, not only for characterisation

purposes, but also for selecting the desired type of imaging within the TEM. The

generation of an image in a TEM is then dependent on the specimen diffraction

pattern and the operational conditions defined by the microscopist.

Figure 3.6: Modes of imaging using diffraction contrast: (a) bright-field (BFTEM)
and (b) dark-field (DFTEM). (Modified from [388])

3.3.2.4.3 Many-beam and two-beam conditions
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The many-beam condition occurs when a group of reflections characteristic of a

specific crystal zone are excited. When the specimen is aligned and tilted to exhibit

such characteristic set of reflections uniformly illuminated, it is said that the crystal

is at down-zone.

The two-beam condition (or two-beam approximation) is achieved when two

strong diffracted beams are observable in the diffraction pattern. One is the trans-

mitted beam and the second is a reflected beam from one specific set of lattice planes.

This method allows, for example, the characterisation of dislocations in bright-field.

This can be achieved by tilting the specimen around a specific zone axis in order

to find a two-beam beam condition where the inner product of the Burgers vector

(~b) with the excited reflection (~g) is ~b · ~g > 0. This is visibility condition in dis-

location analysis. Often, a set of four of more two-beam conditions are necessary

unequivocally determine the Burgers vector [248, 383, 387].

3.3.2.4.4 Weak-beam

For weak-beam dark-field (WBDF) imaging, the sample is tilted with the purposes

of exciting large-order reflections (3th order or more) which are of low intensity

(weak). This is often carried out after a two-beam condition is established. WBDF

is particularly useful for imaging dislocations. This is because under weak-beam

conditions most of the crystallographic planes in the specimen are tilted away from

the Bragg condition, but due to strain fields, the dislocation core satisfy the Bragg

condition.

3.3.2.5 Phase contrast and Fresnel contrast

Phase contrast occurs when transmitted and diffracted waves with different phases

emerge from a specimen. Such phase differences give rise to an interference pat-

tern. By defocusing the electron beam (in combination with spherical aberration),

phase contrast can be converted to amplitude contrast which, for example, allows

the characterisation of several types of radiation damage defects in materials, in

particular voids and bubbles (known as Fresnel contrast). A particular feature

of phase-contrast imaging technique is that it can provide spatial resolutions on

the order of 0.1 nanometre, therefore allowing the capture of high-resolution TEM

(HRTEM) images so called lattice imaging [383].

3.3.2.6 Scanning Transmission Electron Microscopy

STEM is a mode of operation for a TEM. In the STEM operational mode, a focused

electron beam is used to scan and raster over the specimen in similar way to a
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Figure 3.7: Typical ray diagram in STEM microscopes. (Adapted from [389].)

television-style pattern [384, 389]. A set of STEM detectors are inserted after the

specimen to detect the transmitted electrons during the raster pattern. A typical

ray diagram of STEMs is shown in figure 3.7. In this way, several different signals

can be obtained from the specimen which are processed separately, such as X-rays,

secondary and backscattered electrons.

STEMs are particularly useful within the context of analytical TEM characteri-

sation. The emitted X-rays during the scan of the electron beam over the specimen

can be acquired and used to compose an elemental chemical map (a fingerprint) of

the sample if an EDX spectroscopy detector is used to collect such emitted X-rays.

Similarly, electron energy loss spectroscopy (EELS) can be performed by means of

a coupled EELS spectrometer with the STEM mode of operation. EDX mapping

and EELS will be further discussed in the next section as they have been used for

characterisation of radiation-induced damage effects in the samples during this work.

Another particularity of STEM operation is the ability of using incoherent elastic

scattered electrons to form high-angle annular dark-field (HAADF) images. Also

known as Z-contrast images, HAADF images may provide high resolution images of

atom columns [384].
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3.3.3 TEMs used for the work reported in this thesis

At the University of Huddersfield, a JEOL 3010 operating at 300 kV with a LaB6

filament was used to carry out post-irradiation characterisation of samples. The

two TEMs with in situ ion irradiation at the MIAMI facilities are a JEOL 2000FX

operating at 200 kV with a W filament and a Hitachi H9500 operating at 300 keV

with a LaB6 filament. These were used to monitor in real-time the effects of ion

irradiation on the materials used during the work reported in this thesis.

During the six-month internship period at the Oak Ridge National Laboratory,

a JEOL 2100F high-resolution TEM operating at 200 keV with a Schottky Field-

Emission Gun was used for post-irradiation characterisation. An FEI Talos STEM

microscope with a FEG filament operating at 200 kV was used for analytical char-

acterisation of irradiated samples.

In collaboration with the University of Limerick, a FEI Titan STEM/TEM mi-

croscope was used to produce HRTEM images as well as to analytically quantify

some irradiated samples from MIAMI. In the results chapters, when appropriate, it

will be specified which microscope was used to produce a certain set of results.

3.4 Ion irradiation in situ within a TEM

The technique of ion irradiation in situ within a transmission electron microscope

was firstly reported in 1961 at the T.I. Research Laboratories in Hinxton Hall at

Cambridge (UK) by Pashley, Presland and Menter [390]. They observed the forma-

tion of small black spots in BF images of Au and concluded that such defects were

caused by the impact of negative ions which were not identified. Later, Parsons et al.

investigated whether these ions were produced during oxidation of the W filament

in the poorer vacuum conditions, indicating that these ions were probably O− [391].

The surprising real-time observation of radiation-induced defects in a material led

Pashley et al. to conclude that this technique could be of paramount importance

for the field of nuclear materials and technology [392].

The experiments carried out by Pashley et al. were attributed to a faulty electron

gun and did not result from the use of a dedicated instrument for in situ TEM

with ion irradiation. The first TEM coupled with an ion accelerator was reported

by Thackery, Nelson and Sansom at the Atomic Energy Research Establishment

(AERE) at Harwell (UK) late in the 1960s. It consisted of a JEOL JEM-6A TEM

operating at 100 kV coupled with an ion implanter with acceleration energies from

30 to 140 keV [392–394].

Although theoretically the technique itself is of low complexity, according to

Hinks [392] in 2009, there were only 11 facilities around the world dedicated to ion
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irradiation in situ within TEMs. Although, this class of experiments does not replace

either ex situ ion irradiation techniques or neutron irradiations: the in situ moni-

toring of radiation effects in a TEM can provide new insights into the mechanisms

of damage production, thus contributing to the understanding of the potential per-

formance of many nuclear materials under irradiation and complementing the other

techniques.

The University of Huddersfield currently hosts two in situ TEMs with ion ac-

celerators: the MIAMI-1 and -2 facilities whose capabilities and operational details

will be given in this section. In the current research, the in situ TEM ion irradia-

tion technique was used to investigate the effects of energetic particle irradiation on

high-entropy alloys, the AISI-348 steel, MAX phases and HEATFs.

3.4.1 MIAMI-1

The Microscope and Ion Accelerator for Materials Investigations, MIAMI-1, is one of

a small number of facilities coupling an ion accelerator with a TEM. This allows the

dynamic investigation of the microstructural evolution of different materials whilst

being irradiated under many different conditions. The MIAMI-1 facility at Hudder-

sfield is able to accelerate ions initially up to 10 keV with an addition acceleration

stage up to 100 keV after a bending and mass-selecting magnet. Ion beam current

measurements are carried out by means of skimming apertures along the ion beam

line. The MIAMI-1 project started in March 2007 and some first experiments were

conducted in 2009 by Hinks [393] in the research group of S.E. Donnelly.

3.4.1.1 Capabilities

The MIAMI-1 facility is capable of running a wide variety of inert gas ion beams

routinely within the energy range from 2 to 100 keV with fluxes in the range from

1010 to 1014 ions·cm−2·s−1. The ion implanter is coupled with a JEOL JEM-2000FX

TEM operating with energies between 80–200 keV with images and videos recorded

using a Gatan Orius digital camera with 4 megapixels. The facility also has a set

of different specimen holders including double-tilt with heating (up to 1273 K),

single-tilt with heating (up to 1573 K), straining and cooling (to 100 K). Although

a detailed description of the system was published elsewhere [393], the mechanisms

that allow the in situ TEM with ion irradiation will be briefly described here.

3.4.1.2 Ion source

The generation of ions in MIAMI-1 is achieved by a Colutron G-2 ion source that is

capable of extracting ions (singly-charged) with energies from 0.5 to 10 keV. Beam
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deflectors and stigmators, an einzel lens and a Wien filter contribute to the first

stage of beam alignment and optimisation.

Figure 3.8: The MIAMI-1 facility schematics. (Reproduced from [393].)

3.4.1.3 Ion beam transport and monitoring

As the ion accelerator column is initially perpendicular to the TEM column, a

bending magnet is used both to deflect the ion beam at an angle of 37◦ and to provide

mass selection. After the generation of the ions at the source and acceleration

towards the TEM, the beam is transported through a post-acceleration tube with

the purpose of accelerating the ions further to yield an energy in the range of 10–100

keV. This post-acceleration tube is made of nine electrodes separated by ceramic

spacers and connected to a resistor chain. After the acceleration tube an einzel lens

and double deflectors serve to focus and accurately align the ion beam. The final

stage consists of electrostatic deflectors (horizontal and vertical) for final alignment

of the ion beam onto the sample position within the TEM. The overall schematic of

the MIAMI-1 system is shown in figure 3.8 [393].

In order to monitor the ion beam from extraction to the final deflection stages,

two National Electrostatic Corporation beam profile monitors are installed on main

panel of MIAMI-1. These monitor the beam profile after the ion source and before

the sample position.

3.4.1.4 Coupling within a TEM

In order to couple the ion accelerator with the JEOL JEM-2000FX TEM, a small

modification in the standard microscope section was carried out between the con-

denser and objective systems as showed in the figure 3.9.
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Figure 3.9: The MIAMI-1 final deflection system [393] (left) and the JEOL JEM
2000FX TEM.

3.4.1.5 Dosimetry

MIAMI-1 has a dosimetry system that allows precise and accurate current (ion

flux) measurement at the specimen position. Before the final deflection system, a

skimming diaphragm system is used to measure the ion beam current: a set of 1

and 1.2 mm apertures are placed in the skimming diaphragm in order to deliver

a well-aligned ion beam to the final deflection system. The skimmers also allow

fluctuations in ion beam current to be measured during ion irradiation experiments.

After the final deflection system, the current at the specimen position is measured

using a current metering rod (CMR). The CMR is a device (resembling a specimen

rod) that can measure both the electron and ion beam currents. Its design comprises

metal plates with insulators in between. The measured currents are displayed using

Keithley model 6485 picoammeters. With the measured values after stabilisation,

current-to-flux conversion is performed based on previous calibrations: 1 nA cor-

responds to 4.8×1014 ions·cm−2·s−1. The CMR is a unique, in-house designed and

developed dosimetry system.

3.4.2 MIAMI-2

The MIAMI-2 facility was commissioned in late 2016 and officially inaugurated in

early 2018. It provides the possibility of irradiation at higher energies, i.e. from 5

to 350 keV, for most elements. The MIAMI-2 facility is installed over two floors as

shown in figure 3.10. The first floor has the accelerator hall where the ion beam

is produced and accelerated and a beamline hall for ion beam transport in the

medium-energy ion beam line. On the ground floor, a second low-energy (second)

ion beamline, the transmission electron microscope and the computer-control for the

whole instrument (figure 3.10) are installed. The capabilities and detailed specifica-
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Figure 3.10: Overview of the MIAMI-2 facility. (Courtesy of Dr J.A. Hinks.)

tion of the MIAMI-2 facility will be described here.

3.4.2.1 Capabilities

The MIAMI-2 facility has two ion beams: a medium-energy ion beamline with

acceleration voltages between 5 to 350 kV and the angle of the ion beam with

respect to the electron beam within the TEM is 18.7◦. The second is a low-energy

ion beam line for H and He species with an energy range of 1 to 20 kV. The two

ion beams are combined into the same trajectory before entering the TEM. This is

a Hitachi H-9500 operating at energies between 60 to 300 keV and has a resolution

of 0.14 nm with a LaB6 filament. The microscope is equipped with a Gatan Model

1095 OneView camera with 4k resolution (i.e. 4096 x 4096 pixels) for imaging, a

Gatan Model 693 GIF Quantum SE camera for energy-filtered TEM (EFTEM) with

a resolution of 0.25 eV at zero loss and a Bruker Quantax 400 with XFlash 6T-60

energy-dispersive X-ray spectroscopy (EDX) detector. MIAMI-2 also has a wide

range of sample holders which allow experiments at low and high temperatures as
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well as double tilt and tomography holders.

3.4.2.2 Ion source

In the accelerator hall, a Danfysik 921A ion source operating at around 30 kV is

used to produce the ion beam. This specific ion source allows the possibility of

mounting a metal disk inside the discharge chamber in order to sputter metal atoms

and produce ions from most metals. After the sputtering process, the atoms are

ionised and mixed with the discharged plasma and therefore the extracted ion beam

has a large proportion of metal ions [395].

3.4.2.3 Ion beam transport and monitoring

The medium-energy beamline includes an electromagnet and slit system before the

acceleration stage that allow mass selection of the required species. The acceleration

lens can provide potentials up to 320 kV and a Faraday cup is used to monitor the

beam profile and current. Electrostatic quadrupole lenses are used at this stage for

beam focusing. The next stage involves deflecting the ion beam through an angle of

71.3◦ towards the TEM where a second Faraday cup allows beam monitoring. Ad-

ditional alignment and focusing of the ion beam at this stage is further provided by

quadrupole lenses, and magnetic and electrostatic steerers. The low-energy beam-

line has a Colutron G-2 ion gun and its alignment, beam profile monitoring and

optimisation is quite similar to those in MIAMI-1. The two beams are aligned prior

to entering the TEM using a mixing magnet. The overall schematic of the MIAMI-2

facility are shown in figure 3.11.

3.4.2.4 Coupling within a TEM

Hitachi engineers added a new section into the TEM column to allow the coupling

of the ion beams with the TEM as shown in figure 3.12. The mixed ion beams hit

the specimen position at an angle of 18.7◦ with respect to the electron beam.

3.4.2.5 Dosimetry

The dosimetry in MIAMI-2 is performed with CMRs in a similar way to the MIAMI-

1 facility. The current measured at the CMR can be converted to flux by using previ-

ous calibrations. For this case, 1 nA corresponds to 4×1014 ions·cm−2·s−1. For heavy

ions such as Xe at 30 keV the fluxes are on the order of 3×1013 ions·cm−2·s−1. For

lighter ions, such as 6 keV He, the flux can be on the order of 2×1014 ions·cm−2·s−1.
Recently, successful dual-ion irradiation experiments have been carried out by mix-

ing 10 keV He with 200 keV Kr ions.
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Figure 3.11: The MIAMI-2 facility schematics. (Courtesy of Dr. J.A. Hinks)

Figure 3.12: The mixing magnet and the beam section that allows the ion beam
coupling with the microscope. (Courtesy of Dr. J.A. Hinks.)
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3.4.3 Stopping and range of ions in matter

Prior to conducting ion irradiation experiments at the MIAMI facilities, calculations

with the Stopping and Range of Ions in Matter (SRIM) Monte Carlo code are

performed in order to estimate physical parameters such as implantation depth, and

distribution of vacancies and interstitials. The SRIM Monte Carlo code is a standard

software package widely used by the ion beam community. SRIM is benchmarked

with real physical experiments [148]. It is based on a hard-sphere binary collision

model which has been discussed in the section 2.2.1.1. The code is able to calculate

a number of different parameters such as within the energy range from 10 eV to 2

GeV [145, 148].

The SRIM interface allows the user to change a set of variables, including the

ion species, the ion energy, the incident angle, the target elements including mul-

tilayer structure, lattice energy, surface binding energy, number of ions and type

of calculation. The code does not simulate the crystal structure of a material: it

simply approximates binary collisions between impinging ions and target atoms at

0 K [148, 396]. The code also features several modes of calculations, however during

this project, the “ion distribution and quick calculation of damage” mode has been

used as it allows fluence-to-dpa conversion without overestimating the calculated

vacancy concentration [140].

3.4.3.1 The Monte Carlo algorithm in SRIM

The SRIM code uses the Monte Carlo method which was developed in late 1930s

by S. Ulam and N. Metropolis [153] and it consists of uniformly distributing the

collisions along a random-walk flight path of incident energetic particles and esti-

mating the recoiled atoms (i.e. the displaced target atoms) generated as a result

of these collisions. By definition, if the transferred energy from the ion to the tar-

get atom is higher than its displacement energy (Ed), this target atom is displaced

thus becoming a primary knock-on atom. For a first collision between an ion and a

target atom, SRIM calculates an impact parameter to define whether displacement

will occur. Glancing angle collisions are ignored. A PKA will be followed until it

reaches an energy cut-off (Ef ) that varies for each element in the periodic table (e.g.

2 eV for Si). For energies bellow the cut-off, the transported atom or ion will come

to rest within the target layer. SRIM also calculates the number of vacancies, inter-

stitials and replacement collisions. The latter occur when a vacancy is immediately

annihilated by a displaced atom.

Aiming at improving the computational efficiency, the SRIM algorithm for the

high energy regime (E >100 keV) is modified by the introduction of a free flight

path parameter and the mean interatomic spacing parameter. In this case of high
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energy ions, the collisions that do not generate displacements are ignored [148, 396].

3.4.3.2 Fluence-to-dpa conversion

Displacements-per-atom or dpa is a measure of the average number of times that

a lattice atom is displaced from its equilibrium position. SRIM does not calculate

and/or estimate the either flux of particles or fluence (flux integrated over time):

these are experimental parameters from the ion irradiation experiments. However,

SRIM calculates the number of generated vacancies per ion using the Kinchin-Pease

model in the quick mode of calculation [160] which allows a direct conversion from

experimental fluence to dpa. Recently, a standard procedure to convert fluence-to-

dpa has been proposed by Stoller et al. aiming at comparing the dpa from neutron

irradiation and ion irradiation experiments [140]. This procedure has been used for

all experiments during the current research project. Additionally, throughout this

thesis, the calculated dpa values are an average of the damage over the specimen

thicknesses.

For fluence-to-dpa conversion based on Stoller et al. [140], “quick calculation of

damage” mode of SRIM is used as it does not overestimate the number of generated

vacancies. This procedure was developed based on recent results from detailed

molecular dynamics calculations. The recipe is described as follows:

1. The displacement energy for each element of the target materials is selected

from the ASTM E521 tabulation [139] where 40 eV is applicable for most

metals.

2. The lattice and surface binding energies are set to zero.

3. The damage energy is calculated using the following equation, Td = EP
i +EP

T ,

where EP
i is the beam energy lost to the production of phonons and EP

T is

the target atom energy lost to phonons. This information can be found in the

PHONONS.txt output file of SRIM.

4. Using the calculated Td, the number of displacements (νNRT ) is calculated

using the Norgett-Robinson-Torrens (NRT) displacement model in which:

νNRT = 0.8
Tdam
2Ed

(3.11)

5. With the calculated number of displacements, the direct fluence (Φ) to dpa

conversion is given by:

Φ =
dpa · t ·N
νNRT

(3.12)
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Where t is the assumed (or measured) thickness of the sample and N the atomic

density of the material. Throughout this thesis, the SRIM calculations as well as

the conversion from fluence to dpa will be given at the beginning of each results

chapter. For the calculations performed in this project, step 3 was found to produce

on average the same number of vacancies per ion as the value exhibited in the

“calculation parameters” section in the SRIM main graphical interface.

3.5 Neutron irradiations at the High Flux Isotope

Reactor

In the research reported in this thesis in chapter 8, neutron irradiations of Ti-

based MAX phases have been carried out in the HFIR at the Oak Ridge National

Laboratory in the United States.

Figure 3.13: The profile of neutron fluxes at HFIR when the reactor core operates
at 85 MW. Fluxes of the order of 1015 neutrons·cm−2·s−1 can be achieved. Source:
ORNL apud Wikipedia [397].

The HFIR is a nuclear research reactor that currently operates at 85 MW and

is considered the highest neutron flux source for research available in the US [397].

The reactor went critical for the first time in 1965 and to date, it has been used as a

multipurpose platform for scientific research in several areas of knowledge including

condensed matter physics, materials science, nuclear fuels and nuclear fusion energy

[REF]. The reactor also serves for radioisotope production for either medical imaging

or cancer treatment [397].

HFIR is cooled and moderated with light-water and it uses highly enriched

uranium-235 (at an enrichment level of 93%) as nuclear fuel [397]. Specifically,
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the nuclear fuel is of cermet-type: U3O8-Al alloy 6061 [398–400]. When operating

continuously at 85 MW, the average core lifetime (cycle) of HFIR is reported to be

23 days [397]. The reactor concept is based on beryllium reflectors that establishes

a “flux trap” which consists of an annular region of nuclear fuel surrounding a mod-

erating region with no nuclear fuel. At the centre of the non-fuelled region, a very

high neutron flux can be achieved. Holes within the reflectors and at the peripheral

positions of the core are used to either irradiate samples or for the production of

radioisotopes [397–399]. A profile of neutron fluxes as a function of distance from

the HFIRs core is shown in figure 3.13.

The irradiation capsules and sample holders for materials research are designed

and operated by ORNL personnel who are also responsible for dosimetry calculations

of dose rates and accumulated doses. In the research reported in this thesis, the Ti-

based MAX phases were irradiated at the HFIR at 1273 K and at two different

doses: 2 and 10 dpa calculated with the NRT model from their respective fluences,

2×1021 and 1×1022 n·cm−2. Complete thermal histories during irradiation were not

provided by ORNL. After irradiation in the HFIR, the samples are safely stored

in radiation-shielded containers in order to wait for activity reduction. When the

activity levels are sufficiently low, following ORNL internal protocols, samples are

sent to the Low Activation Materials Design and Analysis (LAMDA) laboratory

for post-irradiation analysis in “hot” electron microscopes (SEM, FIBs and TEMs)

where the research with Ti-based MAX phases herein reported was performed.

3.6 Sample characterisation techniques

In combination with the major technique of ion irradiation in situ in a TEM, a set

of analytical techniques has also been used in this project with the aim of better

understanding radiation damage effects in the materials under investigation. This

section will introduce these analytical techniques and describe how they were used

for the purposes of post-irradiation characterisation. A typical example from the

literature will be provided in order to illustrate the application of newer techniques,

for example the multivariate statistical analysis in subsection 3.6.3.

3.6.1 Scanning Electron Microscopy

Instead of analysing the transmitted electrons through electron transparent speci-

mens, an SEM generates images by scanning an electron beam over a sample and

measuring non-transmitted electrons. As in the case of TEM, the physical interac-

tions of the electron beam with the specimen generate a set of signals that can be

used for both imaging and analytical characterisation (as shown in figure 3.14).
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According to D. Joy, around 90% of the scientific literature on SEM and its

applications lie in the imaging of surface topography as it is particularly useful

for analysing the surface microstructure of materials with good accuracy at the

mesoscale [401]. Surface topography analysis offers: detection of the presence of

secondary phases, surface details (e.g. roughness, blisters etc.) and compositional

variations on the different phases [402, 403]. In recent decades, due to with the

introduction of FEGs with higher brightness (than W filaments) in SEMs has allowed

the determination of crystallographic orientation of grains by means of analysing

electron backscattering patterns: a technique known as EBSD. The information

from EBSD patterns is represented by the three Euler angles that define a certain

crystal orientation, thus resulting in the formation of an image which is a map of

Figure 3.14: The several effects of the electron beam interaction with the specimen
within a SEM is exhibited in (a) and (b) showing that the occurrence of these
effects is a function of the electron beam depth of penetration, i.e. the energy of
the incident beam and the material under analysis.
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grain orientation. These maps have been used over the last century for several

purposes including, for example, the study of texture in materials [404, 405].

A typical SEM operates with electron beam energies from 2 to 30 keV. Upon

increasing the energy, the electron beam penetrates deeper in the sample. Higher

electron beam energies are also associated with multiple scattering effects which may

affect the overall quality of images in specific cases. Typical physical interactions of

the electron beam with the specimen result in secondary electrons (SE), backscat-

tered electrons (BSE), characteristic X-rays (photons), Auger electrons and cathodo-

luminescence (which is the emission of photons within the visible wavelength range).

The emission of characteristic X-rays is particularly useful for elemental composi-

tion determination and will be more fully described in subsection 3.6.2. SE and

BSE images are used for imaging purposes with the later being useful to distinguish

between different elements within the material: backscattered electrons from heavier

elements will appear with darker contrast [401, 404].

3.6.2 Energy dispersive X-ray spectroscopy

The EDX (or EDS) technique consists of analysing the X-rays which emerge from

the sample due to the interaction with high energetic electron beams. The incident

electrons can promote electrons from inner shells to another shell and when an

electron from an outer shell decays, to fill the gap, an X-ray is emitted with an

energy equivalent to the energy difference between the two levels [406].

An EDX system has four main components: (a) an excitation source which

is the electron beam within a SEM or TEM, (b) the X-ray detector, (c) a pulse

analyser processor and (d) the computer instrumentation for data processing. With

the energy dispersive spectrometer coupled to a TEM or SEM, the number and

the energy of X-rays emitted from such interactions can be recorded. The energy

of the X-rays is the characteristic energy between the energy levels of an element

and therefore, these EDX measurements give a detailed quantitative report of the

sample’s elemental composition.

Important protocols for EDX spectroscopy experiments are the mathematical

methods for elemental quantification. These routines are incorporated into most

EDX systems and are treated as standardless quantification methods in analysis.

Among the wide variety of methods, the most common is known as ZAF: the letters

Z, A and F stand for correction factors for the calculated concentrations based on

their corresponding intensities of the peaks. The production (Z), absorption (A) and

enhancement of the characteristic radiation (F) are thus taken in account within the

EDX analysis [407].

In the work reported in this thesis, an FEI Quanta 300i SEM-FEG with a coupled
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EDX detector from Oxford Instruments was used for the pre- and post-irradiation

characterisation of the HEA and the AISI-348. The accuracy of this system is defined

by the statistics of X-ray counts. For major alloying elements, the relative error is in

the order of 1%. For minor elements, the minimum detectable amount is about 1000

appm in the composition. This SEM is located in the School of Applied Sciences

at the University of Huddersfield. In addition, for the MAX phases imaging, a

Tescan MIRA3 was used in the Low Activation Materials Development and Analysis

laboratory (LAMDA) at Oak Ridge National Laboratory. Pre-calibration of the

EDX detectors was carried out using stoichiometric SiC samples for C and pure Cu

for metals.

3.6.2.1 EDX in MAX Phases

In order to perform EDX measurements in the Ti-based MAX phases investigated in

this thesis, both Ti3SiC2 and Ti2AlC samples were plasma cleaned in a Femto low-

pressure plasma system (Diener GmbH) for 15 minutes prior insertion in the SEM.

This was a necessary step aiming at reducing possible sources of C contamination

on the specimens.

3.6.3 Multivariate statistical analysis

The advent of probe-forming analytical electron microscopes (AEM) operating field

emission guns has allowed the acquisition of spectral EDX imaging with an average

spatial resolution in the order of 1-2 nm [408]. These elemental maps can provide

qualitative information on the distributions of elements in an electron-transparent

sample, but such techniques are limited when quantitative information on possible

different phases in a multicomponent system and the presence of minor elements

in such phases are major concerns. Refinement of conventional analytical STEM-

EDX methods has been recently revolutionised by using statistical methods that are

capable of deconvolving spectral signals aiming at finding correlation between the

distribution of elements over a wide variety of multicomponent alloy samples.

By using a statistical technique known as Principal Component Analysis (PCA),

Watanabe et al. [409] demonstrated the viability of detecting minor elements with

accuracy on the order of 1 wt.% when examining STEM-EDX imaging with spatial

resolution around (less than) 5 nm. PCA algorithms in this context – a type of

multivariate statistical analysis (or MVSA) – use orthogonal transformations in

order to convert a series of possibly-correlated variables into linearly uncorrelated

variables which are known as principal components [410, 411]. The application

of PCA algorithms on STEM-EDX spectral images as shown by Watanabe et al.

[409], demonstrated that STEM-EDX maps can be refined to reveal and identify
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(1) HAADF 
neutron-irradiated low alloy steel

(2) Original STEM-EDX

(3) MVSA

#2 Carbides
- MVSA indicates the identification of 
Cr-rich carbides containing small 
quantities of Si and Mo.
- Negative signals represents depletion 
(Fe and Ni).
- Positive signals (Cr, Si, Mo) are 
associated with the bright areas (i.e. 
carbides) in the amplitude maps.

#5 Irradiation-induced precipitates
- MVSA indicates the formation of Ni-
rich precipitates containing Cu and Mn.
- Negative signals represents depletion 
(Fe).
- Positive signals (Mn, Ni, Cu) are 
associated with the bright areas 
(nanoprecipitates) in the amplitude 
maps. 

#1 Average spectrum
- Represents the average spectrum of 
the whole sample as-acquired.

Figure 3.15: Demonstration of MVSA refinement of STEM-EDX maps acquired
from a neutron-irradiated steel. Note: These figures are an adaption from a work
authored by Burke, Watanabe, Williams and Hyde in 2006 [408].
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any statistically significant features in complex alloys (such as nano-precipitation

and the elements present in them) as well as reducing the noise arising from the

measurements.

A typical example of the application of MVSA methods in a neutron-irradiated

low alloy steel is shown in figure 3.15 that was adapted from a reference paper by

Burke, Watanabe, Williams and Hyde in 2006 [408]. A HAADF micrograph of

a region of interest (ROI) containing carbides is shown in the figure 3.15(1). A

set of STEM-EDX maps were acquired from the ROI and as can be observed in

figure 3.15(2): the images reveal the presence of nanometre-sized Ni precipitates,

however, the Mn, Cu and Mo elemental maps do not indicate the presence of these

elements within the nano-precipitates regions. The use of MVSA, figure 3.15(3a-

3c) allowed the decomposition of the average EDX signal from the whole sample

(figure 3.15(3a)) into the detection of two different phases: (figure 3.15(3b)) Cr-rich

carbides containing Si and Mo, but depleted in Fe and Ni and (figure 3.15(3c))

Ni-rich precipitates containing Cu and Mn but depleted in Fe. The application

of MVSA methods on STEM-EDX maps as demonstrated by Burke et al. [408]

has shown that the irradiation-induced precipitates are not pure Ni (as initially

indicated by the set of STEM-EDX maps in figure 3.15(2)), but also contain Cu and

Mn. In addition, as observed in figure 3.15(3), the MVSA-EDX processed spectra

can be use to plot an amplitude map which represents the different phases in the

neutron-irradiated alloy.

MVSA has been used in the work reported in this thesis in order to provide more

accurate quantification of STEM-EDX mapping of irradiation-assisted secondary

phases observed to form in the AISI-348 steel. These results will be shown in chapter

6, subsection 6.2.2.4.

3.6.4 Electron energy loss spectroscopy

The interaction between the electron beam of a TEM with a specimen produces a

broad electron energy distribution that can be used to extract useful physical and

chemical information about the material studied. The electron beam in a TEM has

a defined energy typically within the range of 60 to 300 keV. In this energy range,

the electrons undergo a wide variety of interactions, but specifically the information

on the their loss of energy in passing through the specimen can be used for the

purposes of spectroscopy: EELS.

Three components are required to perform EELS: (a) source of electrons, (b) an

electron transparent sample and (c) a magnetic spectrometer to analyse the energy

of the scattered electrons.

The output of an EELS experiment is a spectrum of the transmitted signal in-

112



tensity as a function of energy losses for all electrons within the angular distribution

limited by the entrance aperture to the spectrometer. A zero-loss peak (ZLP) is

observed at E = 0 and represents those electrons which have passed through the

specimen without losing energy (i.e. elastically scattered electrons or unscattered).

Inelastically scattered electrons are the remaining part of the spectrum: these

have suffered a loss of energy due to their interactions with the sample. These

interactions include phonon excitations, electron inter-band transitions, plasmon

excitations (collective oscillations of electrons), inner shell ionisations and the emis-

sion of Cherenkov radiation. Particularly, the inner shell ionisations can be used to

determine the elemental composition of the sample. Additionally, the integration of

the low-loss region can quickly provide quantitative measurements of the thickness

of a region.

During this work, a Gatan 666 PEELS system within a JEOL JEM-3010FX TEM

was used. The EELS system is from Gatan and the full-width at half maximum

(FWHM) of the ZLP recorded with this instrument is in the range of 2–4 eV.

Additionally, the new EELS capabilities at MIAMI-2 with the Hitachi H-9500 TEM

have also been used. For this latter case, a Gatan EELS system featuring a Gatan

imaging filter (GIF) with a Quantum SE detector is coupled with the Hitachi TEM.

The ZLP FWHM in this case is 2.2 eV.

3.6.4.1 Energy-Filtered Transmission Electron Microscopy

The information from EELS spectra can also be used to produce qualitative elemen-

tal maps in a similar way to EDX. EFTEM images are formed based on the specific

electron energy loss in the area of analysis in an electron transparent specimen.

In order to carry out EFTEM, an EELS spectrometer is used. An energy slit

filters a defined energy range that allows the detection of specific ionisation edges and

the generation of qualitative elemental maps. EFTEM reported in this thesis used

a GIF with a Quantum SE camera on the Hitachi H9500 TEM. This technique was

also used to compare the results obtained with STEM-EDX analysis of irradiations

of the AISI-348 and the thin films.

3.6.4.2 Thickness measurements using EELS and EFTEM

EELS and EFTEM were used to estimate the thicknesses of the samples prior to in

situ ion irradiation within the TEM. In this technique, a ratio between the intensities

of the zero-loss (I0) and the inelastic scattered (It) electron beams is estimated from

a sample region [412]. By estimating such a ratio, the thickness (t) of the TEM

electron-transparent sample is related to the mean free path (λ) of electrons (at a

specific energy) within a specific material:
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Figure 3.16: Thickness map obtained with a typical sample using the EFTEM
capabilities in the Hitachi H-9500. The calibration bar (top right) exhibit the values
for thickness in nanometres after conversion using equation 3.13.

t

λ
= – ln

I0
It

(3.13)

Using data available in the literature for the mean free path of 300 keV electrons

into Fe (different values are reported in literature, but are in the range of λ ≈100–200

nm [413]) as an approximation, the thicknesses of the samples was estimated to be in

the range of 60 to 120 nm. For the SRIM calculations, the thicknesses of the samples

were measured to be ≈ 70 nm as the t/λ ratios were measured in the EFTEM to

be around 0.5. When the samples were found to be thicker, additional thinning

was performed. However, more accurate measurements of the mean free path in

complex multicomponent alloys would be required in order to accurately estimate

such thicknesses.

3.7 Thermodynamic calculations with CALPHAD

The CALPHAD method designate a series of procedures designed to calculate phase

diagrams based on thermodynamic models. The CALPHAD methods include not

only the software used for minimising the free energy of a set of phases described

by thermodynamic models, but also to protocols on how to derive these models and

how to obtain model parameters based on experimental data. In general a system

is defined by the components included in the calculation, the model parameters
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are read from published databases, and a dedicated software (e.g. Thermo-calc R©)

obtains the solution corresponding to the minimum of the free energy of a set of

phases corresponding to a given set of thermodynamic state functions (T, P and so

on) [414, 415].

In the research reported in the chapter 6, the CALPHAD method was used to

calculate the equilibrium phase diagrams of the AISI-348 steel. For these thermo-

dynamic calculations, the SGTE Solid Solution 2.0 database (SSOL2) was used.

In order to model the multicomponent system of the AISI-348 steel, the elements

Fe–C–Cr-Ni–Mn–Si–Nb were chosen along with the A1 FCC, A2 BCC, LIQUID,

M23C6 and SIGMA phases. The first two phases are described with two sub-sets.

In the first sub-set of the A1 FCC phase, the γ-Fe phase is represented by a highly

defective interstitial sublattice whilst the second subset is an interstitial sublattice

fully occupied with C, thus corresponding to the Nb carbides. With respect to the

A2 BCC, the two sub-sets are represented by either the Fe-rich and the Cr-rich

ferritic phases. For the thermodynamic modelling of the AISI-348 steel reported in

this thesis, the composition of the steel as reported in subsection 4.2.2.3 was used.
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Chapter 4

Pre-irradiation characterisation of

the multicomponent alloys and the

Ti-based MAX phases

4.1 Introduction

The austenitic stainless steel grade 348 and the high-entropy alloy investigated in

this research project are part of the same multicomponent thermodynamic system:

the quaternary alloy FeCrMnNi. In order to qualitatively and quantitatively explore

the similarities and differences between these two alloys, a full characterisation study

was carried out prior to irradiation at the MIAMI facilities. This characterisation

methodology included conventional microstructural analysis and analytical quantifi-

cation within electron microscopes (both SEM and TEM). The same methodology

was also used to characterise the Ti-based MAX phases: Ti3SiC2 and the Ti2AlC. A

discussion of the results is presented and previously published data in the scientific

literature is used to confirm and reflect on the results obtained.

4.2 Austenitic stainless steel: AISI-348

As discussed in section 2.1.1.1, stainless steels comprises a specific class of Fe-based

alloys in which Cr and Ni are added into solid solution as major alloying elements.

The word stainless refers to the capability of these alloys to resist stains that can

be due to discolouration, loss of mass or corrosion [32]. The main reason why these

alloys are resistant to stains is the formation of a superficial layer of oxides (known

as passivation layer), thus protecting the bulk material from possible chemical and

physical reactions with the environment. These steels are categorised according to

the major alloying elements and crystal structure. The latter refers to the case where
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Table 4.1: Nominal composition of the AISI-348 steel [359].

Element Composition [wt.%]
Fe Balance
Cr 17.00-19.00
Ni 9.00-13.00
Mn 2.00 (max)
C 0.08 (max)
P 0.045 (max)
S 0.030 (max)
Si 1.00 (max)
Ta 0.10 (max)
Nb 10×C (min)
Co 0.20 (max)

the stainless steel is austenitic (FCC), ferritic (BCC) or martensitic (BCC), or even

a mixture of these phases. The AISI 300 series is the designation for austenitic

stainless steels, often with Cr, Ni and Mn as major solutes.

Before commencing the irradiation experiments on the austenitic stainless steel

348, this material was characterised in its pristine (i.e. as-received) condition. Pieces

of this steel were provided in collaboration with the University of São Paulo and

were obtained from steel tubes redistributed by the FOPIL company [416], but

manufactured by Sandvik. The AISI-348 steel was solution-annealed at 1313 K.

Following the solution-annealing heat treatment, the AISI-348 steel was air-cooled

(in the case of Nb-stabilised steels, according to Padilha et al. [417] water-quenching

is not needed and air cooling is sufficient to avoid sensitization of the steel) and hot-

rolled. Complete details of the thermo-mechanical history of this steel were not

provided by the manufacturer and the nominal composition of this steel is shown in

table 3.2.

The main reasons for selecting the AISI-348 are: (i) the high relevance of austenitic

steels within the context of nuclear reactor technology, mainly in backbone fleet of

the British Advanced Gas-cooled Reactors (AGRs) [418]; and (ii) the lack of data

regarding the behaviour of the AISI-348 under energetic particle exposure [325].

Additionally, as the major constituents of this steel are Fe, Cr, Mn and Ni, a useful

comparison on its radiation response with the FeCrMnNi quaternary HEA will be

made. For all the experiments reported in this thesis, the AISI-348 steel samples

were used as-received (referred as pristine throughout the thesis), i.e. neither further

heat-treatment nor cold-working was performed.
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4.2.1 Microstructural characterisation

In order to analyse the microstructure of the AISI-348, EJP was performed as de-

scribed in section 3.2.1. This step was necessary both to reveal the grains in the

alloy and to prepare electron-transparent samples for TEM. The microstructural

analysis was performed at the mesoscale with SEM and at the nanoscale with TEM.

4.2.1.1 Scanning electron microscopy

At the mesoscale, the microstructure of the AISI-348 consists of equiaxed grains

with sizes from 10 to 50 µm as shown in the backscattered electron (SEM-BSE)

micrograph in figure 4.1(a).

Figure 4.1: SEM-BSE micrograph of the AISI-348 steel microstructure as-received
after electro-polishing.

The origin of equiaxed grains in austenitic stainless steels is attributed to dy-

namic recrystallisation processes during high temperature rolling at around 1273 K

[419]. In addition, as dynamic recrystallisation encompasses the simultaneous nucle-

ation and growth of austenite grains during the deformation at high temperatures,

the matrix experiences a certain degree of grain refinement. Hot rolling is used by

steel manufacturers as a commercial route for the production of flat steel and it also

introduces some degree of work-hardening into these alloys [420].

Figure 4.1(a) shows that the AISI-348 is an austenite matrix free of precipitation.
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This indicates that after hot rolling and recrystallisation, the stainless steel was

cooled from high temperatures in a way that prevents substitutional atom diffusion:

a required condition for precipitation [32, 421, 422]. An austenite matrix free of

precipitates indicates that the austenitisation (i.e. the transformation of ferrite to

austenite) is complete. For the AISI-300 austenitic steel series, such precipitates have

been reported in the scientific literature to be M23C6 where M is a substitutional

solute (e.g. either Cr or Mn). At the mesoscale and when the austenitisation is not

complete, such precipitates are found as residual carbides along grain boundaries

which may give rise to inter-granular stress corrosion cracking [32, 421, 422]. The

black regions observed in the austenite matrix in figure 4.1(a) are holes/craters

(pitting) as a consequence of the sample preparation method (electro-polishing).

4.2.1.2 Transmission electron microscopy

At the atomic scale, the AISI-348 steel contains some defects such as dislocations

introduced by metalworking processes such as hot rolling. The BFTEM micrograph

in figure 4.2(a) shows the austenite grains and a twin. Under- and over-focused

micrographs, figures 4.2(b-c), reveal no sign of surface roughening or cavities in the

pristine steel.

Figure 4.2: BFTEM micrographs of the AISI-348 showing a set of images (a) at fo-
cus, (b-c) under- and over-focused, respectively, with a defocus degree of ±1000 nm.
Note: the scale marker in (a) also applies to (b) and (c).

A reduced number of twins are observed in the steel in its pristine condition after

electropolishing and electron diffraction has been used for characterisation as shown

in the micrographs 4.3(c)-(d). Twins can readily form in FCC matrices during heat

treatment due to the low stacking fault formation energy which has a dependency

on the local composition [32, 423]. These twins (known as annealing twins) arise

from the thermo-mechacnial processing of the material and share the same crystallo-

graphic structure as the parent matrix (austenite): when using the SAED aperture

and electron diffraction, satellite spots can be observed in the diffraction pattern
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(figure 4.3(d)). Morphologically, annealing twins are indistinguishable from marten-

site plates, but the latter can be characterised with electron diffraction as it is of

BCC structure. However, in this work martensite plates have not been detected in

TEM specimens of the AISI-348 in a pristine condition after electro-polishing.

An important property of austenitic stainless steels is their superior corrosion

resistance at higher temperatures compared with low-alloy or ferritic-martensitic

steels. This can be achieved by the addition of small amounts of specific alloying

elements such as Nb, W, Ta and V. Upon the incorporation of these minor alloying

elements, there will be a tendency for the formation of carbides (and also carboni-

trides) typically as rounded inclusions in the austenitic matrix [32, 39]. The removal

of carbon from solid-solution is the mechanism behind the high corrosion resistance

of the 300 series austenitic stainless steels.

Rounded nano-particles of Nb(C,N)1 have been observed throughout the AISI-

348 steel as shown in figure 4.3(a). In bright-field, the Nb(C,N) particles in the

AISI-348 are of dark contrast and are often found in twinned regions or along the

whole grain (trans-granular). These carbides may also have some Ta content as the

chemical separation of Ta-Nb is often reported to be difficult to achieve in totality

[424]. Nitrogen is another minor alloying element in 300-series steels which can be

also incorporated into the Nb(C,N) structure and by this, sometimes these nano-

particles are referred as Nb(C,N).

The mechanism for the nucleation of Nb(C,N) has been studied by Silcock et al.

[425]. The rounded-shape is a result of the growth of pre-existing stacking faults due

to climb of Frank partials followed by the continuous segregation (or incorporation)

of Nb and C. A governing factor for the nucleation and growth of Nb(C,N) particles

in austenitic stainless steels is, therefore, a matrix with a low stacking-fault energy.

The observation of Nb(C,N) particles also reveals some information about the

synthesis of this austenitic stainless steel. The formation of Nb(C,N) in 300-series

steels indicates that the material was subjected to high-temperature solution treat-

ment at temperatures around 1473 K followed by rapid cooling to room temperature

[32]. Rapid cooling is often necessary to avoid the formation of M23C6 precipitates

(sensitisation) of the austenite matrix [32], although Padilha et al. commented that

quenching is not needed in Nb-stabilised austenitic steels and only air-cooling is

sufficient to prevent sensitisation. This is also consistent with the equiaxed grain

microstructure as showed by the SEM-BSE micrograph in figure 4.1(a). Crystal-

lographically, Nb(C,N) has an NaCl crystal structure which is FCC and may form

and evolve within the stoichiometric range of Nb(C,N)x−1 where x is higher than

0.6 %at [32]. Another important observation from the TEM screening is that the

1Sometimes, the Nb(C,N) are also referred in literature as simply NbC: throughout this thesis
the Nb(C,N) terminology will be used.
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Figure 4.3: (a) The microstructure of the steel (and (b) its diffraction pattern)
with a Nb(C,N) particle, (c) a BFTEM image with the selected-area aperture in
and (d) the corresponding diffraction pattern of a region containing twins in the
microstructure of the AISI-348 steel as-received.
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austenite matrix was free of M23C6 precipitates.

The microstructural features identified by electron microscopy (both SEM and

TEM) indicate that the AISI-348 was subjected to high temperature solution treat-

ment with the purpose of stabilisation/normalisation of the austenite phase followed

by hot rolling aiming at achieving a microstructure consisting of equiaxed grains.

4.2.2 Analytical characterisation

The electron microscopes have also been used to analytically characterise the AISI-

348 samples. This section presents the results of EFTEM and STEM-EDX of the

rounded-shape Nb(C,N) particles as well as determination of the elemental compo-

sition of the austenitic steel measured by EDX and compared with the quantitative

analysis by Inductively Coupled Plasma Optical Emission Spectrometry (ICP-OES)

provided by the steel manufacturer.

4.2.2.1 Qualitative characterisation of the Nb(C,N) nanoparticles using

EFTEM

An electron transparent sample of the AISI-348 was used for elemental mapping of

the austenite grains containing Nb(C,N) nanoparticles by means of EFTEM. Figure

4.4 shows both a BFTEM micrograph of the austenite with a Nb(C,N) particle and

a set of elemental maps for Fe, Cr, Ni, Mn, Nb and C. It is clear that the black-

round region, believed to be the Nb(C,N), indeed exhibits Nb enrichment and C

build up (at the interface of the nanoparticle) whereas the other elements, around

the nanoparticle region, are observed to be depleted. For the EFTEM analysis

the following edges have been used: Fe L3 =708 eV, Cr L3 =575 eV, Ni L3 =855

eV, Mn L3=640 eV, C K=284 eV and Nb L3 =2371 eV. N mapping exhibited no

significant number of counts (very low signal-to-noise) and therefore was not included

in figure 4.4. Therefore, identifying the presence of Nb with EFTEM confirms that

the rounded particles are Nb nanoparticles.

In these measurements, C manifests only an enrichment around the particle and

the signal–to–noise ratio in regions of the matrix is much reduced, but this can be

explained by the fact that the AISI-348 is a low C steel, i.e. the content for this

element in the alloy is expected to be lower than 0.1% by weight. The low C content

in the alloy and the non-stoichiometric nature of the Nb(C,N) precipitates will limit

the ability of EFTEM to accurately map the element C within the Nb precipitates.

Nevertheless, the observed C build up at one side of the interface of the Nb particle

is another indicative that in this alloy, the small addition of Nb contributes to the

removal C from the austenite matrix: a requirement to improve the corrosion resis-

tance in austenitic steels. Although the EFTEM mapping mode does not provide
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quantification of the alloying elements, the signals from each element can be qual-

itatively related with their composition. In this way, the fractional composition of

the austenite matrix is in the following order (from high to low): Fe > Cr > Ni >

Mn.

4.2.2.2 Qualitative and quantitative characterisation of the Nb(C,N)

nanoparticles using STEM-EDX

In order to further characterise the Nb(C,N) nanoparticles and to clarify the in-

consistencies observed during the EFTEM analysis presented in subsection 4.2.2.1,

i.e. the lack of signal for C and N around the Nb region, an experiment using the

STEM-EDX capabilities of a FEI Talos F200X was performed in a pristine sample

of the AISI-348 steel.

Figure 4.5 shows two micrographs acquired using the high-angle annular dark-

field (HAADF) and the bright-field (BF-STEM) detectors along with a series of

elemental maps (spectral images) acquired during 91 min of exposure. The major

alloying elements of the AISI-348 steel – Fe, Cr, Mn and Ni – and also the minor

alloying elements – Nb, C, N and Ta – were successfully detected. From the set of

spectral images shown in figure 4.5, it can be noticed that the rounded Nb regions

have an enrichment of C and N, thus confirming the presence of Nb(C,N) nanopar-

ticles in the AISI-348 steel. The images also show a small content of Ta within the

Nb(C,N) nanoparticle. Therefore, the data obtained using STEM-EDX elucidates

the fact that the EFTEM technique (in the Hitachi H9500 in MIAMI-2) is not accu-

rate in detecting elements such as C and N within the Nb(C,N) nanoparticles due to

signal-to-noise issues. The longer exposure times during the STEM-EDX mapping

and the high spatial resolution of the Thermo Fisher Talos S/TEM enables a more

accurate identification of the Nb(C,N) nanoparticles.

Figure 4.4: EFTEM analysis of the Nb(C,N) nanoparticles. Limitations of the
EFTEM technique in the Hitachi H-9500 impair the detection of elements like C
and N.
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Figure 4.5: STEM-EDX analysis of the Nb(C,N) nanoparticles.

Table 4.2: The elemental composition of the Nb(C,N) nanoparticles measured using
STEM-EDX.

Element Composition [at.%]
C 32.9±5.2
N 20.8±5.3
Cr 1.5±0.3
Mn 0.08±0.02
Fe 3.9±0.8
Ni 0.34±0.07
Nb 40.4±8.2
Ta 0.08±0.2
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By selecting the region around the Nb(C,N), it was possible to carry out an

elemental quantification of the nanoparticle. For this, the Brown-Powell empirical

ionization cross-section was used within the Thermo Fisher Velox software. Table

4.2 shows the atomic composition of the elements detected only around the Nb(C,N)

nanoparticle characterised in figure 4.5. The low content of Fe, Cr, Mn and Ni is at-

tributed to the matrix: as the experiment was carried out in an electron-transparent

lamella, a small signal from the austenite matrix is detected in the same region of

the Nb(C,N) nanoparticle. The atomic ratio between C and Nb was calculated to

be 0.82 and it is in agreement with values reported previously in the literature [426–

428], although these carbonitrides are considered highly non-stoichiometric.

4.2.2.3 Elemental composition of the alloy

SEM-EDX was used to quantify the elemental composition of the AISI-348. Using

an electron beam of 30 keV energy, the EDX spectrum of the AISI-348 is shown

in figure 4.6. Using the ZAF standardless quantification method [407] embedded

in the INCA software from Oxford Instruments, the elemental composition of the

AISI-348 was estimated as shown at table 4.3.

Cr
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Figure 4.6: EDX spectrum of the AISI-348. The quantification is shown in table
4.3.

Table 4.3: The elemental composition of the austenitic stainless steel AISI-348 mea-
sured by SEM-EDX (the error is ±5% for each value).

Element Composition [wt.%]
Fe 71.44
Cr 18.08
Ni 9.38
Mn 1.10

From table 4.3, the ZAF quantification shows that the AISI-348 is an Fe-based
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alloy with Cr, Ni and Mn as major alloying elements. Elements like C and N have

not been included in this quantification as EDX is known to be insensitive to light

elements and thus inaccurate in its measurement of trace quantities. For comparison,

the elemental composition of this steel as measured by the manufacturer using ICP-

OES, is presented in table 4.4. Although the accuracy of ICP-OES elementally to

quantify both the major and minor alloying elements in the steel is higher than

that of EDX, both techniques are in good agreement within the error margins.

The elemental quantification from EDX also agrees qualitatively with the EFTEM

measurements presented in figure 4.4.

Table 4.4: The elemental composition of the austenitic stainless steel AISI-348 mea-
sured by ICP-OES (the error is ±1% for each value).

Element Composition [wt.%]
C 0.037
S <0.001
P 0.002
Ni 9.47
Si 0.36

Mn 1.81
Cr 17.50
Co <0.001
B <0.008
Ta 0.003
Nb 0.32
Fe 70.48

In terms of physical metallurgy of stainless steels, the AISI-348 is inserted in

the class of iron-chromium-nickel (Fe-Cr-Ni) steels. The Fe-Cr binary system has

a ferritic structure which is BCC. The retention of the FCC austenite at room

temperature is guaranteed by the addition of Ni in a weight content higher than

8%. When Ni is added into Fe-Cr binary system, the austenite loop (known as γ-

phase loop) is considerably expanded in the Fe-Cr phase diagram and the austenite

phase will exist at room temperature. Small additions of manganese also contributes

to the austenite phase formation and retention. Carbon is also an austenite former

and it contributes to its stabilisation by acting as an interstitial strengthener [32,

39]. From the ICP-OES analysis the C content in the AISI-348 is as low as 0.037

in wt.%. Keeping the C content low in this steel is of paramount importance for its

corrosion resistance and the Nb addition also contributes in removing the C from

the austenite solid solution.
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4.3 The FeCrMnNi quaternary high-entropy al-

loy

A FeCrMnNi high-entropy alloy produced by the technique of Plasma Arc Melting

was received from Oak Ridge National Laboratory. After casting, the alloy was

homogenised at 1473 K for approximately 48 hours. Cold rolling was used for

strengthening and shaping the alloy as-cast that was subsequently subjected to heat

treatment at 1173 K for 4 hours in a vacuum furnace [338]. The characterisation

of FeCrMnNi HEA as received from ORNL has been performed using conventional

and analytical electron microscopy techniques and this is described in the following

sections.

4.3.1 Microstructural characterisation

In order to assess the microstructure of the FeCrMnNi high-entropy alloy, the mate-

rial as received from ORNL was subjected to mechanical grinding using SiC papers

from grit 180 to 1600. After grinding, the alloy was polished with diamond lapping

films (down to a grit size of 1 µm). During polishing, diamond compound paste

(fine grit with 2–4 µm of grit size) was also used as an abrasive. Due to the limited

availability of the material, focused ion beam was used to produce TEM specimens.

4.3.1.1 Scanning electron microscopy

The microstructure of the FeCrMnNi high-entropy alloy is composed of equiaxed

grains with sizes from 15 to 50 µm as shown in figure 4.7. The average grain size

is around 35 µm as reported by the ORNL group that produced the alloy [338]. A

single-phase microstructure can be observed and some annealing twins are visible

within some grains (small transgranular lines/planes).

The black regions observed in the figure 4.7 are holes probably introduced during

the polishing. If these were precipitates, after mechanical grinding and polishing,

they would have the same z-topography as the matrix and under these imaging

conditions, these would not be imaged as black features with white fringes. An

equiaxed microstructure is characteristic of a heat-treated material (as mentioned

in section 4.2.1.1 in the case of austenitic stainless steels) and it is also an indication

that recrystallisation has occurred as expected.

4.3.1.2 Transmission electron microscopy

At the nanoscale, the FeCrMnNi high-entropy alloy exhibited large annealing twins

that were characterised by selected-area diffraction as shown in figure 4.8(a–d). Un-

der and over-focused micrographs in figure 4.8 show no voids or surface roughening
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Figure 4.7: SEM-BSE micrograph of the FeCrMnNi HEA after synthesis and heat
treatment. Courtesy of Professor Steve J. Zinkle (UT/ORNL) [338].

in the pristine material. When the SAED aperture is placed in areas without the

annealing twins, the diffraction pattern does not exhibit the satellite spots as can be

seen in micrographs 4.8(f–g). Therefore, such twins follow the FCC structure of the

parent phase, i.e. the HEA matrix. Dislocation lines, characteristic of heat treated

and mechanically deformed microstructures, are shown in the figure 4.8(e).

TEM thus reveals that the FeCrMnNi HEA consists of a single-phase FCC struc-

ture with annealing twins. The microstructure was free of any form of precipitation

and/or secondary phases. The presence of large annealing twins also indicates that

this quaternary thermodynamic system has a low energy for stacking fault forma-

tion [423]. The absence of precipitation indicates that all the alloying elements were

in solid solution in a single phase microstructure as expected according to current

understanding of highly concentrated alloys [55].

4.3.2 Analytical characterisation

4.3.2.1 Elemental composition of the alloy

Energy dispersive X-ray spectroscopy was used to characterise the alloy as received

from ORNL. The spectrum in the figure 4.9 presents an average of data from five

different areas of the FeCrMnNi HEA. The curves were acquired using the point and

area analyser routines in the software INCA from Oxford Instruments.
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From the spectrum in figure 4.9 and using a quantification algorithm (based on

the ZAF method) embedded in the INCA software, the elemental composition of

the alloy was estimated and this is shown in table 4.5 with an error of ±5% on each

value.

Table 4.5: The elemental composition of the FeCrMnNi HEA measured by SEM-
EDX (the error is ±5% for each value).

Element Composition [wt.%]
Fe 26.8±1.3
Cr 18.40±0.9
Ni 27.50±1.4
Mn 27.30±1.4

High-entropy alloys should contain elements in near equiatomic proportions which

poses a practical challenge for a metallurgist. Regarding the FeCrMnNi HEA, ex-

ploratory studies at Oak Ridge National Laboratory have indicated that when the

alloy was synthesised precisely at the equiatomic condition, it was not a single phase

product [338], thus violating the main tenet of HEA theory, i.e. a highly concen-

trated alloy at (or close to) equimolar composition should be a single-phase random

solid solution. This problem was overcome by slightly decreasing the Cr content in

the quaternary system and for this reason, the composition seen in table 4.5 shows

that Cr is a little depleted compared to the other elements.

4.4 The Ti-based MAX phases

The radiation resistance of two Ti-based MAX phases was studied in this work:

Ti2AlC (a) and Ti3SiC2. Both materials were provided by Oak Ridge National

Cr
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Figure 4.9: EDX spectrum of the FeCrMnNi HEA. The quantification is shown in
table 4.5.
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Figure 4.10: The microstructures of the Ti2AlC (a) and the Ti3SiC2 (b) at the
microscale. The red squares indicate the area where the EDX analyses (section
4.4.2) have been carried out. Note: the scale marker in (a) also applies to (b).

Laboratory, but synthesised by the Philadelphia-based company 3-ONE-2. The

method used for the production of these MAX phases was reactive hot pressing as

described in section 3.1.3. As in the case of the austenitic stainless steel AISI-348

and the FeCrMnNi HEA, the MAX phases were also characterised by conventional

and analytical electron microscopy techniques.

4.4.1 Microstructural characterisation

Samples were mechanically ground with SiC sheets with grits from 180 to 1600 and

subsequent polished with diamond lapping films (down to a grit size of 1 µm) and

a compound diamond paste solution as an abrasive. Following this process, the

surface of the samples were mirror-like. Both transmission and scanning electron

microscopy were used to assess the microstructure at the micro and nanoscales.

Electron-transparent lamellae for TEM were produced used the FIB technique. An-

alytical characterisation was performed in a SEM with an EDX detector.

4.4.1.1 Scanning electron microscopy

The microstructures at the microscale of the Ti2AlC (a) and the Ti3SiC2 MAX

phases are shown in figures 4.10(a) and 4.10(b), respectively. Both Ti2AlC and

Ti3SiC2 exhibit a grain structure with lamellar or lath-shaped grains, i.e. preferen-

tially elongated in one direction. By analysing the microstructure of the Ti3SiC2,

the grains appear to be bigger than in the Ti2AlC case.

Another important aspect of the Ti-based MAX phases microstructures was re-
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Figure 4.11: The microstructure of both Ti-based Mn+1AXn at the nanoscale. Mi-
crographs (a) and (b) show the Ti2AlC while (c) and (d) show the Ti3SiC2.

vealed through the contrast of the backscattered electrons in the SEM. In both

micrographs in figure 4.10, the presence of two different phases is clearly seen: a

lighter grey which are the MAX phase grains and a dark grey phase. The identifi-

cation of both phases will be given in the analytical characterisation section 4.4.2;

however the electron-transparent lamellae prepared in this research from these bulk

materials were always lifted-out from the lighter grey grains corresponding to the

MAX phase regions.

4.4.1.2 Transmission electron microscopy

At the nano scale, the microstructure of the Ti2AlC (a) and the Ti3SiC2 consisted of

large grains without noticeable defects such as dislocation loops and voids as shown

in figure 4.11(a–d). Both MAX phases were characterised as having a hexagonal

HCP crystal structure by indexing the diffraction patterns inset in figure 4.11 with

data available in the literature [429, 430]. Figure 4.11 presents micrographs recorded

with the electron beam along the basal direction (4.11a and c) and other zone axes

(4.11d–e).

As shown in figure 4.11(d), the Ti3SiC2 included secondary particles which have

been previously reported to be TiC (when the particle has a rounded shape) or SiC

(when the particle has an angular shape) [431]. The formation of such inclusions was
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associated with sample preparation methods by Morgiel et al. [431], although the

existence of TiC and SiC compounds in the phase diagrams of the ternary system

Ti–Si–C indicate that these phases can be formed by diffusional mechanisms during

reactive hot pressing at high temperatures [432–434].

TiC and SiC inclusions in conventional ceramics are associated with the occur-

rence of microcracks in their boundaries with the matrix phase. This is for two main

reasons: (i) an increase in the internal stresses within the matrix promoted by the

thermal or elastic expansion of the secondary particles and (ii) the accumulation

of defects along their grain boundaries. The microcracks are thus a result of the

reduced ductility (high hardness) of the ceramic matrix phase [435, 436].

In this work no microcracks were observed for the inclusions present in the

Ti3SiC2. This can be explained by the fact that the MAX phases have lower hard-

ness compared to conventional ceramics and as reported extensively in the scientific

literature as described in section 2.1.2.1.4.

4.4.2 Analytical characterisation

The analytical characterisation of both Ti-based MAX phases has been carried out

using EDX within the SEM. The major aims were: (i) to quantify the elemental

composition of the MAX phases by analysing the light grey grains as identified in

figure 4.10(a) and 4.10(b); and (ii) to quantify the elemental composition of the

matrix phase by analysing the dark grey grains in the same electron micrographs.

4.4.2.1 Elemental composition of the Ti-based MAX phases

The EDX spectra of the Ti3SiC2 and the Ti2AlC MAX phases are shown in figure

4.12. The areas in both MAX phases where the spectra were recorded are indicated

by red squares in figures 4.10(a) and 4.10(b). By means of the Cliff-Lorimer quan-

tification method within the AZTec software, the elemental composition of the two

MAX phases is presented in tables 4.6 and 4.7.

Table 4.6: The elemental composition of the Ti2AlC measured by SEM-EDX (error
is 5% of each value).

Element Measured [wt.%] Expected [wt.%] Measured [at.%] Expected [at.%]
Ti 70.3 71.0 45.6 50.0
Al 15.6 20.0 18.0 25.0
C 14.0 9.0 36.3 25.0

The major difference in the EDX spectra from the two MAX phases is the dif-

ferentiation of the Al (Kα = 1.49 keV) and Si (Kα = 1.74 keV) peaks as expected.

Both spectra are overlapping apart from in the regions where the Al and Si peaks

were detected.
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Table 4.7: The elemental composition of the Ti3SiC2 measured by SEM-EDX (error
is 5% of each value).

Element Measured [wt.%] Expected [wt.%] Measured [at.%] Expected [at.%]
Ti 69.8 73.5 43.1 50.0
Si 12.4 14.3 13.1 17.0
C 17.8 12.2 43.8 33.0

Regarding the elemental composition quantification for both materials, the ob-

served deviations from an ideal elemental composition of 321 and 211 MAX phases

can be attributed to the limitations of the EDX technique: mainly in correctly iden-

tifying and quantifying the element C. The quantitative estimation of C may include

a systematic error strongly influenced by the presence of impurities and carbona-

ceous contaminants, for example, the vacuum chamber and walls of the scanning

electron microscope and in the surface of the sample (hydrocarbons). Additionally,

the electron beam in the SEM can induce the deposition of C on the surfaces of the

MAX phases, thus strongly affecting the quantification of the results [437]. There-

fore, this present EDX analysis showed that the C detection in both MAX phases

is overestimated (by around of 12 at.%).

However, when the element C is removed from the quantification algorithm

within the SEM-EDX software, for example, the atomic percentages of the Ti and

Al in the Ti2AlC are estimated to be 64.55 and 35.45 (≈i.e. 2:1 with an error of ±
3%), respectively. The same was observed in the Ti3SiC2 where the percentages of

Ti and Si were estimated to be 74.30 and 25.70 (≈i.e. 3:1 with an error of ± 10%),

respectively. The analytical characterisation of MAX phases by the measuring the

ratio between the metal and its “A” element is often reported in the literature as the

analytical characterisation procedure for such ternary carbides [438]. As commented

Ti3SiC2
Ti2AlC

C
Ti

Al
Sicp

s/
eV

0

1k

2k

3k

Energy [keV]
0 1 2 3 4 5

Figure 4.12: EDX spectrum of the Ti-based Mn+1AXn phases. The quantification
for both materials are shown in the tables 4.6 and 4.7.
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Figure 4.13: The EDX qualitative characterisation of the dark grey and stoichiomet-
ric MAX phases present in both Ti3SiC2 (top) and Ti2AlC (bottom) microstructures.

by Burr et al. “C (...) precludes precise quantification by EDX” [438].

The regions where dark grey phases are observed in the microstructure of both

MAX phases were also analysed by EDX as shown in figure 4.13. From an analysis

of two different areas as indicated in the insets in figure 4.13, it was possible to

conclude that in the case of the Ti3SiC2, the phase is likely to be a titanium silicide

whereas for the Ti2AlC, the dark phase was characterised as a titanium aluminide.

The elemental quantification for both dark phases in the Ti3SiC2 and the Ti2AlC

are shown in tables 4.8 and 4.9, respectively.

Elemental mapping carried out using SEM-EDX has also indicated qualitatively

the same results obtained by the elemental quantification of such silicides and alu-

Table 4.8: The elemental composition of the dark grey phase present in the Ti3SiC2

measured by SEM-EDX (error is 4% of each value).

Element Composition - A1 [wt.%] Composition - A2 [wt.%]
Ti 49.23 48.46
Si 39.00 39.11
C 11.77 12.43
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Table 4.9: The elemental composition of the dark grey phase present in the Ti2AlC
measured by SEM-EDX (error is 4% of each value).

Element Composition - A1 [wt.%] Composition - A2 [wt.%]
Ti 40.14 42.93
Al 48.78 48.11
C 11.08 8.96

Figure 4.14: SEM-BSE elemental EDX mapping of both Ti3SiC2 (top) and Ti2AlC
(bottom).

minides, as shown in figure 4.14, although the phase fraction of the Ti3SiC2 was

higher compared with its respective silicide whereas for the Ti2AlC, a considerable

phase fraction of aluminides has been identified. The formation of such titanium

aluminides and silicides has been already predicted through phase diagrams and

thermodynamic calculations for both ternary systems: Ti–Si–C and Ti–Al–C [432–

434, 439].

Ti aluminides and silicides are known as intermetallics and can be defined as

a class of ordered solid-solution compounds, exhibiting metallic bonding and with

well-defined crystal structure and stoichiometry [440].

The existence of two phases – a MAX phase and an intermetallic phase – in the

microstructures above suggests that at high temperatures and under high pressures

during the reactive hot pressing, these phases compete synergistically to nucleate

and grow. Experiments performed by Sambasivan et al. have indicated that the

stabilisation of both Ti silicides and Ti3SiC2 is dictated by the dynamics of C in-

corporation at high temperatures and pressures [441]. Additionally, calculations

using density functional theory have indicated that the formation energy of MAX

phases is very similiar to that of their intermetallic counterparts suggesting that the

competition for nucleation, growth and stabilisation between these phases is high

[442].
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The results from the analytical characterisation also indicate that EDX is not an

accurate technique to measure the composition of such MAX phases, as multiples

sources of C contamination in the SEM (possibly including the deposition of car-

bonaceous materials on the surfaces of the MAX phases via electron beam induced

deposition) and the limitations of this technique in quantifying light elements are

major concerns.

4.5 Summary and comparison of the materials

and alloys under investigation

From the pre-irradiation characterisation of the materials under investigation in the

work presented in this chapter, it can be noted that the austenitic stainless steel

AISI-348 and the FeCrMnNi HEA are very similar metallic alloy systems. The same

crystalline structure, microstructural morphology (equiaxed grains), atomic densi-

ties (see table 4.10) and twins can be found in both alloys, but at the atomic scale,

twinning was more prone to occur in the FeCrMnNi HEA. Two major differences can

be noted between these alloys: the presence of nanometre-sized Nb(C,N) particles

in the AISI-348 and the different elemental compositions.

An irradiation study of these two alloy systems will be performed to probe

whether the FeCrMnNi HEA possesses superior radiation tolerance when compared

with conventional AISI-348 steel. The main methodology of this ion irradiation

study consists of subjecting both alloys to the same ion irradiation parameters such

as energy, dose and temperature whilst providing real-time microstructural analysis

of the materials using in situ TEM. As described in the literature review in chapter

2, the lack of irradiation data on these metallic alloys in the scientific literature

shows that the new data obtained by this research work will contribute guiding fu-

ture neutron irradiation studies and help determine the suitability of this HEA (and

also the AISI-348) for nuclear applications.

As exhibited by the electron microscopy characterisation, apart from stoichiom-

etry and the “A” element, the two Ti-based MAX phases are similar. For both of

them, the production route is RHP and the final crystal structures are the same:

HCP. In the Ti3SiC2, nanometre-sized secondary TiC or SiC particles were identi-

fied at the atomic scale. Secondary phases were not present of the Ti2AlC at the

nanoscale. The radiation resistance will also be a major topic of the current work,

however the aim in this case is to compare the ion irradiated microstructures at the

MIAMI facilities with neutron irradiated microstructures at the High Flux Isotope

Reactor. The TEM characterisation of neutron-irradiated MAX Phases was per-

formed at Oak Ridge National Laboratory during a six month academic fellowship
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awarded by the U.S. Department of Energy/Oak Ridge Associated Universities. A

comparison (not exhaustive) of the properties of the materials used in the present

research is presented in table 4.10.
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Chapter 5

Investigating the reduced mobility

of irradiation-induced defects of

highly concentrated

multicomponent alloys

5.1 Introduction and background

Recent research has shown that in multicomponent alloys, the elemental composition

is a key parameter in reducing the deleterious effect of energetic particle radiation.

In highly concentrated multicomponent alloys, including the HEAs, the disordered

state (i.e. a random solid solution) was observed to have a strong influence on both

the defect formation energies and potential barriers for atomic diffusion [87, 340].

This complex state of microstructural disorder at the atomic level in combina-

tion with the reduced mobility of defects and the high energy of defect formation

are believed to modify positively the irradiation-induced defect energetics in these

alloys, thus contributing to its superior radiation tolerance. However, the atom-

istic mechanisms behind such resistance are still largely unclear [75, 87, 443]. The

properties of highly concentrated alloys (including HEAs) and their characteristic

radiation response were introduced in sections 2.1.1.2 and 2.4.2.

In order to investigate the effects of reduced mobility of irradiation-induced de-

fects in HEAs, the FeCrMnNi HEA and the austenitic stainless steel AISI-348 were

subjected to light and heavy ion irradiation under identical conditions and their

microstructural responses were monitored in situ in a TEM at the MIAMI facilities.

The nucleation and growth of He and Xe bubbles during irradiation and subsequent

annealing were then analysed and the results will be presented in this chapter the

focus of which is the generation and evolution of impurity damage.
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As shown in the previous chapter, both multicomponent alloys are identical from

a microstructural the point of view, with the elemental composition being the only

major difference. An important question to be tested here is whether under similar

irradiation and annealing conditions, the bubbles in the microstructure of HEA grow

as much as in the austenitic stainless steel, therefore shedding light on the possible

reduced mobility of vacancies and interstitials in the HEA.

5.2 Design of the experiment

Electron-transparent samples of both FeCrMnNi HEA and AISI-348 steel were irra-

diated in separate experiments with a light ion, 6 keV He+ and a heavy ion, 134 keV

Xe+. The fluxes for these two irradiations were fixed, respectively, at: 2.35×1013

and 2.40×1012 ions·cm−2·s−1. The energies of the light and the heavy ions were

selected to match both the implanted ion range and the damage profile as closely as

possible as exhibited in figures 5.1(a) and 5.1(b). The number of vacancies generated

by a single ion collision is nearly two orders of magnitude higher for the heavy ion

irradiation according to calculations using the Monte Carlo code SRIM (see table

5.1). The fluence-to-dpa conversions for these experiments were performed following

the procedure described in the section 3.4.3.2 and are exhibited in figure 5.1(c). In

the two experiments, the alloys were irradiated up to a dose of 4 dpa corresponding

to fluences of 1.69×1017 for 6 keV He and 2.74×1015 ions·cm−2 for 134 keV Xe using

70 nm (as indicated by elastic scattering measurements performed with EELS) as

the approximate thicknesses of the lamellae.

Figure 5.1: (a) The implantation depth; (b) the distributions of vacancies per
Ångström-ion from SRIM for 6 keV He and 134 keV Xe ions and (c) the fluence-to-
dpa conversion.
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Table 5.1: The number of vacancies generated by one ion collision (SRIM calculation
statistical error is ≈ 3% using 5000 ions for the calculations).

6 keV He 134 keV Xe
AISI-348 13.4 907.5

FeCrMnNi HEA 13.3 910.4

The irradiations were carried out at room temperature in order to minimise the

effects of thermal diffusion. After irradiation up to 4 dpa, the alloys were subjected

to 30 minutes of annealing at 673 K using a Gatan double-tilt heating holder and

their microstructural evolution was monitored in situ in the TEM by means of a

Gatan OneView digital camera with 16 megapixels and up to 300 fps video. Inert

gas bubbles were observed in bright-field mode with the objective lens underfocused

by 1000 nm. After irradiation and subsequent annealing, the diameters of He and

Xe bubbles were measured using the software ImageJ by following protocols already

reported in the literature [217, 444].

5.3 Light ion irradiation at low temperatures and

subsequent annealing

A set of sequential electron-micrographs that exhibits the microstructural evolution

of the FeCrMnNi HEA and the AISI-348 steel as a function of dose (from 0 to 4

dpa) for 6 keV He irradiations at room temperature (298 K) is shown in figure 5.2.

The microstructure of the FeCrMnNi HEA under 6 keV He irradiation is also

shown in the set of BFTEM micrographs in figure 5.3. The microstructure before ir-

radiation is shown in the underfocused BFTEM micrograph in figure 5.3(a). During

the irradiation, He bubbles were firstly noticeable at a fluence of around 7.1×1016

ions·cm−2 corresponding to ≈ 1.5 dpa as shown in figure 5.2(b). After the irradia-

tion, He bubbles were observed throughout the matrix and also trapped at interfaces

as shown in the BFTEM micrographs in figure 5.3(b) and 5.3(c). Subsequent an-

nealing at 673 K resulted in the growth of He bubbles preferentially at interfaces as

shown in figure 5.3(d). The inset in figure 5.3(d) is the diffraction pattern of that

area after irradiation and annealing which confirms that neither amorphisation nor

phase decomposition were seen in the HEA microstructure.

Similarly, the pristine microstructure of the AISI-348 is presented in figure 5.4(a).

At a fluence of around 3.7×1016 ions·cm−2, corresponding to 0.83 dpa, He bubbles

became observable in the matrix as shown in figure 5.2(f). Figure 5.4(b) shows the

AISI-348 with He bubbles in the matrix. In these experiments, He bubbles were not

observed to be trapped at the annealing-induced twin interfaces as shown in figure
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Figure 5.3: BFTEM micrographs of the FeCrMnNi HEA (a) before irradiation and
(b–c) after 6 keV He irradiation up to 4 dpa and (d) following subsequent annealing
at 673 K. The inset in micrograph (d) is a diffraction pattern taken of that area.
Note: the scale marker in (c) also applies to (d); the micrograph in (a) was recorded
with an objective lens underfocus of 1500 nm whilst micrographs (b–e) were recorded
with an objective lens underfocus of 1000 nm.
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Figure 5.4: BFTEM micrographs of the AISI-348 steel (a) before irradiation, (b)
after 6 keV He irradiation to 4 dpa and (c–d) after subsequent annealing at 673 K.
Note: the scale marker in (a) also applies to (c) and the scale marker in (b) also
applies to (d); all micrographs in the figure were recorded with an objective lens
underfocus of 1000 nm.
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Figure 5.5: BFTEM micrographs of the AISI-348 steel irradiated with 6 keV He to 4
dpa (a) before annealing and (b) after annealing at 673 K. The BFTEM micrographs
(c) and (d) show the microstructure of the steel in another area with He bubbles
trapped at grain boundaries. Note: the scale marker in (a) also applies to (b) and
the scale marker in (c) also applies to (d); all micrographs in the figure were recorded
with an objective lens underfocus of 1000 nm.
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5.4(b). Subsequent annealing at 673 K showed that the He bubbles were more likely

to grow in the steel matrix, as shown in figure 5.4(c–d). The diffraction pattern inset

in figure 5.4(d) shows that the steel has suffered neither amorphisation (as expected

for metallic alloys) nor phase transformation under the experimental conditions in

this experiment.

He bubbles were also observed to be trapped at the austenite grain boundaries

at 4 dpa as shown in figure 5.5(a) and after subsequent annealing, they appeared

with brighter contrast as exhibited in figures 5.5(b–d). In both experiments, 6

keV He irradiation of the FeCrMnNi HEA and the AISI-348 up to 4 dpa and after

subsequent annealing, the electron beam has not exerted any noticiable influence

on the nucleation and growth of the inert gas bubbles. This was confirmed by

screening areas that were not under constant electron beam exposure whilst under

ion irradiation.

As confirmed by the diffraction patterns taken after irradiation and annealing,

the FeCrMnNi HEA and the AISI-348 retained their initial crystalline structures

(i.e. phase decomposition has not occured). Regarding the 6 keV He irradiation,

in summary, the results indicate that He bubbles tend to grow preferentially at

the interfaces in the HEA case whilst in the austenitic stainless steel, this was

not observed. The quantitative size distribution analysis will be presented in the

discussion section of this chapter.

5.4 Heavy ion irradiation at low temperatures and

subsequent annealing

Similarly, a set of sequential electron-micrographs that exhibits the microstructural

evolution of the FeCrMnNi HEA and the AISI-348 steel as a function of dose (from

0 to 4 dpa) for 134 keV Xe irradiations at room temperature (298 K) is shown in

figure 5.6.

The pristine microstructure of the FeCrMnNi HEA before irradiation with 134

keV Xe ions is shown in figure 5.7(a). Xe bubbles became observable in the HEA at

around 4.8×1014 ions·cm−2 which corresponds to 0.7 dpa as shown in micrograph

5.6(b). After 4 dpa, post-irradiation analysis showed that Xe bubbles were present

at interfaces and throughout the matrix as shown in figure 5.7(b–c).

Extended annealing at 673 K did not result in significant differences from the mi-

crostructure at 4 dpa at room temperature (figure 5.7(d)). The inset in figure 5.7(d)

is the diffraction pattern of the FeCrMnNi HEA after irradiation and annealing: no

amorphisation or phase decomposition were observed.

The AISI-348 microstructure before 134 keV Xe irradiation is shown in the un-
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Figure 5.7: BFTEM micrographs of the FeCrMnNi HEA (a) before irradiation and
(b–c) after 134 keV Xe irradiation to 4 dpa. The BFTEM micrograph (d) shows the
FeCrMnNi HEA at 4 dpa after subsequent annealing at 673 K. The inset in (d) is
the diffraction pattern taken of that area after the irradiation and annealing. Note:
the scale marker in (a) also applies to (b) and the scale marker in (c) also applies to
(d); all micrographs in the figure were recorded with an objective lens underfocus
of 1000 nm.
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derfocused micrograph in figure 5.8(a). Xe bubbles became observable in the steel

matrix at a fluence of around 1.0×1015 ions·cm−2 corresponding to 1.5 dpa as shown

in the micrograph in figure 5.6(f). After 4 dpa, Xe bubbles could be seen in the ma-

trix and also at the interfaces as seen in figure 5.8(b–c). After subsequent annealing

at 673 K, figures 5.8(e–f) show Xe bubbles both in the matrix and at the interfaces

(grain boundaries). As revealed in figure 5.8(g) taken at a higher magnification, Xe

bubbles were observed to grow during annealing preferentially in the matrix.

5.5 The influence of Nb(C,N) nanoparticles on

the microstructure of the AISI-348 steel un-

der irradiation

Nb(C,N) nanoparticles are observed throughout the AISI-348 austenite matrix phase

before irradiation (section 4.2.2.1). During the light and heavy ion irradiations, He

and Xe bubbles were observed at the Nb(C,N) nanoparticle boundaries with the

austenite matrix. The BFTEM micrographs in figure 5.9(a–b) show He bubbles

at the Nb(C,N) nanoparticle boundaries in the AISI-348 after 4 dpa of 6 keV He

irradiation and subsequent annealing at 673 K.

With respect to the heavy ion irradiations, Xe bubbles were also observed to

nucleate at the Nb(C,N) boundaries as shown in figure 5.9(d). As shown in figure

5.9(c), small crystallites with sizes of around 30 nm became observable in the sur-

roundings of some Nb(C,N) nanoparticles after 134 keV Xe irradiation up to 4 dpa

and subsequent annealing at 673 K. Under bright-field conditions such crystallites

are of dark contrast and by underfocusing the electron beam, their boundaries can

be delineated.

By placing the selected-area diffraction aperture around the Nb(C,N) nanopar-

ticle in the micrograph shown in figure 5.10(a), a diffraction pattern of that area

was obtained and revealed the presence of continuous rings thus confirming the ex-

istence of small nanocrystals as exhibited in figure 5.10(b). DFTEM has revealed

these nanocrystals appear to be precipitates as a result of the ion irradiation and

annealing (figure 5.10(c)).
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Figure 5.9: BFTEM micrographs of the AISI-348 microstructure showing (a–b) He
bubbles trapped at the Nb(C,N) nanoparticle interfaces after 4 dpa and subsequent
annealing. The BFTEM micrograph in (c) shows the presence of nanometre-sized
secondary phases around a Nb(C,N) nanoparticle formed after 134 keV Xe irradia-
tion to 4 dpa and subsequent annealing and the micrograph in (d) also shows that
in some Nb(C,N) nanoparticles, Xe bubbles were observed at the nanoparticle inter-
face. All micrographs in the figure were recorded with an objective lens underfocus
of ≈ 1000 nm. Note: the scale bar in (d) also applies to (c).
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5.6 Discussion

5.6.1 Sequential quantitative data on bubble sizes and areal

densities

The set of light and heavy ion irradiations followed by thermal annealing at 673 K

in both the FeCrMnNi HEA and the AISI-348 steel presented in the last section

allowed the quantification of He and Xe bubble sizes (diameter) as a function of

the dose and after both irradiation (to 4 dpa) and subsequent thermal annealing.

The analysis presented in this section is focused on matrix bubbles. Interfaces were

monitored only at 4 dpa and during thermal annealing after irradiation: these results

will be presented in the next subsection.

Figures 5.11(a) and 5.11(b) show the evolution of He and Xe bubble sizes, re-

spectively, as a function of dose. Between 100 and 150 bubbles were analysed for

each case studied. Although the average size of the He bubbles is slightly larger for

the irradiations in the AISI-348 steel than in the FeCrMnNi HEA, the effects of light

ion irradiation in both alloys were very similar in terms of He bubble sizes when the

statistical error is taken into consideration. He bubbles became noticeable within

the austenite matrix of the AISI-348 steel at an earlier dose than in the FeCrMnNi

HEA. After irradiation to 4 dpa, thermal annealing induces some growth of He bub-

bles in the matrix and the average sizes were effectively the same in both materials.

With respect to the formation of Xe bubbles, they became noticeable firstly in the

FeCrMnNi HEA and up to 4 dpa, the Xe bubbles were slightly smaller in the HEA.

After annealing, the Xe bubbles were observed to grow in the matrix of both alloys

(the bigger error in the AISI-348 steel can be attributed to a larger dispersion in the

bubble sizes).

The quantitative data obtained with the light ion irradiations on the AISI-348

steel and the FeCrMnNi HEA reported in this chapter can be compared with a recent

and similar work by Kalchenko et al. [445]. In their work, Kalchenko et al. [445]

irradiated a 40Fe-20Cr-20Mn-20Ni (wt.%) HEA and an austenitic stainless steel

grade Fe18Cr10NiTi with 20 keV He ions using an ex situ methodology under the

same conditions. The maximum dose studied by these authors was 4.8 dpa. Post-

irradiation characterisation and bubble size analysis were carried out in a TEM after

10 min of thermal annealing at 773 K. Their results are shown in figure 5.11(a).

Their average size of He bubbles at 4.8 dpa in the 40Fe-20Cr-20Mn-20Ni HEA

after 10 min of annealing at 773 K was smaller (0.9±0.3 nm) than in the case

presented in this thesis. For the Fe18Cr10NiTi steel the average size under the

same irradiation and annealing conditions was also smaller (1.6±0.3 nm) than for

the AISI-348 steel studied in the present work. However, when the statistical errors
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Figure 5.11: Average bubble sizes (diameter) as a function of dose and after irradi-
ation and thermal annealing for (a) 6 keV He and (b) 134 keV Xe ion irradiations.
Note: the data presented in graph (a) is from Kalchenko et al. [445].

are taken into consideration, the results of Kalchenko et al. and this present work

are very similar and no firm conclusions can be made either based on the difference

in the two irradiation methodologies or between the alloys under investigation. It

is also worth emphasising that for the ex situ TEM ion irradiation methodology

used by Kalchenko et al. [445], nothing can be said regarding He bubble sizes

in the microstructure of these two alloys for doses lower than 4.8 dpa. However,

it is interesting to note that lower He beam energies with the in situ TEM ion

irradiation technique can reproduce quantitatively (within the statistical error) the

results obtained independently by other authors when using the ex situ TEM ion

irradiation methodology.

Similar quantitative data for areal densities (number of He or Xe bubbles per

area) as a function of dose and after thermal annealing were obtained with the results

from the experiments performed in this chapter. The results are shown in figures

5.12(a) and 5.12(b). Four different areas were analysed for each case studied. It is

interesting that, upon nucleation and growth of inert gas bubbles, the areal densities

are observed to decrease as can be seen when comparing the values from 4 dpa at

298 K with the 4 dpa at 673 K (after annealing). Such trend is observed for both He

and Xe irradiations. Note that the He bubble sizes in the work by Kalchenko et al.

were smaller at 4.8 dpa after 10 min of annealing at 773 K, but their areal densities

were also larger than the values reported in this thesis by one order of magnitude.
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Figure 5.12: Average areal densities of bubbles as a function of dose and after irra-
diation and thermal annealing for (a) 6 keV He and (b) 134 keV Xe ion irradiations.
Note: the data presented in graph (a) is from Kalchenko et al. [445].

5.6.2 Inert gas bubble size analysis: matrix phases, inter-

faces and thermal annealing

As both the average sizes and areal densities did not vary significantly up to 4 dpa

before annealing, a more detailed investigation was carried at 4 dpa before and after

annealing, with a focus on the bubble behaviour in the matrix phases and at the

interfaces of both alloys under investigation. For the histograms reported in this

section, the y-axis corresponds to the absolute number of bubbles.

From the BFTEM micrographs recorded after irradiation up to 4 dpa and subse-

quent annealing, it was possible to perform size (i.e. diameter) distribution statisti-

cal analyses for both He and Xe bubbles in the FeCrMnNi HEA and the austenitic

stainless steel AISI-348. The study of the nucleation and evolution of inert gas

bubbles in these two multicomponent alloys has been subdivided into two parts: He

and Xe bubbles (i) in the matrix phase and (ii) decorated at interfaces that could

be either grain boundaries or annealing twin interfaces.

The histograms of He bubble sizes in the matrix and at the interfaces in both

alloys are shown in figures 5.13(a-b) and 5.14(a-b), respectively. The analysis shows

that in the AISI-348 at 4 dpa and prior to annealing, He bubbles appear to be

bigger than in the HEA. With respect to their average sizes at 4 dpa, quantitatively

after subsequent extended annealing at 673 K, He bubbles grew in the matrix of

both alloys by around 42% and 33% (in diameter) on average, respectively for the

FeCrMnNi HEA and the AISI-348 steel. With respect to the He bubbles in these

alloys at 4 dpa and after subsequent annealing, it can be concluded that they both

have a very similar response to the light ion irradiation.
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Figure 5.13: The size (diameter) distribution of He bubbles in the matrix of the (a)
FeCrMnNi HEA and (b) AISI-348 after 4 dpa and subsequent annealing to 673 K.

For the light ion irradiations, results are different when the nucleation and growth

of He bubbles are analysed at the interfaces of each alloy. At 4 dpa, the He bubble

sizes are similar for both alloys, but after extended annealing at 673 K, the HEA

exhibited considerable bubble growth as can be seen in the histogram in figure

5.14(a). On average the calculations indicate that for the HEA, the percentage of

growth was around 139% compared with 50% (in diameter) for AISI-348.

Similarly, the histograms of Xe bubble sizes in the matrix and at the interfaces

in both alloys are shown in figures 5.15(a–b) and 5.16(a–b), respectively.

The distributions of Xe bubbles in the matrix show that for the FeCrMnNi HEA,

Xe bubbles exhibited a small growth after annealing whilst in the AISI-348 steel

this growth was more pronounced. By analysing the distributions of Xe bubbles

in the matrix, the trend reported for He bubbles in the matrix was also observed

here: at 4 dpa and prior to annealing, Xe bubbles are relatively bigger in the steel

when compared to the FeCrMnNi HEA (histograms in figure 5.15(a–b)). At 4 dpa,

the average size of Xe bubbles has increased around 16% and 41% (in diameter),

respectively, for the HEA and the AISI-348. At the interfaces, Xe bubbles were

not found to grow significantly in either material at 4 dpa and after subsequent

annealing as can be observed in the histograms in figure 5.16.

The results of the inert gas bubbles size analysis are summarised in figure 5.17.

The red error bars in the plots indicate the standard deviation (σ) of the average

diameter of the bubbles for each case studied.

Light and heavy ion irradiation followed by annealing of the FeCrMnNi HEA

resulted in the nucleation and growth of inert gas bubbles in the matrix whereas, at

the interfaces, only He bubbles were observed to grow significantly after annealing.
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Figure 5.14: The size (diameter) distribution of He bubbles at interfaces in the (a)
FeCrMnNi HEA and (b) AISI-348 after 4 dpa and subsequent annealing to 673 K.

In the case of AISI-348 irradiated and annealed under the same conditions, the

results suggest that at 4 dpa both He and Xe bubbles in the matrix are bigger when

compared with the HEA. In the steel, Xe bubbles grow considerably in the matrix

after annealing. For both alloys, Xe bubbles at the interfaces were not found to

grow neither after irradiation nor annealing.

Figure 5.15: The size (diameter) distribution of Xe bubbles in the matrix of (a) the
FeCrMnNi HEA and (b) AISI-348 steel after 4 dpa and subsequent annealing to 673
K.
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Figure 5.16: The size (diameter) distribution of Xe bubbles at interfaces of (a) the
FeCrMnNi HEA and (b) AISI-348 steel after 4 dpa and subsequent annealing to a
temperature of 673 K.

Figure 5.17: Trends resulting from the size analysis of He and Xe bubbles at inter-
faces and in the matrix for both the FeCrMnNi HEA and AISI-348 after irradiation
up to 4 dpa with (a–b) He and (c–d) Xe including subsequent annealing to 673 K.
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5.6.3 The relationship between inert gas bubbles nucleation

and growth in the irradiated multicomponent metallic

alloys

During atomic collisions with the crystal structures of the FeCrMnNi HEA and

AISI-348 point defects will be generated: vacancies and interstitials (Frenkel pairs).

Monte Carlo calculations with SRIM show that 6 keV He creates an average of

13 vacancies per ion collision whilst 134 keV Xe generates 907–910 vacancies per

ion collision. As a result of the implantation of the inert gases and subsequent

generation of point defects, inert gas bubbles will nucleate throughout the matrix

of these materials as shown in the sections above.

The mechanism of inert gas bubble nucleation and growth in crystalline solids

involves the kinetics of vacancies and interstitials at the atomic level. In a solid

containing mobile vacancies, inert gas bubbles will grow via the continuous arrival

of vacancies and inert gas atoms (interstitials). Similarly, the departure of vacancies

(and interstitials) will lead the bubble to shrink. When both arrival and departure

rates of vacancies reach a balance (i.e. a steady-state condition), the inert gas

bubbles will neither grow nor shrink [22, 137, 446]. Thus, the study of inert gas

bubbles in high-entropy alloys can be used to test the current hypothesis of reduced

mobility of radiation-induced point defects.

The results reported here show that for He bubbles in the matrix, bubbles are

marginally bigger in the AISI-348 compared with the FeCrMnNi HEA. Upon ex-

tended annealing, the He bubbles grow in the matrix of both materials, although

in the case of the steel, the size distribution indicates that bubbles are larger than

in the HEA matrix. This indicates that under the same irradiation conditions, in

the stainless steel, vacancies are slightly more likely to diffuse and get trapped by

the He bubbles. Additionally, the interaction between interstitials and bubbles is

also more prone in the AISI-348 matrix which could also result in bigger bubble

sizes. However, when the statistical error in measuring the size of bubbles is taken

into account, light ion irradiations followed by subsequent annealing at 673 K in the

matrices of both the AISI-348 and the FeCrMnNi lead to very similar nucleation

and growth of He bubbles.

Regarding He bubbles at the interfaces, the growth upon annealing was notable

in the HEA as shown in figure 5.17(b). This suggests that interfaces in the HEA

microstructure – such as grain and twin boundaries – act as sinks for irradiation-

induced point defects at moderate temperatures. The presence of annealing twins

throughout the HEA microstructure is also expected to influence these observed

results. From the comparison between the two pristine microstructures of the Fe-

CrMnNi HEA and the AISI-348 presented in chapter 4, twins are likely prone to
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occur in the former alloy as the equiatomic composition can decrease the stacking

fault energy, thus contributing to twinning in this HEA.

At first glance the results in the HEA exhibit a discrepancy: He bubbles clearly

have not grown in the matrix as much as at the interfaces. This suggests that

vacancies have limited mobility in the matrix and that bubbles at interfaces had

to incorporate vacancies from the interfaces (and possibly from the matrix near to

the interface) in order to grow. These observations can be explored in terms of the

intrinsic disordered atomic structure of a HEA.

In the bulk (matrix) of a highly concentrated alloy (like the FeCrMnNi HEA),

the migration barriers for diffusion have been demonstrated to be higher than in

pure metals and diluted alloys (such as the AISI-348) [447]. As a result, activation

energies for either vacancies and interstitials diffusion under irradiation could be

higher in these alloys. The trends observed in this work in the case of the HEA

irradiations with 6 keV He, indicate that inert gas bubbles have not shown an equal

growth rate in the matrix probably as a consequence of the complex defect energetics

distribution caused by the disordered atomic solid solution. Recent reports from

both computation and experiments have demonstrated that a “sluggish” diffusion

property acts in order to enhance the recombinations of Frenkel defects leading to

the observed superior radiation tolerance for these highly concentrated alloys [87,

340, 447, 448].

The complex energy landscape associated with the sluggish diffusion in highly

concentrated alloys is affected by temperature according to Zhao et al. [447, 449].

At high temperatures, the sluggish diffusion property will cease. These authors also

noted that the presence of interfaces will also affect such a property by inducing

preferential diffusion of some chemical species at these sites. In this way, preferential

diffusion will result in the diffusion of point defects at the interfaces and may induce

chemical segregation processes, although in this work, segregation has not been

observed for either light ion irradiations or heavy ion irradiation in the FeCrMnNi

HEA. This preferential diffusion behaviour of point defects has also been reported

for Fe-Cr alloys [450]. These facts may explain the preferential growth of He bubbles

at the interfaces of the FeCrMnNi HEA upon annealing (figure 5.17(b)) in contrast

with the results in the matrix.

More “aggressive” irradiations with 134 keV Xe ions have also confirmed these

assumptions. As shown in figure 5.17(c), after irradiation up to 4 dpa, Xe bubbles

are bigger in the steel and also grow more in this alloy upon annealing compared with

the HEA. As noted before, a single ion collision between Xe and the microstructure

of both alloys will create a large number of Frenkel defects: approximately 1000

vacancies per cascade. In the HEA due to the sluggish diffusion, there will be more

recombination and annihilation than in the stainless steel or even fewer net vacancies
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per cascade due to higher lattice potential energies: thus leading to a reduction in

the population of defects that could contribute to the growth of inert gas bubbles.

However, probably due to the reduced mobility of Xe atoms in solids, the growth of

Xe bubbles has not been clearly observed in either interfaces or the matrix in either

alloy. Regarding the heavy ion irradiation experiments, when the statistical error is

taken into account, both alloys have a similar irradiation response.

Post-irradiation TEM examination of the AISI-348 after Xe irradiations have

clearly given indications of phase separation (precipitation) as shown in figure 5.10.

Precipitation has not been observed in the FeCrMnNi HEA under the same irradi-

ation/annealing conditions indicating a possible connection between the thermody-

namic state of the alloys under investigation with the effects of energetic particle

irradiation, but this effect will be further explored in the next chapter.

5.7 Summary and conclusions

The irradiation response of an equiatomic alloy in comparison with its non-equiatomic

alloy counterpart followed by subsequent annealing have been investigated. This has

shown that the dynamics of nucleation and growth of inert gas bubbles (in the ma-

trix) were possibly slightly delayed or suppressed in the FeCrMnNi high-entropy

alloy case. However any such effect is within the error bars of the bubble size mea-

surements. Therefore, considering the experimental limitations and the standard

deviations in the average size of the bubbles, these experiments have demonstrated

that the sluggish diffusion concept plays at most a very minor role in the evolution

of the inert gas bubbles in the HEA under irradiation and annealing. Diffusion is

likely to occur in the interfaces of the HEA when subjected to light ion irradiations.

This may be strongly related with the presence of twins – more likely to occur with

a higher density in the FeCrMnNi HEA than in the AISI-348 steel – that may act

as sinks for irradiation-induced defects, thus affecting the kinetics of nucleation and

growth of inert gas bubbles at the interfaces between twins and the random solid

solution matrix. The experimental observations in this chapter agrees with previous

reports in the literature where the sluggish diffusion effect significantly diminishes

(i) upon increasing the (irradiation) temperature and (ii) at the interfaces [449].

As discussed above, the statistical error associated with the bubble sizes measure-

ments can be considered as the limiting factor when trying to evidence the sluggish

diffusion in HEAs under irradiation. However, defect population and availability

along with the atomic mobilities of inert gases species in solids are factors that can

be used to interpret the present results on AISI-348 and the FeCrMnNi HEA. The

bubble size distributions as well as the analysis presented in figure 5.17 establish a

baseline, i.e. (1) the light ion irradiations with 6 keV He leads to equivalent bubble
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sizes in the matrices of both alloys, but prominent growth at the interfaces of the

FeCrMnNi HEA; conversely (2) heavy ion irradiations with 134 keV Xe leads to

equivalent bubble sizes at the interfaces of both alloys, but significant growth in the

matrix of the austenitic stainless steel.

Xe irradiations will create two orders of magnitude more damage (vacancies per

cascade) in each cascade than He irradiations and this fact will result in very dif-

ferent cascade morphologies. Given these considerations, He irradiations will likely

result in the generation of mainly Frenkel pairs whereas the heavy ion collisions will

lead directly to the generation of small defect clusters. Assuming that He is more

prone to diffuse than Xe under the temperatures of the experiments [451, 452], He

bubbles in the FeCrMnNi HEA will grow at the interfaces by He diffusion/trapping

at these sites. Similarly, Xe may be more mobile in the steel matrix and will eventu-

ally interact with the generated small clusters resulting in larger matrix bubbles as

observed. Therefore, under these considerations, the sluggish diffusion hypothesis

could be used to explain the observed trend in the bubble sizes, but due to the

statistical error in measuring the bubble sizes, the results shows little difference in

radiation response of both alloys.

Heavy ion irradiations followed by subsequent annealing in the AISI-348 have

shown evidence of phase decomposition/precipitation whilst in the HEA the random

solid solution lattice was preserved without irradiation-induced phase separation.

These facts suggest that there is a strong link between the high thermodynamic

phase stability of the HEA (under the studied conditions) and the response to ener-

getic particle irradiation when compared to a very similar non-equiatomic alloy, the

austenitic stainless steel AISI-348, and these latter facts are the subject of study in

the next chapter.
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Chapter 6

Comparison of phase stability

under irradiation of AISI-348 steel

and FeCrMnNi HEA

6.1 Introduction and background

One particular core effect of high-entropy alloys is the expected high thermodynamic

phase stability promoted – theoretically – by the maximisation of the configurational

entropy at (close-to) equiatomic compositions. The high-entropy effect lowers the

Gibbs free energy of the alloy system, thus allowing the solidification and growth

of a single-phase microstructure with maximum retained stability, i.e. no phase

transformation is expected to occur even at high temperatures or when the alloy

is subjected to mechanical loading. In metallurgy, the synthesis of metallic alloys

using the high-entropy concept diverges from the conventional terminal solid solu-

tion approach where minor alloying elements are chosen in a certain compositional

space (not at equiatomic composition) to form a single or dual-phase alloy, e.g. the

austenitic stainless steels and the Ni-based super-alloys. Therefore, in the context

of nuclear technology, it is of paramount importance to investigate how the high-

entropy effect and its associated high thermodynamic single-phase stability may be

affected by exposure to energetic particle irradiation.

In the previous chapter, heavy ion irradiations (134 keV Xe+) have shown in-

dications of radiation-induced precipitation (RIP) in the austenitic stainless steel.

This manifested itself in the form of small crystallites that were observed in both

bright- and dark-field TEM preferentially in the vicinity of Nb(C,N) nanoparticles

within the austenite matrix. Interestingly, such precipitation did not occur in the Fe-

CrMnNi HEA under identical irradiation conditions. In order to investigate possible

connections between high thermodynamic phase stability and radiation damage, this
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present chapter is concerned with probing the single phase stability of the FeCrMnNi

high-entropy alloy under heavy ion irradiation varying both the temperature and

the incident ion energy.

Following the methodology introduced in the last chapter, the austenitic stain-

less steel AISI-348 was irradiated with low- and medium-energy Xe ions at similar

conditions to those used for the HEA to allow a direct comparison. The expected

possible phase instabilities were radiation-induced segregation (RIS), precipitation

(RIP) and phase transformations (RIPT). In conventional TEM, these effects can

be monitored by analysing diffraction patterns before and after irradiation. RIS,

RIP and RIPT can also be studied using advanced analytical methods such as

STEM-EDX in modern electron microscopes with field emission guns (FEGs). The

development of impurity damage (i.e. inert gas bubbles) and displacement dam-

age (i.e. black-spots, dislocation loops) will be qualitatively explored and reported

where appropriate, but these defects are not the main focus of these experiments.

6.2 Low-energy heavy ion irradiation

Figure 6.1: (a) The implantation depth, (b) the distributions of vacancies per
Ångström-ion and (c) the fluence-to-dpa conversion for 30 keV Xe ions into the
FeCrMnNi HEA and the AISI-348 steel calculated using the SRIM code. Calcu-
lations were carried out with 5000 ions in the “quick” calculation mode using the
Kinchin-Pease model.

The first part of this chapter investigates the effects of 30 keV Xe irradiations

in the AISI-348 steel and the FeCrMnNi HEA. These experimental conditions were
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chosen because fast neutrons within a LWR will generate PKAs with energies ≈
10 keV. The average PKA energy for 30 keV Xe ions in Fe is 11.7 keV (calculated

using SRIM-2013 with 1000 ions). Thus low-energy heavy ion irradiations allow the

simulation of neutron-induced cascades and average displacements similar to those

in a nuclear reactor [453].

6.2.1 Design of the experiment

When using 30 keV Xe ions to carry out irradiations in the FeCrMnNi HEA and

AISI-348, the longitudinal ion range of implantation is around 12 nm as shown

in figure 6.1(a). As Xe is a heavy ion (Z = 54 and A = 131), the cascade damage

consists of approximately circular-shaped regions (in 2-D projections) with radii less

than 5 nm (the 2D projection of such a cascade is shown in figure 6.24 in section

6.3.2.3) indicating that single-ion impacts produce substantial displacement damage

in localised lattice regions. Per ion collision, 30 keV Xe ions will cause on average 220

displacements in both alloys. The fluence-to-dpa conversion is exhibited in figure

6.1(c).

6.2.2 Low, moderate and high temperatures regimes

Heavy ion irradiations in situ within a TEM have been carried out in the tem-

perature range of 293–1073 K. Firstly, the results are presented. A comprehensive

discussion is then given at the end of this subsection.

6.2.2.1 Irradiations at 293 K

The microstructural evolution of the FeCrMnNi HEA and the AISI-348 at room

temperature are presented in figure 6.2(a–c) and 6.2(d–f), respectively, up to a

fluence of 2.8×1016 ions·cm−2 or 10 dpa. The insets in the figures are the diffraction

patterns taken before the irradiations and after 10 dpa.

Xe bubbles were observed in both materials at a dose of around 5 dpa and in the

case of the stainless steel, the austenite phase decomposed into small nanometre-

sized precipitates starting at around 5 dpa. These precipitates grew in projected

area for doses higher than 5 dpa as can be observed in the BFTEM figures 6.2(e) and

6.2(f): the yellow arrows in these micrographs are drawing the reader’s attention

to this observed growth. The radiation-induced precipitation has been detected

primarily by observing the presence of the Debye-Scherrer rings in the diffraction

pattern, as shown in the inset in figure 6.2(f), but the observation of the crystalline

precipitates can also be seen in bright-field. In the TEM figures 6.2(b) and 6.2(c),

the circle indicates that from 5 to 10 dpa, some black-spots were observed but were
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absent at the higher dose, suggesting recombination/annihilation. The red arrow in

figure 6.2(b) shows a bright Xe bubble at 5 dpa (in underfocus) that was annihilated

upon increasing the dose.

At the end of the experiment, at a fluence of 5.7×1016 ions·cm−2 (21 dpa), pre-

cipitation was also observed around Nb(C,N) particles as shown in the BFTEM

micrograph in figure 6.3(c). Apart from Xe bubbles – that have not grown signif-

icantly – the matrix of the FeCrMnNi HEA was free of precipitation at a dose of

21 dpa as shown in the micrographs in figures 6.3(a–b). In bright-field, annealing

twins are observed with strong black contrast, but this condition was pre-existent

at the beginning of the experiments as shown in figure 6.2(a).

6.2.2.2 Irradiations at 573 K

The microstructural evolution of the FeCrMnNi HEA and the AISI-348 steel under

30 keV Xe ion irradiation at 573 K is shown in figure 6.4. It should be noted that

this is approximately the operating temperature of a commercial LWR.

In the high-entropy alloy matrix phase, Xe bubbles were observed at 8 dpa and

had not grown significantly at 10 dpa as shown in the BFTEM micrographs in

figures 6.4(b) and 6.4(c). Diffraction pattern insets presented in figures 6.4(a) and

6.4(c) indicate that the HEA has its random single-phase solid-solution preserved

at 8 dpa. Conversely, significant microstructural alterations can be seen in the

austenitic stainless steel as shown in figure 6.4(d–f). At 8 dpa, black-spots and Xe

bubbles were observed throughout the austenite phase as shown in figure 6.4(e). At

10 dpa, the Xe bubbles were considerably bigger in the regions close to the edge of the

FIB lamella as shown in the micrograph 6.4(f). Although the lamella slightly bent

during the ion irradiation experiment, the diffraction pattern inset in figure 6.4(f)

shows the presence of rings that were absent at the beginning of the experiment,

which indicates that the austenite phase decomposed into precipitates under these

experimental conditions at 573 K. These rings resemble an amorphous pattern, but

this is more likely to be associated with the reduced size of precipitates (or even

clusters) under the present irradiation conditions than with the amorphisation of the

matrix and could even result from self-passivation (as the experiments are performed

in a high vacuum level of ≈1×10−7 Pa.)

In the AISI-348 steel, matrix phase decomposition was also observed in a different

area around 19 dpa as shown in figure 6.5(b) in which the DP (inset) now shows

characteristic Debye-Scherrer rings. At a higher dose, the FeCrMnNi HEA was

observed to be stable as shown in micrograph 6.5(a). Precipitates and black-spots

were observed at 21 dpa in the AISI-348 steel and also remained stable during the

irradiation to higher doses as assessed by an exploratory experiment the results of

which are shown in figure 6.5(c–d): the precipitates were responsive to defocus and
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Figure 6.3: Low-energy heavy ion irradiation at 293 K to higher doses, 21 dpa,
show that (c) precipitates are observed in the matrix phase of the AISI-348 whilst
(a-b) the HEA matrix is still single-phase with the twins (satellite spots in the DP
at (a) highlighted with a blue circle) which are better visualised in the DFTEM
micrograph (b). Note: all micrographs were underfocused (≈1000 nm).
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Figure 6.5: Low-energy heavy ion irradiations at 573 K, showing the microstruc-
ture of (a) the FeCrMnNi HEA with some Xe bubbles at higher fluences, 6.8×1016

ions·cm−2 (25 dpa) and (b) the AISI-348 steel showing that the austenite phase was
decomposed at 5.1×1016 ions·cm−2 (19 dpa). (c) At a fluence of 1.0×1017 ions·cm−2

(37 dpa), bubble growth and precipitation are observed to occur in the AISI-348
steel and (d) black-spots evolve to a maximum size of 20 nm (at 21 dpa). The same
was not observed to occur in the FeCrMnNi HEA. Note: (a–b) are underfocused to
≈1000 nm; the insets in (c) and (d) are defocused by ± 300 nm and ± 1000 nm,
respectively.
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generated Fresnel contrast as shown in the insets in the figure 6.5(c) whereas the

contrast of black-spots did not change by defocusing the objective lens as shown

in figure 6.5(d). This procedure has been used to distinguish the precipitates and

black-spots at lower magnifications.

6.2.2.3 Irradiations at 873 K

Irradiations at 873 K were carried out in the FeCrMnNi HEA and the AISI-348

steel to the same doses and their microstructural evolution is exhibited in figure 6.6.

Samples were held at 873 K for 30 minutes before irradiation and no microstructural

changes were observed as a result of this thermal anneal. Radiation effects were

detected and monitored in situ within the TEM from the very beginning of the

irradiation experiment.

With respect to the FeCrMnNi HEA, Xe bubbles became noticeable at doses

of around 2 dpa as shown in figure 6.6(b). Upon increasing the dose, craters were

observed to form in the HEA as shown in figure 6.6(d) as a direct result of Xe bubble

growth. Due to similarities in the TEM contrast from craters and bubbles, it was

not possible to know whether contrast resulted from a region without Xe, a large Xe

bubble or even an area with solute segregation assisted by irradiation. As shown in

the inset diffraction patterns (figures 6.6a and 6.6d), taken before irradiation and at

10 dpa, the single-phase solid solution was observed to be decomposed as indicated

by the presence of Debye-Scherrer rings.

Xe bubbles are noticeable in the AISI-348 also at doses around 2 dpa as can

be seen in figure 6.6(d). For doses higher than 5 dpa, the nucleation and growth

of Xe bubbles resulted in the formation of craters (or possibly radiation-induced

segregation areas as mentioned in the paragraph above). It is worth noting that

such craters were also observed in the FeCrMnNi HEA at around the same doses.

By monitoring the diffraction pattern before (figure 6.6(e)) and after the irradiation

(figure 6.6(h)), the formation of Debye-Scherrer rings can be seen at 10 dpa and

suggests decomposition of the austenite matrix.

At higher doses, 15 dpa, microstructures of the AISI-348 steel and the FeCrMnNi

HEA were also very similar. The presence of dark grey areas as exhibited in figure

6.7(a–d) indicates that radiation induced segregation has occurred during irradia-

tion and this can be further confirmed by analysing the diffraction patterns inset

in the figure 6.7(a) and (c): the austenite of the AISI-348 steel and the random

solid solution of the FeCrMnNi HEA exhibited rings which indicate the presence of

secondary phases, thus both initial microstructures are prone to decompose at doses

higher than 10 dpa for irradiation temperatures of 873 K.
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6.2.2.4 Irradiations at 1073 K

At high temperatures, the FeCrMnNi HEA samples were observed to be destroyed

within the TEM as can seen in figure 6.8. This effect starts at the regions close to

the edge of the TEM lamella and it rapidly continues into the bulk of the specimen.

The sample loses its electron-transparency after 10 minutes held at 1073 K. This

effect has been observed to occur in all the TEM lamellae prepared from this alloy

for irradiation at 1073 K. Due to this effect, it was impossible to assess the effects of

radiation in this HEA at 1073 K. It must be said that such effect has been observed

in our research group in other materials including refractory metals such as tungsten.

However, to date, the cause of this effect remains unknown, although speculations

Figure 6.7: The microstructures of (a–b) the FeCrMnNi HEA and (c–d) the AISI-348
steel irradiated to 4.2×1016 ions·cm−2 (15 dpa) at 873 K. Dark grey zones have been
observed to form in both alloys at these dose levels which suggests the occurrence
of RIS and the formation of precipitates. Note: The underfocused micrographs (b)
and (c) were taken with an underfocus of ≈1000 nm and 1600 nm, respectively, and
the scale marker in (a) applies to all micrographs in the figure. The arrows indicate
the areas of RIS.
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Figure 6.8: The microstructure of the FeCrMnNi HEA after annealing at 1073 K
for 10 minutes.

lie in a thin film effect.

Conversely, the AISI-348 was held at 1073 K for approximately 30 minutes and

before irradiation no changes were observed as exhibited in the figure 6.9(a). The

microstructural evolution of the austenite phase under 30 keV Xe ion irradiation is

shown in figure 6.9(b–d): at doses around 3 dpa, a new phase was observed to form

under irradiation and its contrast was brighter than the austenite phase. The new

phase grew as the dose increased and it ceased to grow if the ion beam was stopped.

Post-irradiation TEM characterisation has indicated that this new phase formed

throughout the austenite matrix phase as shown in the BFTEM low-magnification

micrograph in figure 6.10(a). Crystallographic indexing using data available in lit-

erature [454] with the experimental diffraction pattern obtained using the SAED

aperture around this new phase as shown in figures 6.10(c-d), indicated that the

new phase has a BCC crystal structure. At higher magnifications, Xe bubbles and

nanometre-sized precipitates are also observed within the austenite matrix and in

the newly formed phase as shown in figure 6.10(b). Additionally, the diffraction

pattern shown in figure 6.10(d) has reflections that were shown later – in dark-field

of a different orientation – to be from the precipitates (figure 6.17).

The quantitative data shown in figures 6.11(a) and 6.11(b) represent the average

sizes (diameter) of this new phase and the average volumetric density as a function

of the irradiation dose, respectively. The density reduced with increasing size of the

phase. The results obtained with the austenitic stainless steel 348 are compared with

data available in the literature for neutron-irradiated FeCrAl ferritic steels investi-

gated after irradiation with atom probe tomography [455]. It can be seen that for

neutron irradiations of a ferritic matrix, the sizes of the Cr-rich precipitates (which
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Figure 6.10: Post-irradiation screening of the AISI-348 steel after
1.3×1017 ions·cm−2 (46 dpa) at 1073 K: (a) and (b) are low and high-magnifications
BFTEM micrographs, respectively, (c) selected-area diffraction pattern correspond-
ing to the inset shown in (b) and (d) is the simulated DP from CrystalMaker with
the Badjuk et al. dataset [454] used to index the new phase that formed under the
present irradiation conditions.

will be later defined as α′-phase) are significantly smaller when compared with the

heavy ion irradiations reported in this work for an austenitic steel. Similarly, the

reduced sizes result into higher volumetric densities. In the case of the Fe-15Cr-Al,

the size of the precipitates increased with the dose and a saturation trend for doses

higher than 5 dpa was observed. Such increase in size resulted in a decrease in

the volumetric densities upon increasing the dose. This trend was observed for the

heavy ion irradiations of the AISI-348 steel, but not for the neutron irradiations of

the Fe-10Cr-Al in which the sizes are directly proportional to the densities: Briggs

et al. [455] suggested that for this latter case, the alloy with 10%-Cr is still in the

nucleation and growth regime at around 7 dpa.

In order to further investigate the accelerated ageing, manifested by the forma-
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Figure 6.11: Quantitative data for the new BCC phase (α′-phase) that nucleated
and grew in the AISI-348 steel matrix under 30 keV Xe ion irradiation at 1073 K
showing: (a) the average diameter and (b) volumetric density. Note: results are
compared with atom probe tomography data published by Briggs et al. [455] on
neutron-irradiated FeCrAl alloys (composition in wt.%); error in sizes and density
were not provided (or were to small to be detected in the plots) by Briggs et al. in
their paper.

tion of nano-precipitates under irradiation, the same irradiation conditions reported

above – i.e. 30 keV Xe at 1073 K – were used in a different experiment in a pristine

sample monitored at a higher magnification. In the set of sequential in situ TEM

ion irradiation micrographs shown in figure 6.12, the nucleation and growth of these

nanometre-sized precipitates was observed. Monitoring an area closer to the edge

of the TEM lamellae, the same experiment also shows a comparison between the

microstructure of the AISI-348 prior to irradiation and after annealing for 20 min at

1073 K (figure 6.13(a)) with the same area after 17 dpa of 30 keV Xe ion irradiation

(figure 6.13(b)).

Quantitative data extracted from the micrographs presented in figures 6.12 and

6.13 revealed that the size of the precipitates increased linearly with dose up to 55

nm at 7.3 dpa and remained constant around this value up to 17 dpa, but their

volumetric density approached to saturation at doses around 5 dpa. These results

are shown in figure 6.14(a-b). Such quantitative data is compared with data available

in the literature for ex situ TEM ion irradiation using a 120 keV Ar beam at 823 K

in the austenitic stainless steel HR3C (Fe-25Cr-20Ni in wt.% with smaller additions

of Nb and N) reported in work performed by Jin et al. [456]. In the latter case,

bulk specimens of HR3C steel were irradiated and post-irradiation characterisation

at different doses revealed that the growth behaviour was approximately linear;

however, the size of these nanometre-sized precipitates was smaller (≈10 nm at

around 30 dpa) than in the AISI-348 case. With respect to the volumetric density
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Figure 6.13: Formation of nanometre-sized precipitates in the AISI-348 steel before
irradiation and after annealing at 1073 K (a) and after 30 keV Xe irradiation up to
17 dpa at 1073 K (b). Note: The scale bar in (a) also applies to (b).

Figure 6.14: (a) Average precipitate diameter and (b) average volumetric density as
a function of the irradiated dose for accelerated ageing due to heavy ion irradiation
in two austenitic stainless steels: the AISI-348 steel (this work) monitored in situ
within the TEM during irradiation and HR3C steel (Jin et al. [456]) investigated
with ion irradiation followed by ex situ TEM.
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of precipitates, the data obtained by Jin et al. [456] showed larger values (by two

orders of magnitude) than the experiments reported in this thesis with 30 keV Xe

ions in the AISI-348 steel. It should be noted that these authors have not reported

the thickness of the TEM lamellae that they used to calculate the volumetric density

of precipitates: in the case of the AISI-348, the thickness was ≈70 nm.

Although this is a comparison between two different austenitic stainless steels

and two different irradiation techniques, the results indicate that in the case of

irradiations conducted in electron-transparent lamellae in situ in the TEM, larger

sizes of precipitates led to smaller volumetric densities whilst heavy ion irradiation

in a bulk sample suggested that smaller sizes (below 10 nm) led to higher areal

densities. Larger precipitate sizes observed in the AISI-348 steel at lower doses

compared with the bulk HR3C steel can also suggest that the accelerating ageing

effect may be faster in the former, possibly due to the irradiation conditions: higher

irradiation temperature and heavier ions.

So far, the experiments using the in situ TEM heavy ion irradiation technique

at 1073 K in the AISI-348 steel have revealed the formation of a new BCC phase

and nanometre-sized precipitates. Analytical STEM-EDX characterisation was per-

formed in order to qualitatively determine the composition of the new BCC phase

as well as to assess the physical nature of the precipitates that were observed to

form at 1073 K, and also during irradiation at all the temperatures studied in this

chapter.

The set of STEM-EDX low-magnification micrographs presented in figure 6.15

show that the new BCC phase (figure 6.10(a–b)) is Cr-rich and Fe-depleted relative

to the austenite matrix. It also shows that it has small additions of Ni, Mn and C.

Therefore, this indicates that this could be the Cr-rich α′-phase that can form in

austenitic stainless steels under specific conditions that will be later discussed.

At higher magnification and preferentially around the Nb(C,N) nanoparticles

within the austenite phase, nanometre-sized precipitates are also observed as shown

in figure 6.16. These spectral images show that such precipitates are primarily Cr-

and Mn-rich. Carbon shows a build-up around the Nb(C,N) nanoparticle, but due

to EDX limitations the degree of delineation could not easily be detected. When

the irradiation temperature is lower than 1073 K, the precipitates do not grow

significantly, thus the spots will tend form characteristic Debye-Scherrer diffraction

rings. This makes it harder to carry out crystallographic identification as they

may lead also to the formation of rings that resemble amorphous material due to

their reduced sizes, like the diffraction pattern of the AISI-348 at 10 dpa during

irradiations at 573 K as shown in figure 6.4(f).

The procedure that was used to characterise the nanometre-sized precipitates in

this thesis is shown in figure 6.17(a–b). Upon growth under irradiation at higher
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Figure 6.17: TEM characterisation of the M23C6 precipitates: the micrograph (a)
is a selected-area diffraction pattern taken from the area shown in the inset in (b)
which is a DFTEM micrograph using the (004) reflection. The fluence was around
of 1.3×1017 ions·cm−2 (46 dpa).

temperatures, the spots are observed in the DP and can be clearly distinguished

from the parent phase. As shown in figure 6.17(b), DFTEM is used to distinguish

the reflections from the precipitates and the austenite. Upon the confirmation that a

certain reflection in the DP belongs to the precipitates, the reciprocal space distances

between this reflection and the transmitted beam are measured using ImageJ and

the values compared with reference crystallographic data for M23C6 (known as the

τ -carbide) [456, 457]. The deviation from the reference values is less than 0.18%.

These precipitates were thus identified to be M23C6 where M is the major metal

solute (Fe, Cr, Mn and/or Ni), in this case mainly Cr and Mn, and C the minor

solute and their crystal structure is FCC. In combination with previous reports in

the literature of austenitic stainless steel of this grade in which precipitation was

identified through XRD measurements after 80 hours of thermal annealing in the

austenite phase [32], the STEM-EDX and conventional TEM characterisations of the

irradiated AISI-348 steel at the temperature of 1073 K indicated that such nano-

precipitation is accelerated under the irradiation conditions studied in this section.

The technique of multivariate statistical analysis (MVSA) discussed in section

3.6.3 was used to provide some quantitative analysis of the STEM-EDX spectral

images shown in figure 6.15, in particular to reveal more details on the α′-phase.

As mentioned in section 3.6.3, the application of MVSA to refine data from STEM-

EDX data is useful to reveal the presence of different phases in the elemental maps

as well as to detect, differentiate and identify which elements are found in these

phases. After the irradiation (46 dpa), the results in figure 6.18 indicate that MVSA

detected the depletion of Cr in the γ-Fe phase as well as the fact that the α′-phase

is not pure Cr as reported for FeCr and FeCrAl steels [458, 459]. In addition to
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the identification of the Cr-rich α′-phase and the depletion of Cr in the γ-Fe phase,

the MVSA results also detected the presence of pre-existing Nb(C,N) nano-particles.

From the MVSA analysis and also the TEM and STEM/EDX data presented in this

section, the presence of twins in the AISI-348 steel may contribute as nucleation sites

for the formation of the Cr-rich α′-phase under irradiation – as such twins are sinks

for diffusing crystalline defects (solutes and vacancies) – but the majority of these

irradiation-induced phases nucleated within the γ-Fe phase.

Figure 6.18: Post-irradiation MVSA analysis obtained from the STEM-EDX maps
in figure 6.15 at 46 dpa. The amplitude map in (a) and its respective (a1) EDX spec-
trum represents the austenite phase depleted in Cr after irradiation. Similarly, the
amplitude maps in (b) and (c) and their respective EDX spectra (b1) and (c1) show
the Cr-rich α′-phase and the Nb(C,N) phase, the latter existing before irradiation.

Using the software ImageJ [460] it was possible to (roughly) estimate the Cr-

rich α′ and the τ -M23C6 phase fractions in terms of areas as shown in the set of

micrographs in figure 6.19(a-d). This analysis results in an area fraction of 19.7%

for the Cr-rich α′ phase and 10.6% for the τ -M23C6 precipitates.

In summary, 30 keV Xe irradiation at 1073 K of the AISI-348 steel leads to the

formation of a new phase, the Cr-rich α′, and nanometre-sized τ -M23C6 precipitates.

The formation of these phases under heavy ion irradiation as well as a detailed

comparison of the results of low-energy heavy ion irradiation in the FeCrMnNi HEA

and the AISI-348 steel will be discussed in the following subsection.

6.2.2.5 Discussion

6.2.2.5.1 Stability of the AISI-348 steel and the HEA matrix phases at

low and moderate temperatures

Table 6.1 summarises the major radiation effects observed in the FeCrMnNi HEA
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Figure 6.19: Estimation of area phase fractions for the (a-b) Cr-rich α′ at 46 dpa and
(c-d) τ -M23C6 precipitates at 17 dpa. Note: The micrographs (b) and (d) are the
images treated (known as threshold images) with the ImageJ software to estimate
the area phase fraction.
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and in the AISI-348 steel when irradiated under similar conditions with low-energy

heavy ions. At the lower temperatures of 298 and 573 K, the HEA matrix phase (the

random solid solution) is retained after irradiation whereas the austenitic stainless

steel suffers phase decomposition.

These results (and note that 573 K is close to the operational temperature of

common LWRs) show that the FeCrMnNi HEA has superior radiation tolerance

than its low-entropy counterpart, the austenitic stainless steel. Particularly, the

retention of the matrix phase, i.e. the absence of precipitation and phase separation

strongly indicates that the characteristic core-effects of high-entropy metallic alloys

systems can be intrinsically related to a superior resistance to the deleterious effect

of energetic particle exposure.

These experimental observations can be explained by using the concepts of phase

stability from the thermodynamics of alloy systems. Regarding the FeCrMnNi HEA,

the results from the last chapter were reproduced: at lower irradiation temperatures

the high-entropy core effects manifest giving rise to higher phase stability under ir-

radiation whilst precipitation was observed to occur in the AISI-348 steel under 134

keV Xe irradiation. This may be due to the sluggish diffusion of radiation-induced

defects, thus reducing radiation damage effects, and providing better radiation re-

sistance than the stainless steel. In this context such results indicate a link between

thermodynamics of metallic alloys systems and radiation damage by showing that

the elemental composition is a key parameter that can be possibly used to produce

metallic alloys with superior radiation tolerance.

A dense collision cascade – as caused by the collision of 30 keV Xe ions with the

FeCrMnNi HEA or the AISI-348 steel – can be understood as a fast phase transition

with complex thermodynamics. The random lattice site occupancy, characteristic

of HEAs and linked with the lattice distortion core-effect, has recently been associ-

ated with the creation of non-periodic fluctuations of the lattice potential resulting

in modification of the atomic diffusion [461]. This will suppress defect generation

during the collapse of the damage cascade. Immediately after the collapse of the

cascade, the possible phase transition that the collisions could create in the mi-

crostructure of the HEA does not occur and the alloy is locally brought back to its

initial state, i.e. the single-phase random solid solution. Recent interpretations in

the literature suggest that this effect is similar to the magnetic frustration observed

in ferromagnetic metallic systems [68], also similar to what happens in elemental

metals.

In this way, in the low irradiation temperature regime (298–573 K), the direct

comparison of the radiation effects in the HEA and its low-entropy counterpart

(the steel) shows that the intrinsic properties of the HEA lattice are responsible

for an enhancement of its radiation performance: i.e. a superior thermodynamic
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Table 6.1: Low-energy heavy ion irradiation effects in the FeCrMnNi HEA and the
AISI-348 (in the dose range 0-50 dpa)*.

Tirr [K] FeCrMnNi HEA AISI-348

298
- Stable matrix phase.
- Xe bubbles: 2.9 nm.

- Matrix phase decomposed.
- Xe bubbles: 2.1 nm.

573
- Stable matrix phase.
- Black-spots.
- Xe bubbles: 2.5 nm.

- Matrix phase decomposed
- Black-spots
- Xe bubbles: 3.4 nm in the matrix and
10-15 nm around Nb(C,N)/edges of sample.

873

- Matrix phase decomposed
- Black-spots
- Xe bubbles: 5-12 nm.
- RIS.

- Matrix phase decomposed
- Black-spots
- Xe bubbles: 9-15 nm.
- RIS.

1073
- Lamellae destroyed.
- Experiments were not possible.

- RIS/RIP
- Formation of the α′ phase.
- Precipitates were clearly defined.
- Xe bubbles: tetragonal in the α′

and spherical in the matrix.
*In this table, the average error in the bubbles-size measurements at 20 dpa is

10–15%.

stability will, therefore, result in an alloy microstructure that is capable of resisting

the deleterious effect of energetic particle exposure when compared with another

similar alloy of the same quaternary metallic system (Fe–Cr–Mn–Ni, but with non-

equiatomic composition).

However, when the temperature increases to the range of 873–1073 K, the ra-

diation effects in the two alloys become similar. At 873 K, the matrix phase of

the FeCrMnNi HEA decomposed at doses around 10 dpa and as shown in figure

6.7, the alloys exhibited similar microstructures at doses around 15 dpa: dark zones

observed in bright-field indicated the presence of precipitates as well as elemental

segregated regions. At 1073 K the irradiation experiments could not be performed

in the FeCrMnNi HEA due to the destruction (thickening) of the TEM lamellae

during annealing (as shown in figure 6.8).

In the high temperature regime, this work research has shown that the high-

entropy core effects play only a minor role in the radiation tolerance. As predicted

by Zhang et al. [461] through ab initio calculations, the intrinsic diffusional charac-

teristics of highly concentrated alloy systems diminishes at elevated temperatures.

This has been confirmed in this present work by analysing the microstructure of

the FeCrMnNi HEA under irradiation at the nanoscale in situ within the TEM.

The differences between the behaviour at low and moderate temperatures with the

irradiations at high temperatures support the conclusions of Zhang et al. [461]. The

decrease of the attractive properties of HEA systems upon increasing the tempera-
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ture can be viewed as a limiting factor for the application of these alloys in the next

generation of nuclear reactors, which will generally operate at high temperatures

(T ≥873 K).

Regarding the austenitic stainless steel, RIP was observed to occur at tempera-

tures of 298, 573, 873 and 1073 K. In particular at 1073 K a new phase was observed

to form during irradiation – the α′ phase – which was characterised as having a BCC

crystal structure with an enrichment of Cr and a depletion of Fe. These experimental

results obtained with the AISI-348 deserve further attention and explanation.

6.2.2.5.2 Radiation-induced precipitation and formation of the α′ phase

and accelerated aging at high temperatures

Aiming at understanding the complex phase relationships in the AISI-348 steel under

irradiation, a set of thermodynamic calculations with the software Thermo-calc R©

has been performed. These calculations are based on the CALPHAD method and

the details on how such calculations are performed were provided in section 3.7.

Additionally, it is well known that the CALPHAD method (used by Thermo-calc R©)

works with virtual phases [462] and, in this way, a solution is calculated even when

the phase is not stable: in the case of the α′, for example, a phase that is stable

only at low temperatures.

The results from the thermodynamic calculation with Thermo-calc R© are shown

in figure 6.20. The phase diagram presented in figure 6.20(a) shows the phase molar

fractions as a function of temperature. It can be seen that the α′-phase is stable

up to around 800 K and it can be found in equilibrium with the austenite, the

ferrite and other minority phases. In order to better resolve the temperature range

where the α′-phase is observed to be stable, the phase digram has been enlarged

in this region in figure 6.17(b). The elemental composition of the γ-Fe (austenite)

and α′-phases is presented in figures 6.20(c) and 6.20(d), respectively, and it can

be seen that these phases are distinguishable with respect to the Cr content and

the crystal structure. However, the latter phase is not entirely pure Cr: the Fe

content increases with temperature and the other major elements in the AISI-348

steel, i.e. Mn, Ni are also present in the α′. It is interesting that the calculated

composition of the α′ phase shows the presence of elements such as Mn (and small

quantities of Si) which agrees with the MVSA quantification presented in figure

6.18: the phase observed experimentally also contain such elements to some extent.

Another interesting observation from the calculated elemental composition of the

austenite phase as a function of the temperature is the enrichment of Ni at very

low temperatures. This phenomenon has already been reported to occur within the

context of heat-affected zones of welded stainless steels [463].

The experimental observations of radiation-induced segregation leading to phase
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Figure 6.20: Equilibrium phase diagrams for the AISI-348 steel calculated using
Thermo-calc R© [415]. The molar fraction of the phases present in the steel system in
the temperature range 500 to 2000 K is shown in (a) and (b) is a zoomed-region from
the bottom part of the phase diagram (a) evidencing the presence of Nb(C,N) and
M23C6 precipitates as minor phases. Elemental compositions of the γ-Fe (austenite,
the matrix phase) and the Cr-rich α′ phases are shown in (c) and (d), respectively.
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formation (α′-phase) and precipitation (M23C6) during irradiation of the AISI-348

as shown in figure 6.19 in contrast with the retention of the high-entropy alloy

matrix phase – albeit only at low and moderate temperatures – suggests a connec-

tion between the thermodynamics of metallic alloy systems and radiation damage

resistance.

In a multicomponent alloy, energetic particle irradiation will generate Frenkel

defects (vacancy-interstitial pairs) and whilst some additional recombination will

occur on increasing the temperature, the heavy ion irradiation creates crystalline

defects at supersaturated levels (when compared to equilibrium concentrations). As

a result, the diffusion rate of the solutes will increase, thus affecting the alloy be-

haviour and its microstructure by promoting the nucleation and growth of secondary

phases and precipitates. On the other hand, it is widely known that thermal treat-

ments (or annealing) can induce the nucleation and growth of new phases and/or

precipitation in stainless steels, and in particular in the 300-series, precipitation of

M23C6 is expected to occur after 80–100 hours of annealing at 973 K [32, 39].

Irradiations at elevated temperatures will enhance atomic diffusion in austenitic

stainless steels promoting the nucleation of phases and precipitation faster than in

with elevated temperatures alone. As introduced in section 2.2.2.7, this phenomenon

is known in the literature as RIS and it differs from the thermal process in terms

of time-scale (faster kinetics of phase transformations) and the resulting elemental

composition (phase inhomogeneities) of the phases or precipitates that form under

irradiation.

The RIS effect has resulted in BCC Cr-rich α′-phase forming and growing within

the γ-Fe matrix due to the continuous introduction of vacancies and interstitials by

the ion collisions. As a result, the Gibbs free energy of the system will be lowered

by the elimination of concentration gradients of displaced solute atoms. The results

of the thermodynamic calculations show that both the α′-phase and the precipitates

are observed in the equilibrium diagram which leads to an interesting conclusion:

under irradiation, it is remarkable that the metastable austenite matrix decomposes

into two phases that were predicted in the equilibrium phase diagrams from the

thermodynamic calculations.

Clearly, the temperature range where the α′-phase is predicted to form under

equilibrium is lower (stable up to 800 K) than the temperature at which its nucle-

ation was observed under irradiation (1073 K). Such a discrepancy does not inval-

idate the detection of the α′-phase during irradiation, as the Thermo-calc calcula-

tions predict an equilibrium state and the sample under irradiation is evidently out

of equilibrium. As discussed by Hack in his reference book [462], CALPHAD calcu-

lations are based on polynomial expansions of thermodynamic potentials, obtained

by fitting to existing equilibrium properties at high temperatures. Herein, the re-

191



sults obtained with the Thermo-calc calculations are thus an extrapolation of these

functions beyond the pressure, temperature and compositional ranges in which their

parameters were fitted.

Given this discrepancy in the temperatures, it is surprising that two phases that

were predicted to occur were observed in the experiments. It also worth noting

that the MVSA detected elements in the α′-phase – such as Si and Mn – that were

also predicted in results obtained with the Thermo-calc calculations. In addition,

although the phase fractions roughly estimated with ImageJ in figure 6.19 represent

areal phase fractions, the amount of α′-phase (around 20%) agrees well, for example,

with the molar fraction calculated by Thermo-calc at 500 K (≈18%). The same

cannot be said for the M23C6 precipitates which shows a much bigger areal phase

fraction (around 10%) than the thermodynamic calculations that predict a molar

fraction less than 0.05% (between 700–850 K).

These results lead to major conclusion regarding the irradiations in the AISI-

348 steel at high temperatures: instead of bringing the austenite to a metastable

state, the irradiation is leading the initial matrix phase to a thermodynamic state

closer to the true calculated equilibrium, although observed at lower temperatures.

Evidently, the full or complete thermodynamic equilibrium is not attained as the

irradiation continuously introduces energy into the system and also the temperature

and time are not sufficient to completely redistribute and solubilise the segregated

solutes.

At lower and moderate temperatures, the same effect does not occur in the Fe-

CrMnNi HEA, thus indicating that the lower Gibbs free energy state may have

a direct relationship with the phase stability when these materials are exposed to

energetic particle irradiation. Unfortunately due to an unsolved problem, electron-

transparent lamellae of FeCrMnNi HEA were observed to be destroyed within the

TEM when annealed at 1073 K prior the ion irradiation experiments. This has pre-

vented heavy ion irradiation in situ TEM experiments with this alloy at this elevated

temperatures. However, the irradiations at 873 K provide substantial evidence that

the high-entropy core effects play a minor role in the phase stability of the alloy

upon increasing the temperature.

6.3 Medium-energy heavy ion irradiation

Aiming at analysing the stability of the FeCrMnNi HEA under higher energy particle

irradiation, heavy ion irradiations have been performed using 300 keV Xe ions at

the MIAMI-2 facility. For these experiments, samples of the AISI-348 steel and the

FeCrMnNi HEA were irradiated up to high doses (≈ 100 dpa) at low and moderate

temperatures where the high-entropy alloy was observed to have better radiation
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performance than its low-entropy counterpart, the austenitic stainless steel, in terms

of thermodynamic phase stability. The objective of the set of experiments reported

in this section is to study the effects of irradiation on the microstructure, with a

particular focus on the phase-stability, monitored by assessing the diffraction pattern

before and after irradiation.

Figure 6.21: (a) The implantation profile, (b) the distributions of vacancies per
Ångström-ion and (c) the fluence-to-dpa conversion for 300 keV Xe ions into the
FeCrMnNi HEA and the AISI-348 steel calculated using the SRIM code. Calcu-
lations were carried out with 5000 ions in the “quick” calculation mode using the
Kinchin-Pease model.

6.3.1 Design of the experiment

When using 300 keV Xe ions to carry out irradiation on the FeCrMnNi HEA and

the AISI-348 steel, the longitudinal ion (peak) range is around 50 nm as shown in

figure 6.21(a) and the distribution of vacancies per ion as a function of depth is

shown in figure 6.21(b).

Using the methodology proposed by Stoller et al. [140], the number of dis-

placements per ion collision was calculated using the phonons file from SRIM to

be approximately 1900 for both materials (one order of magnitude higher than in

the irradiations performed with 30 keV Xe ions in the previous section) and this al-

lowed fluence-to-dpa conversion to be performed as shown in figure 6.21(c). In these

present experiments, the alloys were irradiated to fluences of 3.9×1016 ions·cm−2

and 4.4×1016 ions·cm−2 corresponding to 123 and 140 dpa, respectively.
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6.3.2 Low and moderate temperatures regimes

Samples were irradiated at room temperature (298 K) and at 573 K so as to represent

the normal operational conditions of second generation light-water reactors. The

results have been divided into subsections as follows.

6.3.2.1 Irradiations at 298 K

In the set of BFTEM micrographs presented in figure 6.22, the microstructures of

the AISI-348 and FeCrMnNi HEA irradiated up to 3.9×1016 ions·cm−2 (123 dpa)

are shown. The insets in these micrographs are the respective diffraction patterns

and show that the austenite and the HEA have not suffered decomposition after

the irradiation. Xe bubbles were observed to form in the matrix phase of both

alloys. Additionally, black-spots were observed throughout the microstructure of

both alloys. In figure 6.22(c), Xe bubbles were observed to have grown significantly

at the interfaces of the Nb(C,N) nanoparticle within the austenite matrix, thus

showing that they act as preferential sinks for point defects whereas in the FeCrMnNi

HEA, very few large Xe bubbles were observed in the matrix phase as shown in figure

6.22(d).

6.3.2.2 Irradiations at 573 K

The microstructures of the AISI-348 and the FeCrMnNi HEA irradiated up to

4.4×1016 ions·cm−2 (140 dpa) at 573 K are shown in figure 6.23(a-b). At this tem-

perature, the effects of medium-energy heavy ion irradiation were notably different

in the two alloys. As can be seen in the BFTEM micrograph in figure 6.23(a), the

Xe bubbles were considerably larger at 573 K when compared with the same irradi-

ations at 298 K: an average diameter of around 25 nm. Additionally, the austenite

phase decomposed into precipitates as observed in BF in the same figure (6.23(a))

and in the diffraction pattern by the presence of Debye-Scherrer rings.

In conclusion, under medium-energy heavy ion irradiation of the FeCrMnNi HEA

at 573 K, small Xe bubbles are observed to form throughout the microstructure as

shown in figure 6.23(b). However the single phase random solid solution was retained

at 140 dpa as shown in the inset diffraction pattern. Damage clusters (black-spots)

can be seen in the HEA and also in the AISI-348 steel in BF.

6.3.2.3 Discussion

The phase stability under irradiation of AISI-348 steel and FeCrMnNi HEA have

been further investigated with medium-energy heavy ion irradiations. Following the

same trends observed in the low-energy regime, in the temperature range of 298–573
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K, the FeCrMnNi HEA was observed to possess higher relative radiation tolerance

than the AISI-348. This is because the austenite phase has been observed to decom-

pose into precipitates, but in the medium-energy irradiation, such decomposition

only occurred at 573 K and not during room temperature irradiations.

In these studied temperature regimes, the differences between low-energy and

medium-energy heavy ion irradiations can be discussed in terms of the shape of

the collision cascades as shown in figure 6.24. Lower energy heavy ion irradiation

energies generate dense cascades in which displacements, replacements and recom-

bination will occur in a small volume of the sample (≈ 100 nm3) whereas in the

case of 300 keV Xe irradiations, the cascades will extend to larger volumes (over

two orders of magnitude higher or ≈ 64000 nm3).

Figure 6.24: Collision cascades profile comparison between 30 and 300 keV Xe ions
in the FeCrMnNi HEA (same applies for the AISI-348). The figures are displaying
the transport of five Xe ions into the alloys. Note: blue dots represent the recoils
and red dots are the PKAs.

The spatial spread of Frenkel pairs in the latter case – particularly with the

tendency to form sub-cascades – will result in more efficient recombination of point

defects that could suppress precipitation and/or clustering at lower temperatures.

This experimental evidence is in agreement with molecular dynamics performed

by Phythian et al. [464] on Fe and Cu with simulation energies from eV to keV.

At higher temperatures, when atomic mobility of atoms is enhanced and due to

the elemental segregation promoted by the atomic collisions, clustering, nucleation

and growth of precipitates will occur in a similar manner to that observed it the

low-energy heavy ion irradiations. Greater mobility can also result in more recom-
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bination of point defects [191]. This can also be used to explain why the Xe bubbles

have grown more in the AISI-348 steel than in the HEA as observed in the 300 keV

Xe irradiations at 573 K: as in the HEA, diffusion is believed to be slower, local

recombination is favoured whilst in the AISI-348 steel, Xe bubbles act as a sink for

mobile defects, thus leading to an increase in their sizes.

Therefore, it has been experimentally demonstrated that for two metallic al-

loys within the quaternary FeCrMnNi system, high-entropy (or close to equiatomic

composition) will generate a more radiation tolerant single-phase material than its

low-entropy counterpart, the austenitic stainless steel. These results provide more

compelling evidence of the relationship between thermodynamic phase stability and

radiation tolerance.

6.4 Thermodynamics of alloys, degradation mech-

anisms and accelerated damage in MIAMI ex-

periments

In this chapter, the comparison between the FeCrMnNi HEA and the AISI-348

steel under 30 keV Xe heavy ion irradiation revealed an overall trend in which the

austenitic stainless steel decomposes into nanometre-sized precipitates (from 298

to 1073 K) and also in complex secondary phases (at 1073 K) whilst the random

solid solution single-phase FeCrMnNi HEA was observed to be stable, although this

stability was limited to the range from 298 to 573 K. At high temperatures, 873 and

1073 K, the radiation response of both alloys was very similar and decomposition

was observed in both alloys at 873 K. Experiments at 1073 K were not performed

with the FeCrMnNi HEA due to an unknown effect that caused the destruction of

TEM lamellae during annealing at such temperature: this effect deserves further

investigation as the melting point of this alloy is expected to be around 1673–1763

K. The results at 300 keV also confirm this trend to some extent, but the austenite

was also observed to be stable at 298 K, but not at 573 K. The FeCrMnNi HEA

was stable under 300 keV at all irradiation temperatures investigated in this work.

It is important to note that the major difference between the two alloys studied

is the elemental composition. Both alloys have approximately the same grain sizes

as studied in sections 4.2 and 4.3 in chapter 4. From the theory of thermodynamics

of alloys, being closer to equiatomic composition in the case of the FeCrMnNi HEA

enhances the thermodynamic stability of the whole system by lowering its Gibbs

free energy: in the field of HEAs, this is known as a high-entropy core effect [55].

Thus, under the irradiation conditions and techniques used in this work, the results

obtained and analysed throughout this chapter indicate a possible intrinsic rela-
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tionship between the thermodynamic stability of a metallic alloy and its radiation

resistance.

In materials science, if an alloy is not thermodynamically stable, secondary

phases may form as a result of exposure to energetic particle irradiation. This is also

a concern when a particular alloy is selected to be used in an environment where

other degradation mechanisms may operate such as creep. In creep, the resistance

that a certain alloy has to plastic deformation when under the action of loads at

high temperatures can be weakened if this alloy experiences phase transformations

during the process [248]. For example, the formation of the α′-phase in FeCrAl alloys

under irradiation (as observed here for the AISI-348 steel) significantly increases its

hardness (embrittlement) [455, 458], thus affecting the set of initial properties for

which the alloy was designed: replacing Zr-based alloys in LWRs [465].

Some strategies to increase the thermodynamic stability of austenitic stainless

steels are already known. This is often carried out, for example, by adding minor

alloying elements such as Mn, Ni and Nb [32]. In the latter case, the additions of

Nb to stabilise an austenitic steel will also contribute to the formation of Nb(C,N)

which prevent the sensitisation of the austenite matrix, i.e. the formation of M23C6

carbides [417]. However, as investigated in this chapter, the AISI-348 steel which

is Nb-stabilised, have shown a trend to form nanometre-sized precipitates under

irradiation suggesting that the additions of Nb in this steel was found to not suppress

RIS and RIP effects: in some cases, it was detected that M23C6 tend to precipitate

in regions closer to the Nb(C,N) (as shown in figure 6.15). At the same time,

the FeCrMnNi HEA has shown an increased irradiation resistance against phase

decomposition. This leads to the conclusion that new strategies for materials design

aiming at more thermodynamically stable metallic alloys could benefit from the

considerations, ideas and hypothesis from the emerging field of high-entropy alloys.

This would result not only in alloys with higher radiation resistance, but it has the

potential to revolutionise the whole field of nuclear materials.

Another feature that may play a role in the radiation response of the FeCrMnNi

HEA is the presence of twins throughout its microstructure. These twins can act

as sinks for irradiation-induced defects, thus reducing the nucleation and growth

of extended defects and also decreasing the damage accumulation within the HEA

matrix phase. Some twins are also observed in the AISI-348 steel, but they are

more likely to occur in the FeCrMnNi HEA: an increase of the content of alloy-

ing elements is often related with a decrease in the stacking fault formation energy

which is intrinsically connected with the occurrence of twins [248]. In the case of

the AISI-348 steel, the STEM-EDX assessment at 1073 K, for example, has shown

that the nucleation of phases such as the alpha prime, occurs mainly within the

grains. Whilst in the HEA such twins may play a significant role in the radiation
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resistance, in the AISI-348 steel they are clearly not preventing either precipitation

or phase transformation under irradiation. These findings provide motivation for

further studies, as for example, the phenomenon of nanotwinning in HEAs has been

recently related to a synergy of multiple deformation mechanisms that are respon-

sible for superior mechanical performance when compared with existing structural

alloys [346].

When the results on RIS and RIP obtained in the MIAMI facility are compared

with ex situ heavy ion irradiation (in the case of the work by Jin et al. [456]) and

neutron irradiation (the work on the α′-phase formation in FeCrAl alloys [455]),

although the alloys under consideration were different in composition and sometimes

also in crystal structure, it is clear that the dose rate is a major parameter in the

radiation response of stainless steels. For the MIAMI irradiations reported in this

chapter, the dose rate was around of 1.1×10−2 dpa·s−1 whilst for ex situ heavy ion

irradiation and neutron irradiations, the dose rates reported by Jin et al. [456]

and Briggs et al. [455] were ≈ 9.6×10−3 and 8×10−7 dpa·s−1, respectively. Due

to the synergistic combination of high dose rates and high irradiation temperature

– in particular the results at 1073 K with the AISI-348 steel – the average sizes

of nanometre-sized precipitates and complex secondary phases such as the α′-phase

are bigger than in the cases used for comparison. It is important to emphasise that

such observations agrees with the RIS model proposed by Wiedersich-Okamoto-

Lam-Bruemmer introduced and reviewed in section 2.2.2.7: high temperatures and

dose rates inevitably result in an enhancement of the RIS effect. Dose rate is still,

of course, a current and significant challenge when using ion beams to simulate

radiation damage in nuclear reactors [319]. It is also impressive that such high dose

rate do not promote phase decomposition in the FeCrMnNi HEA at least in the

temperature range from 298 to 573 K.

Naturally, the investigations presented in this chapter also have some limita-

tions that provide motivation for further work in the field. Due to the limited

time availability of microscopes with STEM-EDX capabilities, only the AISI-348

steel that was irradiated at 1073 K was post-screened, revealing the presence of

nanometre-sized precipitates of M23C6 type and the Cr-rich α′-phase. More studies

could be carried out on the phase stability of both alloys investigated in this chapter,

not only by monitoring the diffraction pattern evolution with the irradiation dose

and temperature, but also by carrying out elemental mapping in field emission gun

electron-microscopes with STEM-EDX capability. Atom probe tomography could

also be used to reveal possible RIS and RIP effects at the atomic scale, for example,

the formation of clusters caused by RIS and that evolve by RIP with irradiation

time, temperature and dose.
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6.5 Summary and conclusions

In this chapter, although the metallic alloys under investigation can be considered

similar (apart from the content of the elemental composition), superior phase stabil-

ity of the FeCrMnNi HEA has been evidenced when compared with the austenitic

stainless steel AISI-348, but this is limited to irradiation temperatures in the range

of 298–573 K. At higher temperatures, both alloys behaved similarly under irradia-

tion: phase degradation due to the irradiation does occur in both metallic alloys and

the high-entropy core effects were observed to play only a minor rule in the phase

stability under irradiation. Another difference between the radiation response of

the two alloys is the presence of a higher density of twins in the FeCrMnNi HEA.

These twins can act as sinks for radiation-induced defects, reducing the population

of defects in the matrix of the HEA, leading to a superior radiation tolerance when

compared with the AISI-348. In addition, the effect of such twins may be more pro-

nounced at lower temperatures as bulk diffusion takes over at higher temperature.

The investigation and results presented in this chapter suggest that new metallic

alloys for nuclear reactors could be designed by tuning the elemental composition

towards high-entropy, i.e. multicomponent alloys at equimolar compositions. Al-

though an ideal equiatomic alloy would be economically unfeasible (mainly due to

the availability and costs of some of the alloying elements), recent studies have in-

dicated that thermodynamic stabilities close to those of the single-phase random

solid solution alloy can be attained with somewhere between the dilute and the

equimolar compositions (highly concentrated alloys). In this way, future work on

computational thermodynamics will be of paramount importance to guide the ex-

perimental development of new metallic alloys using the HEA concept. Additionally,

the comparison between the AISI-348 steel and the FeCrMnNi HEA was limited to

the study of their radiation response using the in situ TEM ion irradiation tech-

nique. Corrosion and oxidation tests under reactor-like conditions and differences

in the mechanical performance before and after irradiation are possible topics for

further investigations.

Nevertheless, the phase stability of such new designed alloys should be higher

at high temperatures: as showed in this present research work, at 873 K both Fe-

CrMnNi HEA and the AISI-348 steel exhibited similar radiation effects including

RIS and RIP. This is an indicative that, under the studied conditions, the HEA

was not stable at this temperature, therefore, this could be a limiting factor for

applications in high-temperature nuclear reactors (e.g. generation IV). The effect

of thickening observed to occur in the FeCrMnNi HEA lamellae at 1073 K deserves

further investigation. If the bulk produced alloy is not stable at high tempera-

tures, this will be a strong limiting factor for future applications within the nuclear
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technology, mainly in the high-temperature environments of innovative nuclear reac-

tors. Additionally, this project has shown that the ion irradiation with in situ TEM

methodology is a fast and reliable way to carry out radiation damage experiments in

novel alloys before their consideration for tests in expensive experiments in MTRs.
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Chapter 7

Synthesis, characterisation and

radiation resistance of

high-entropy alloy thin film

coatings

7.1 Preface and motivations

In March 2011, the east coast of Japan was subjected to an intense earthquake of

magnitude 9.0 on the Richter scale. As a consequence of this earthquake – for which

the epicentre was beneath the sea – a tidal wave known as a tsunami was initiated

and hit the city of Ōkuma located in the prefecture of Fukushima. On the coastal

side of the city, the tsunami hit the Fukushima-Daiichi nuclear power plant complex

which had at the time ten fully operational boiling-water reactors (BWRs) supplied

and operated by the companies General Electric, Toshiba and Hitachi. Despite

the tall and sturdy seawalls protecting the surroundings of the power complex, the

tsunami caused significant damage to the BWRs by inducing water flooding and

subsequent failure of the diesel generators that were responsible for the continuous

flow of cooling water to the reactors’ cores [466].

In the design of these BWRs, Zr alloys were had been as the nuclear fuel cladding

material due to their superior mechanical strength, oxidation resistance and low ther-

mal neutron cross section under the normal envelope of operational conditions. The

flooding caused an event known as loss-of-coolant accident (LOCA) in the BWRs,

triggered by the failure of the diesel generators and batteries, and this resulted in

the anomalous rise of the temperature in-core leading to overheating of the fuel

rods. Upon contact with water vapour and air at high temperatures, the element Zr

undergoes a fast oxidation reaction that generates large quantities of hydrogen gas

203



(H2) according to the chemical reaction: Zr + 2H2O −→ ZrO2 + 2H2. The gener-

ation and accumulation of hydrogen gas in the Fukushima-Daiichi nuclear reactors

caused several explosions resulting in loss of life and damage to the environment.

This recent nuclear accident was categorised as the worst civilian nuclear accident

since Chernobyl in 1986.

In the 7 years since the nuclear accident in Fukushima, the worldwide nuclear

materials community has been performing several new joint investigations aimed

at increasing the safety of operation of nuclear reactors especially under accident

conditions. The research and development of new materials and alloys that are able

to preserve their structural integrity without introducing additional safety issues for

the installation under either normal and abnormal operation conditions has opened

a new pathway in the field of materials sciences known as Accident Tolerant Fuels

(or ATFs) [467]. In order to be considered a candidate as an ATF, a material should

meet at least four major criteria: (i) resistance to high temperature oxidation, (ii)

reduced activation, (iii) superior mechanical properties and (iv) improved radiation

resistance/tolerance when compared with conventional nuclear materials [467]. In

addition to these properties, candidate materials within the ATF programme should

outperform conventional Zr alloys (currently in use worldwide) in both normal oper-

ational conditions and during transient and/or accident conditions such as LOCA.

7.2 Objectives and perspectives of the research

reported in this chapter

Following the experimental evidence provided in this thesis on the possible enhanced

phase stability under irradiation of high-entropy alloy systems, and particularly their

ability to retain the matrix phase at low and intermediate irradiation temperatures,

the major goal of the research reported in this chapter is to investigate the feasibility

of depositing a high-entropy alloy thin film (HEATF) using the ion beam sputter-

deposition technique. An initial investigation on the feasibility of sputter-depositing

HEATFs on Si wafer substrates is firstly presented. Then, a detailed study of the

deposition of the HEATF on Zircaloy-4TM substrates is performed, including an in-

depth electron microscopy characterisation. In addition to the characterisation of

the thin film as-deposited on Zircaloy-4TM, the radiation resistance of the HEATF is

assessed by subjecting the system (HEATF/Zircaloy-4TM) to heavy ion irradiation

in situ within a TEM.

The main idea is that the presence of a hard and resistant thin film as a coating

for Zr alloys in the Fukushima reactors would have prevented the occurrence of the

nuclear accident caused by LOCA as these films would have acted as a physical bar-
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rier between the environment and the nuclear fuel cladding alloy, thus preventing

the oxidation reactions with water vapour at high temperatures. In fact, a recently

completed multi-national research project led by United States – the ceramic coating

for corrosion (C3) resistance of nuclear fuels – has already proposed titanium nitride

(TiN) thin films as coatings for Zr alloys [468, 469]. For this reason, in the experi-

ments reported in this chapter, the radiation response of the HEATF/Zircaloy-4TM

system is compared with the radiation response of TiN thin films under similar

irradiation conditions. The experiments reported in this chapter are also aligned

with the core objectives of a recent multi-national project co-funded by the Euro-

pean Commission – the H2020 project IL TROVATORE led by Prof. Konstantina

Lambrinou (UoH) – that aims to identify, optimise and validate the most promising

ATF cladding material concepts in an industrially-relevant environment, i.e. under

neutron irradiation in PWR-like water.

Herein, the development of a HEATF on a Zircaloy-4TM substrate and its radia-

tion response are studied only in prototypic conditions targeting the PWR nominal

operation conditions. To be considered an ATF material, the HEATF would have

to be tested in a wide variety of other conditions that would go beyond the scope

of this thesis. These would include, for example, testing the compatibility between

the HEATF and the PWR’s coolant in its operational state (e.g. pressurised water)

or in its accident state (e.g. steam at high temperatures). In addition, new ATF

materials need to be able to resist to a wide variety of degradation mechanisms that

operate at the same time whilst in a reactor. The degradation mechanisms that may

act synergistically are mainly – not exhaustively – radiation damage, corrosion and

oxidation, inter-diffusion of species from the cladding to the coating (in the case of

thin films used as protective barriers) and intense mechanical loads and axial forces

arising from either swelling or internal pressure build-up in the fuel rods due to the

progressive production of fission gases [470, 471].

In the research reported in this chapter, the technique of heavy ion irradiation

in situ within a TEM has been used as a fast screening tool for assessing the radi-

ation response of the developed HEATF. However, true accident tolerance as well

as enhanced radiation resistance can only be demonstrated by means of dedicated

neutron irradiation testing in an MTR. Therefore, the results reported in this chap-

ter are only introducing new perspectives to be incorporated in the development of

future candidate materials with enhanced radiation resistance within the scope of

the ATF programme.
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7.3 Synthesis and characterisation of the HEATF

on Si substrates

In this section, the synthesis and characterisation of thin films in the quaternary

system Fe–Cr–Mn–Ni deposited on Si wafer substrates will be reported. In this ini-

tial study, the Si wafer substrates were chosen due to their high degree of flatness,

low price and high availability (especially when compared to expensive nuclear fuel

cladding alloys, (i.e. Zr alloys) and also due to the fact that these substrates do

not require any surface preparation prior to deposition. This section reports on the

synthesis and characterisation of HEATFs in prototypic conditions. Upon the con-

firmation of the feasibility of depositing HEATF on Si substrates, the experimental

conditions were recorded and the deposition on Zircaloy-4TM substrates was carried

out (section 7.4).

7.3.1 Deposition conditions and methodology

FeCrMnNi thin films were deposited using the ion beam sputter-deposition system

described in section 3.1.4. This system is part of the surface coating and character-

isation (SCC) laboratory located at the University of Huddersfield.

The thin films were deposited using Fe, Cr, Mn and Ni elemental targets with a

purity of 99.95%. An Ar ion source with 1.25 keV accelerating voltage was used to in-

duce sputtering of the elemental targets onto the substrate. The temperature of the

substrate was monitored during the deposition and was in the range of 350–370 K.

For all of the thin films produced the deposition conditions were the same and the

total deposition time was 2 hours with the deposition pressure around 3×10−2 Pa.

Two types of thin film were produced: an equiatomic thin film (the HEATF) and

a non-equiatomic thin film (the NETF). In order to achieve the desired elemental

composition, the sputtering targets were positioned in the deposition chamber and

the equiatomic condition was accomplished after several trial and error attempts to

position them such that equal deposition rates of each element were achieved.

To analytically characterise the thin films, an Oxford energy dispersive X-ray

system in a FEI Quanta 3D FEG scanning electron microscope was used. The el-

emental quantification in this EDX system was performed with the ZAF standard-

less correction [407]. To reduce the uncertainties in the elemental quantification,

different electron energies 30–15 keV and different site dependencies were analysed.

Transmission electron microscopy was carried out in a JEOL 3010 TEM operating

at 300 kV with a LaB6 filament on samples produced using the focused ion-beam

lift-out technique.
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Figure 7.1: A HEATF lamella attached to a Mo TEM grid during the FIB sample
preparation. Note: micrograph taken with SEM-BSE.

7.3.2 Results

The elemental composition of the HEATF and the NETF are presented in table

7.1 and the error in the ZAF quantification was less than 5%. Figure 7.1 shows an

SEM backscattered electron (BSE) micrograph of a TEM lamella of the HEATF

attached to a Mo grid during the FIB procedure. The lamella was attached to

the Mo grid using carbon deposition. The multilayered structure of the sample

can be observed: a protective top Pt layer, the FeCrMnNi HEATF and the silicon

substrate. Comparing the composition of the FeCrMnNi HEATF with the bulk

FeCrMnNi HEA composition presented in table 4.5 (section 4.3.2.1), it is possible

to see that both alloys are very similar when the error in the composition is taken

into consideration: only the Cr content is a bit lower in the bulk HEA to prevent

the formation of secondary phases during heat-treatment after casting.

Table 7.1: The elemental composition of the FeCrMnNi HEATF measured by SEM-
EDX.

Element NETF [wt.%] HEATF [wt.%]
Fe 14.6±0.7 23.7±1.1
Cr 21.7±1.1 22.9±1.3
Mn 39.3±2.0 25.8±1.2
Ni 24.4±1.2 27.6±1.4
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Figure 7.2: The NETF microstructure at the nanoscale. The circle in (a) represents
the selected area corresponding to the diffraction pattern in (b).

Using the SEM-BSE cross-sectional micrographs, it was possible to measure the

thickness of the thin films. The FeCrMnNi HEATF and the NETF thicknesses were

1.51±0.06 µm and 1.58±0.05 µm, respectively.

The microstructure of the NETF at the nanoscale is shown in micrograph 7.2(a).

The film is composed of nanocrystallites with sizes around 5–30 nm. Selected-area

diffraction gave a polycrystalline pattern as shown in figure 7.2(b). These nanocrys-

tals gave rise to variation in diffraction contrast when tilting the specimen around the

x-axis using a double-tilt TEM holder. In figure 7.3, several BFTEM micrographs

taken within an x-tilt range of 0–10◦ confirmed that the microstructure of the NETF

was entirely composed of nanocrystals approximately 40 nm in size. The method-

ology of tilting the specimen has allowed the identification of individual grains and

figure 7.4(a) shows the grain pattern of the NETF. The DFTEM micrographs in

figures 7.4(b) and 7.4(c) were taken, respectively, at 0 and 10◦ and show details of

the nanograins throughout the microstructure at different orientations.

In contrast, the microstructure of the HEATF consists of bigger grains as shown

in figure 7.5(a) and its respective diffraction pattern is shown in figure 7.5(b).

DFTEM was used to better resolve the grains as shown in micrograph 7.5(b). Pla-

nar defects were also observed within the grains of the HEATF. Those appear to be

crystalline in nature and are shown in the BFTEM micrographs 7.5(d-e).
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Figure 7.3: Several BFTEM micrographs showing the microstructure of the NETF
from 0 to 10◦ x-axis tilt. Note: the dashed region in (a) represents the area analysed
to compose image 7.4.
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Figure 7.4: (a) The grain pattern of the NETF constructed from the BFTEM mi-
crographs taken in the tilting range of 0–10◦. The dark field TEM micrographs (b)
and (c) show the microstructure of the NETFs at 0 and 10◦, respectively.

Figure 7.5: The microstructure of the HEATF showing (a) BFTEM micrograph and
(b) the corresponding diffraction pattern. (c) The DFTEM micrograph showing the
presence of larger grains when compared with the NETF (around 100 nm). The
BFTEM micrographs (d-e) show the planar defects in the HEATF.
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By means of crystallographic analysis using the software CrystalMaker and data

available in the literature [384], the HEATF diffraction patterns were well indexed

with the face-centred cubic (FCC) structure. From the conventional TEM charac-

terisation it could be seen that the grain sizes in the HEATF were in the 50–250 nm

range, therefore, they were clearly bigger than in the NETF despite the fact that

all thin films produced in this work were deposited under the same conditions. A

histogram of grain sizes for both NETF and HEATF is shown in figure 7.6.

When analysed at higher magnifications in the electron microscope, the un-

derfocused BFTEM micrographs 7.7(a-b) revealed the presence of speckled Fresnel

contrast resembling surface roughening in both the NETF and the HEATF.

7.3.3 Discussion

7.3.3.1 The nucleation and growth dynamics and the thermodynamics

of HEATFs

The physical mechanisms for nucleation and growth of crystal nuclei in metallic al-

loys have been subjected to intense study in the past century and laid the foundation

of modern metallurgy [472, 473]. Earliest theories were based on the fact that the

nucleation and growth of liquid droplets and subsequent solidification of embryos

in vapour-liquid environments assume that the Gibbs free energy of the system is a

function of the radius r of spherical-shaped embryos [474],

∆G(r) = 4πr2σ +
4

3
πr3∆Gv (7.1)

where σ is the energy per area and ∆Gv the free energy per volume. Equation

7.1 express the fact that in the liquid-droplet model, the Gibbs free energy regulates

the formation of an embryo through a trade-off between two components: surface

and volumetric energies. The local maximum of the function ∆G(r) will occur when:

d∆G(r)

dr
= 0→ r∗ = − 2σ

∆Gv

(7.2)

where r∗ is known as the critical radius for nucleation and indicates that embryos

with radii r < r∗ will have a tendency to vanish whilst r = r∗ is the necessary

condition for the formation of a small nucleus for nucleation and growth of crystals.

The liquid-droplet model establishes a link between the thermodynamics of a certain

metallic alloy system with the nucleation and growth of crystals.

Such considerations can be use to explain the observed experimental differences

between the HEATF and the NETF from a microstructural perspective. As stated

in section 2.1.1.2, the equiatomic condition of a high-entropy alloy is responsible for

maximising the entropy (equation 2.4) which implies the minimisation of the Gibbs
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free energy of the alloy system (equation 2.1).

The critical radius for nucleation can be correlated with the Gibbs free energy of

a system which is affected by the elemental composition of the thin films. Equation

7.2 introduces an inversely proportional relationship between the Gibbs free energy

per volume and the critical radius. When the microstructure of the HEATF and

the NETF were analysed by TEM, it was clear that the former has bigger grains

than the latter. Such experimental evidence corroborates the fact that lower Gibbs

free energy will promote the nucleation of bigger embryos in an otherwise identical

thermodynamic system (here Fe–Cr–Mn–Ni). As the NETF has, by definition,

higher Gibbs free energy, it is expected that its critical radius for the nucleation of

embryos will be smaller grains than in the HEATF. This is therefore an experimental

confirmation that the high-entropy effect is influential in the dynamics of nucleation

and growth of high-entropy alloy thin films and that the microstructure of such thin

films can be engineered via IBSD at room temperature by the careful control of the

elemental composition.

NETF as-deposited
HEATF as-deposited
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Figure 7.6: Histograms of the grain sizes measured from the microstructures of both
NETF and HEATF as-deposited. The average grain size for the NETF and HEATF
are 26.6±1.3 and 109.4±10.7 nm, respectively. The HEATF has bigger grains, but
the dispersion of sizes is also larger than the NETF.

Two facts deserve further considerations. Nucleation and growth of crystals

require atomic diffusion which is often achieved by high deposition temperatures.

As reported herein, the temperature of the substrate during deposition was equal

for both films and it was around 350 K. Assuming that the melting tempera-

ture of Si is 1685 K, the homologous deposition temperature was 0.21Tm. Grain

(re)crystallisation in thin solid films happens at homologous temperatures in the

range of 0.3-0.5Tm as reported by Thornton [374]. Despite the fact that the depo-

sition temperature for the HEATF and the NETF reported in this work is outside

this range, it is well known in the thin solid films community that atomic diffusion

can be promoted (and even enhanced) during deposition by the assistance of ion
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bombardment of the growing film. In the case of the non-equiatomic film, nucle-

ation but lack of growth is therefore likely to be a feature rather associated with its

own non-equiatomic condition than the lack of atomic diffusion [475].

A second consideration is on the configurational entropy of both thin films. When

equation 2.4 is used with the compositions given in table 7.1, the configurational

entropies for the HEATF and the NETF are 1.32kbNa and 1.38kbNa, respectively.

This led to the conclusion that the configurational entropy has a small influence

on the observed microstructural differences in the two films. This is in agreement

with a recent publication where authors probed the entropy hypothesis in these alloy

systems using the cluster variation method and concluded that competition between

highly conflicting interactions (known in metallurgy as frustration) are the relevant

factor for the stabilisation of random solid solutions [68]. This latter fact deserves

further investigation aiming to confirm whether or not the configurational entropy

is the major relevant thermodynamic factor causing microstructural differences in

highly concentrated alloy systems when compared with terminal and intermediary

diluted alloy systems.

7.3.3.2 Twinning and surface roughening

The underfocused micrographs 7.7(a) and 7.7(b) have also revealed that both thin

films manifested speckled Fresnel contrast at high magnifications and this can be

attributed to surface roughening. Ion beam sputter-deposition of thin films involves

low energy ion implantation which can also introduce stresses in the films [476].

Figure 7.7: Speckled contrast in underfocused bright field TEM micrographs due
to surface roughening in both (a) NETF and (b) HEATF. The micrographs were
recorded with an objective lens underfocus of 0.95 µm. Note: the scale bar in (a)
also applies to (b).
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These residual stresses have been related to different types of deposition-related

effects in thin films including epitaxy and phase transitions. Eventually, by the

action of temperature and other deposition conditions, the residual stresses may be

relieved resulting in the formation of stacking faults, cracks, dislocations, twinning

and surface roughening.

Planar defects resembling twinning were observed in the HEATF and were absent

in the NETF. It is worth emphasising that such twins have been also observed in

the FeCrMnNi bulk HEA as shown in the figure 4.8. This type of defect has recently

been subjected to intense research within the context of nanocrystalline materials

[477–479]. The HEATF microstructure is a multicomponent random solid solution

formed with metals in the system Fe–Cr–Mn–Ni. The combination of these different

atomic species will result in a random solid solution with a crystal lattice containing

atoms with different sizes. This atomic mismatch of the crystal lattice in a HEATF

may indicate that planar defects can be formed in its microstructure as a result of

internal mechanisms that reduce the elastic strain and the residual stresses caused

by the mismatch in atomic sizes.

7.3.4 Conclusions

The viability of ion beam sputter-deposition of a high-entropy alloy thin film in the

quaternary system Fe–Cr–Mn–Ni has been demonstrated. Two thin solid films were

deposited on a Si substrate and the microstructural differences were analysed using

conventional TEM. It has been shown that the high-entropy effect may be influential

in the dynamics of nucleation and growth of nanocrystals and due to these effects,

the grain size of the HEATF was bigger (around of 100–250 nm) than the NETF

(around of 25 nm on average). The next stage of this research consists of depositing

the HEATF onto Zircaloy-4TM and assessing its radiation resistance using heavy ion

irradiation in situ within a TEM.

7.4 Synthesis and characterisation of the HEATF

on Zircaloy-4TM

Zr alloys are of great importance for the technology of nuclear reactors. The element

Zr has reduced thermal neutron absorption cross section (1.58±0.12 barn) giving

rise to superior neutronics performance in LWRs [480]. Additionally, these alloys

exhibit a whole set of suitable properties for application in extreme environments

such as high corrosion resistance and good mechanical strength [25]. Despite these

beneficial properties, the recent Fukushima-Daiichi nuclear disaster raised the issue
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of the oxidation behaviour of Zr-based alloys at higher temperatures in contact with

water vapour.

The ion beam sputter-deposition of a HEATF onto a Zircaloy-4TM substrate is

reported in this section. The HEATF is herein evaluated aiming at investigating

this material as a possible future candidate for further research within the ATF

programme.

7.4.1 Deposition and methods

Prior to the thin film deposition, the Zircaloy-4TM substrate was mechanically pol-

ished using SiC papers with grits from 120 to 1200 µm aiming at to reduce its

thickness and increase the surface flatness. Final polishing using diamond lapping

films with diamond paste (down to 1 µm grit-size) was carried out for better surface

finishing. The substrate was then electropolished at 233 K using an electrolyte of

10% HClO4 and 90% CH3OH (in vol.%) with 20 V applied using steel electrodes.

Electropolishing was performed for up to 2 minutes and at the end, the surface

was mirror-like. After the surface preparation of the substrate, the HEATF was

deposited using the same conditions and methods reported in appendix A.

7.4.2 Characterisation at the mesoscale

The elemental composition of the Zircaloy-4TM substrate was estimated via energy

dispersive X-ray spectroscopy and is shown at table 7.2. The detection of a small

amount of O suggests the presence of a Zr oxide layer on the top of the alloy. When

freshly-polished Zr metallic surfaces are exposed to O (even at low temperatures) an

oxide layer is formed and it behaves as a passivation layer that protects the material

from further oxidation [321]. The formation energy of of Zr oxides are reported to

have high negative values (thus low formation energy), of around -1000 kJ·mol−1

[481], and so, an oxide passivation layer readily forms on fresh-polished Zr surfaces

and is impossible to avoid under normal circumstances. Regarding the elemental

composition, it should be noted that commercial Zircaloy-4TM has also Fe and Cr in

solid solution at the levels of 0.22 and 0.12 wt.%, respectively, whose detection with

the EDX system was not possible probably due to the experimental limitations of

the instrument in detecting low-content elements.

Figure 7.8(a) shows the microstructure of Zircaloy-4TM which is composed of

needle-like grains characteristic of a Widmanstätten pattern. The grain size varies

from 25 to 100 µm which agrees with previous observations of Zr-alloys [482]. As

the grain microstructure was clearly revealed after eletropolishing, the preparation

recipe used was adequate for such purposes. In addition, neither pitting or over-

etching spots were observed after the electropolishing.
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Figure 7.8: SEM-BSE micrographs showing (a) the microstructure of the Zircaloy-
4TM substrate before the deposition and (b) the FeCrMnNi HEATF after deposition
on the Zircaloy-4TM substrate. Small changes in the BSE contrast after deposition as
shown in (b) are attributed to different crystallographic orientations of the substrate
as shown in (a).
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Figure 7.9: SEM-BSE elemental map of the FeCrMnNi HEATF as deposited on
the Zircaloy-4TM substrate. These elemental maps are showing uniformity in the
distribution of coating elements on the substrate: no secondary phase was detected
at this scale.

After deposition, the microstructure of the Zircaloy-4TM had its grain pattern

preserved as showed by the SEM figure 7.8(b), but the significant changes in the

backscattered electron contrast indicates that the FeCrMnNi HEATF was deposited

uniformly throughout the matrix as this SEM operational mode is sensitive to the

elemental composition and the orientation of the grains. Such experimental evidence

was further confirmed by the elemental maps exhibited in the set of micrographs

7.9.

The EDX spectrum of the HEATF deposited on Zircaloy-4TM is shown in fig-

ure 7.10 and its quantification (table 7.3) indicates that the thin film was close to

Table 7.2: The elemental composition of the Zircaloy-4TM prior to deposition as
measured by SEM-EDX.

Element Zircaloy-4TM [wt.%]
O 3.5±0.2
Zr 95.3 ±4.8
Sn 1.2 ±0.1

Table 7.3: The elemental composition of the HEATF on Zircaloy-4TM after deposi-
tion and measured by SEM-EDX.

Element HEATF [wt.%]
Fe 25.3±0.5
Cr 23.4±0.5
Mn 24.3±0.5
Ni 27.0±0.6
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Figure 7.10: EDX spectrum of the FeCrMnNi HEATF as deposited on the Zircaloy-
4TM substrate. The elemental quantification is shown in table 7.3.

equiatomic. The measured composition of the FeCrMnNi HEATF on Zircaloy-4TM

was found to be similar to the FeCrMnNi HEATF deposited on Si presented in table

7.1 and also to the bulk FeCrMnNi HEA as shown in table 4.5 (section 4.3.2.1). By

using the electron beam of the SEM with an energy of 30 keV, the Zircaloy-4TM

matrix was also detected through EDX as shown in the spectrum in figure 7.10.

7.4.3 Characterisation at the nanoscale

Three layers can be seen in figure 7.11(a) and they represent a multilayered mi-

crostructure at the nanoscale: the deposited FeCrMnNi HEATF, the Zr oxide layer

and the Zircaloy-4TM substrate. The underfocused BFTEM micrograph in figure

7.11(b) shows that porosity was present in the oxide layer. Surface roughening was

observed in the FeCrMnNi HEATF as also shown in figure 7.11(b). The oxide layer

was of irregular shape and size and its thickness was approximately 50–80 nm.

TEM characterisation of the interface of the HEATF and the Zircaloy-4TM sub-

strate indicated the presence of some amorphous material, possibly the oxide layer,

as shown in the BFTEM micrograph in figure 7.12(a) and its respective diffraction

pattern in figure 7.12(b). The grain-size of the FeCrMnNi HEATF was in the range

100–200 nm (similar to the results reported in appendix A for the HEATF deposited

on the Si substrate). The presence of twins was also observed for the film deposited

on the Zircaloy-4TM substrate as evidenced by the BF and DFTEM figures 7.12(c–d).

7.4.4 Discussion

The microstructure of a sputter-deposited thin film is related to the temperature

and pressure conditions during the deposition. According to models proposed by

Movchan and Demchishin [375] and later amended by Thornton [373, 374], in thin
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solid films deposited at low homologous temperatures (less than 0.3Tm), the typical

microstructure consists of columnar grains and voided grain boundaries [373–375].

This is clearly not the case for the FeCrMnNi HEATF studied in the present work.

Assuming the FeCrMnNi melting point around of 1800 K (typically the melting tem-

perature of ferrous alloys) [217, 483], the homologous temperature for the FeCrMnNi

HEATF deposition on the Zircaloy-4TM substrate was ≈ 0.2Tm.

The differences in the HEATF microstructure from the previous models proposed

by Movchan, Demchishin and Thornton were explored in the research reported in

section 7.3 and in a publication by our group [376] where it was demonstrated that

the high-entropy effect may affect the dynamics of nucleation and growth when

(closer to) equiatomic elemental composition is achieved. By favouring the nucle-

ation of bigger grains, the microstructure of the HEATF deposited on Zircaloy-4TM

Figure 7.11: BFTEM micrographs of the FeCrMnNi HEATF deposited on Zircaloy-
4TM (a) at focus and (b) underfocused (1 µm) showing porosity in the oxide layer.
The micrographs show the three-layer structure with the Zircaloy-4TM substrate,
the oxide layer and the FeCrMnNi HEATF.
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resembles typical metallurgical grain boundaries closer to an equiaxed grain mi-

crostructure.

An oxide layer was observed between the Zircaloy-4TM substrate and the Fe-

CrMnNi HEATF. The formation of an oxide/passivation layer after the Zircaloy-4TM

electropolishing is favoured by the low formation energy for oxidation, particularly

for metals like Zr, Ti, Ta, Nb and Cr. Attempts to avoid this oxidation by changing

electropolishing and processing parameters were not successful. The impact of this

oxide layer on the mechanical properties of this thin film is a motivation for future

studies.

Surface roughening may be present in the microstructure of the thin film de-

posited on Zircaloy-4TM as was detected in the thin films deposited on Si (figure

Figure 7.12: (a) BFTEM micrograph of the HEATF microstructure. (b) Diffraction
pattern taken in the region of the interface between the HEATF and the Zircaloy-
4TM substrate as shown in the inset in (a). The diffraction pattern contains the
Zircaloy-4TM reflection spots, the HEATF reflection spots and the amorphous Zr
oxide ring. The BFTEM and DFTEM micrographs (c) and (d), respectively, show
the presence of planar defects in the thin film. Note: the underfocus degree in (a)
and (c) was 1000 nm.
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7.7). Additionally, porosity was observed in the oxide layer as can be seen in figure

7.11. The surface roughening phenomenon has been studied by several authors in

the thin solid films community, including Lloyd [484] and Nakahara [485]. This effect

can be attributed to the fact that IBSD of thin solid films is viewed as a low energy

implantation process and the low mobility of solutes favours clustering of implanted

interstitial species [486]. In this way, the speckled contrast observed in thin films

at the nanoscale can be either surface roughening or porosity due to voids or Ar

bubbles (Ar is used to generate plasma in the IBSD system as described in section

3.1.4). Whether or not they are bubbles is still a subject for further analytical char-

acterisation using high-resolution aberration-corrected (S)TEM microscopes as the

physical dimensions of these objects is around 1–2 nm.

Following the synthesis and characterisation of the FeCrMnNi HEATF deposited

on the Zircaloy-4TM substrates, cross-sectional samples were subjected to heavy ion

irradiation in order to analyse their radiation response and this will be presented

in the next section. Although we are proposing these HEATFs as new materials

systems for investigation within the scope of the ATF programme, in the research

reported in this thesis, only their radiation resistance in situ within a TEM was

assessed under PWR nominal operation conditions. Further tests of corrosion and

oxidation resistance, compatibility with reactor coolant materials, mechanical per-

formance and response to neutron irradiation would have to be carried out before

it could be considered for use in a nuclear reactor.

7.5 Radiation resistance of the HEATF deposited

on Zircaloy-4TM

In this section, the radiation resistance of the FeCrMnNi was assessed through the

use of medium-energy heavy ion irradiations. According to English and Eyre [487],

the methodology of using medium-energy heavy ion irradiations (E≤200 keV) can

be considered an efficient means of simulating neutron-induced radiation damage

effects in alloys. These irradiation conditions also allowed the study of nucleation

and growth of inert gas (Xe) bubbles within the HEATF microstructures.

7.5.1 The design of the experiment

As the samples were deposited on a Zircaloy-4TM substrate, FIB milling was neces-

sary in order to produce electron-transparent specimens for TEM in situ heavy ion

irradiation. The cross-sectional FIB lift-out lamellae were irradiated using 134 keV

Xe ions in situ in a TEM at 573 K in the MIAMI-2 facility. The calculated implan-

tation and damage profiles for both the FeCrMnNi HEATF and the Zircaloy-4TM
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substrate are exhibited in figures 7.13(a) and 7.13(b). The choice for the medium-

energy regime was made justified to get an approximately uniform implantation and

damage profiles across the thin foil.

In these experiments, the analysis was focused on the FeCrMnNi HEATF mi-

crostructure rather than the Zircaloy-4TM substrate. Fluence-to-dpa conversion was

applied to the HEATF: 2.4×1015 ions·cm−2 and 1.5×1016 ions·cm−2 correspond to

2.6 dpa and 15.4 dpa, respectively. The latter dose was the maximum achieved at

the end of the experiment. Post-irradiation TEM characterisation was performed

using conventional TEM techniques and EFTEM. The results are compared with

similar irradiations performed on a conventional functional thin film – titanium ni-

tride (TiN) – recently proposed as an accident tolerant fuel coating for nuclear fuel

cladding alloys by Alat et al. [468, 469].

7.5.2 Results and discussion

7.5.2.1 Microstructural response of the HEATF/Zircaloy-4TM system

under in situ TEM heavy ion irradiation

The cross-sectional microstructure of the HEATF, the oxide layer and the Zircaloy-

4TM before irradiation and after annealing at 573 K is shown in the BFTEM figure

7.14(a).

During irradiation at around of 2.6 and 6.2 dpa, the BFTEM micrographs in

figure 7.14(b–c) exhibit formation of nanoclusters (whose appear with black con-

trast) preferentially in the oxide layer and in the Zircaloy-4TM substrate, but were

less noticeable in the microstructure of the HEATF. The underfocused figure 7.14(c)

Figure 7.13: (a) The implantation and (b) damage profiles for the FeCrMnNi
HEATF and the Zircaloy-4TM for the 134 keV Xe ion irradiation.
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Figure 7.15: EFTEM micrographs of the post-irradiated FeCrMnNi HEATF de-
posited on the Zircaloy-4TM substrate at the end of the irradiation experiment at
15.4 dpa.

revealed the presence of Xe nano-bubbles in the HEATF at 6.2 dpa (the Xe bub-

bles can be seen more clearly in the HEATF microstructure later in zoomed figures

7.18(b-c)). At the end of the experiment, it was observed that the thin film had expe-

rienced to ion-induced bending and sputtering with its morphology slightly changed.

By the changes in the diffraction contrast of the oxide layer as shown in the set of

figures 7.14(a–d), it can be noticed its size had significantly reduced. Displacement

damage (black-spots) and Xe bubbles were observed in the HEATF at the end of

the experiment at 15.4 dpa as shown in figure 7.14(d).

The analytical characterisation using the MIAMI-2 facility EFTEM capabilities

is shown in figure 7.15. It can be seen that although the HEATF was subjected to

high doses, there is no indication of radiation-induced solute segregation or phase

transformation. Therefore, the thin film had its random solid solution preserved.

However, Mn is observed to be depleted in the oxide layer region which was observed

to shrink by the end of the experiment. The other elements, Fe, Cr and Ni have

uniform signals in the region of the oxide. During the irradiations and at moderate

temperatures (573 K), elemental migration to the oxide is a possibility. The reduc-

tion in the oxide layer thickness indicates that this migration may have occurred,

although it has clearly not compromised the other areas of the thin film random

solid solution.
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7.5.2.2 Microstructural response of the TiN thin film under in situ TEM

heavy ion irradiation

TEM cross-section lamellae were prepared (using the same FIB lift-out technique

as for the HEATF) from a TiN thin film deposited on an Al-Si alloy for irradiations

under the same conditions as those used for the FeCrMnNi HEATF, but with a

slightly lower irradiation temperature (473 K) in order to minimise bulk diffusion

from the substrate which has a low melting point. This material was provided by

the University of São Paulo as part of a joint scientific collaboration and it was

produced using the technique of magnetron-sputtering.

The microstructure of the TiN thin film before irradiation is shown in figure

7.16(a). During irradiation, as the dose increases, the grain boundaries of the TiN

nanocrystals broaden. The size of Xe bubbles also significantly increased from 2.6

to 6.2 dpa as can be qualitatively seen in figure 7.16(b) and 7.16(c).

Analytical characterisation with EFTEM has identified Ti segregation along the

grain boundaries as shown in the set of micrographs in figure 7.17. This segregation

was further confirmed by means of STEM-EDX analysis performed in a FEI Talos

F200X TEM at the Oak Ridge National Laboratory. These results indicates that

such irradiation-induced segregation has been caused by two major factors followed

by the dissociation of the TiN crystal under displacing irradiation: (i) the growth

of Xe bubbles and (ii) the preferential migration of Ti displaced atoms towards

the nanocrystal interfaces. During the irradiation-induced segregation, Xe bubbles

would be able to incorporate displaced N atoms which can contribute to the pro-

nounced growth from 2.6 to 6.2 dpa. Additionally, multivariate statistical analysis

(MVSA) has revealed the presence of Ti within the Xe bubbles as shown in figure

7.17. Due to inherent difficulties of detecting N using the EDX technique, the lack

of signal of N within the Xe bubbles is evident. However, if the TiN dissociates

as indicated by the Ti segregation, monoatomic N atoms will have a tendency to

recombine into molecular N gas (i.e. N2) and also segregate into Xe bubbles, thus

contributing for their growth.

Within the context of nuclear reactors, if TiN is applied as a coating material on

the Zr alloys as proposed by Alat et al. [468], dissociation of the TiN followed by

subsequent irradiation-induced segregation of Ti atoms along the grain boundaries

and the nucleation and growth of inert gas bubbles due to transmutation reactions

(mainly with N under neutron bombardment) will be likely to occur. These Ti-

enriched grain boundaries could be then subjected to the same oxidation reaction

as the Zr, for example, leading to the generation of H2 gas: a fact that would need

mitigation within the context of ATFs.
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Figure 7.16: The microstructural evolution of the TiN thin film monitored in situ
within the TEM and irradiated at similar conditions to the FeCrMnNi HEATF.
Note: all micrographs in the figure are underfocused (≈ 1 µm) and the scale marker
in (a) applies to all micrographs in the figure.
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7.5.2.3 Quantitative comparison between the radiation response of HEATF

and TiN coatings

A detailed comparative characterisation of the radiation response of TiN and HEATF

coatings is shown in figure 7.18. The irradiations were carried out up to 6.2 dpa

where significant modifications to the TiN microstructure were observed to occur.

As investigated in section 7.5.2.2, the grain boundaries of the TiN crystals were

observed to broaden due to Ti segregation as confirmed independently via two dif-

ferent analytical techniques: STEM-EDX and EFTEM. The same effect was not

observed in the irradiations performed in the HEATF coatings. When comparing

figures 7.18(b) with 7.18(e) and 7.18(c) with 7.18(f), one can qualitatively notice

that the size of Xe bubbles has significantly increased from 2.6 to 6.2 dpa in the

TiN microstructure whilst for similar irradiations performed in the HEATF coating,

Figure 7.17: EFTEM micrographs of the TiN thin films irradiated to 6.2 dpa show-
ing Ti segregation. Results were further confirmed by STEM-EDX analysis of the
same irradiated lamella. The bottom figure is the multivariate statistical analysis
(MVSA): (a) the EDX spectrum corresponding to the (b) spectral image. The spec-
tral image (b) in combination with the EDX spectrum in (a) indicates the presence
of Ti within Xe bubbles after 6.2 dpa of irradiation.
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this “anomalous growth” effect was not observed. In order to better quantify the

effects of heavy ion irradiations in such thin film coatings, a quantitative comparison

between radiation response in both microstructures is performed in this section.

By measuring the size (diameter) of the Xe bubbles as a function of dose for

both the TiN and the HEATF coatings, quantitative distributions of Xe bubbles

sizes were obtained as a function of dose and the results are shown in figures 7.19(a-

b) for both films. In the case of the TiN thin film, at 2.6 dpa, the average Xe

bubble diameter was measured to be 4.1±0.2 nm whilst at 6.2 dpa, the average Xe

bubble diameter was measured to be 25.2±0.5 nm: an average increase of around

600%. For the FeCrMnNi HEATF, at 2.6 dpa, the average Xe bubble diameter was

measured to be 3.9±0.1 nm. At 6.2 dpa, the average Xe bubble diameter in the

HEATF microstructure was measured to be 4.7±0.1 nm. For the quoted average

sizes above, the error is the standard error of the mean. The Xe bubbles thus had

only a small growth in the case of HEATF which is not statistically significant when

the errors are taken into consideration. These results on average bubbles sizes as

a function of the irradiation dose are also better appreciated in a form of a plot as

shown in figure 7.20(a).

The areal densities of the Xe bubbles were also measured for both TiN and

HEATF coatings. For this purpose, five different areas were analysed and the areal

densities reported here represent average values of the five measurements carried

out in different areas. The error reported on the average areal densities values is the

standard error of the mean. This procedure was carried out as suggested by Harrison

et al. [488]. The measured areal densities as a function of the irradiation dose for

both TiN and HEATF are presented in figure 7.20(b). Whilst for the HEATF

the areal density of Xe bubbles was constant upon increasing the irradiation dose

(within the errors), in the case of the TiN, the areal density reduced by one order

of magnitude from 2.6 to 6.2 dpa. This reduction is in agreement with the fact that

the average Xe bubbles sizes increased 600% in the TiN microstructure over the

same dose range: in order to grow, bubbles have to coalesce which implies in the

reduction of the areal densities.

The quantitative comparison presented in this section corroborates the fact that

the TiN thin film had undergone severe with radiation-induced segregation, possi-

bly triggered by the “anomalous” growth of Xe bubbles (600% from 2.6 to 6.2 dpa).

Such a radiation-induced segregation effect is possibly followed by the dissociation of

TiN crystals which could release monoatomic N atoms that upon recombination into

N2 gas may contribute to the observed growth of the Xe bubbles with increasing the

irradiation dose. In comparison, in the HEATF case, neither radiation-induced seg-

regation nor “anomalous” growth of Xe bubbles were detected. Whether or not such

N2 really influences the kinetics of bubbles growth is a subject of further research.
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Figure 7.19: Histograms of sizes (diameter) of Xe bubbles as a function of the
irradiated dose in (a) TiN and (b) HEATF coatings.
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The considerations presented here suggest that, under the conditions studied in this

work, TiN may be not the best solution for ATF systems as previously claimed on

the basis of corrosion, oxidation and Zr-compatibility measurements [468, 469]. The

present study also suggests a high radiation resistance potential for the HEATF

coatings which could be further investigated within the scope of ATFs as only its in

situ TEM heavy ion irradiation response was investigated in this work.

7.6 Conclusions and perspectives for HEATFs in

the accident tolerant fuels technology

Equiatomic thin solid films from the metallic quaternary system Fe–Cr–Mn–Ni were

successfully deposited on Si substrates and subsequently deposited with on Zircaloy-

4TM substrates. By assessing the radiation resistance of the HEATF using heavy

ion irradiation with in situ TEM, after 15 dpa, the HEATF had its random solid

solution preserved; irradiation-induced segregation and/or phase separation were

not detected. Xe bubbles developed in the HEATF as a primary radiation effect,

but quantitative measurements showed that such bubbles did not grow significantly

upon increasing the irradiation dose. A comparison of the HEATF irradiations with

a conventional ceramic thin film – TiN – has shown that the latter was clearly

subjected to dissociation and elemental segregation possibly related with growth of

around 600% in the average sizes Xe bubbles in the dose range from 2.6 to 6.2 dpa.

These latter facts demonstrate that the TiN thin films may have limited applicability

in the context of ATFs in nuclear applications.

The HEATFs were herein proposed as a potential materials for fuel cladding

in the framework of the ATF programme, but only the radiation resistance aspect

of these coatings was studied under PWR nominal operation conditions using the

heavy ion irradiation in situ TEM methodology. Prior to their use in commercial

nuclear reactors, additional testing is still required aiming at the investigation of

their: (i) compatibility with the coolant in all its physical states (e.g. water and

steam), (ii) mechanical properties before and after irradiation, and (iii) response to

neutron irradiation.

It is well known that plasma vapour deposition of thin solid films is already a

recognised commercial technique to produce coatings on a wide variety of materials

in fields including the aerospace, automotive and semiconductor industries, optical

components and sensors [489]. The development of HEATF on Zr-based alloys could

open new alternatives to make LWRs technology safer and tolerant against possible

accidents, but the effort to develop this technology is at an early stage of testing,

as shown in this present chapter where their radiation response under in situ TEM
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heavy ion irradiation was investigated.

Possibilities for further research include the design of new thin films resistant to

both irradiation and corrosion that could be used also in innovative nuclear reac-

tors operating at high temperatures (Generation-IV) as a protective barrier against

aggressive coolants. Generation-IV heavy liquid metal (HLM)-cooled fast neutron

reactors – e.g. lead-cooled fast reactors (LFRs) and lead-bismuth eutectic (LBE)-

cooled fast reactors – pose a significant challenge in corrosion science due to the

inherent corrosiveness of HLM coolants for structural and nuclear fuel cladding

steels. It has been reported that austenitic stainless steels might experience selec-

tive leaching of alloying elements (such as Cr, Ni and Mn) within the reactor core

resulting in steel ferritization due to the removal of austenite stabilisers [490–492].

Such significant material degradation could be mitigated by using a protective coat-

ing with excellent corrosion resistance in such environments. These facts emphasise

the need for further research a the corrosion response of the HEATF developed in

this research.

Future research on the topic of coatings for nuclear fuel claddings, irradiations

aiming at comparing the microstructures of the FeCrMnNi HEATF and the Fe-

CrMnNi HEA in its bulk form should be carried out aiming at evaluating the effects

of grain sizes on both bubble formation and displacement damage accumulation. It

must be emphasised that the HEATF is a nanocrystalline metallic thin film and

recent research by our group [493] and others [494] has revealed an interesting rela-

tionship between nanocrystallinity and superior radiation tolerance within the scope

of HEAs for nuclear applications.
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Chapter 8

Neutron and heavy-ion irradiation

effects on Ti-based MAX phases

8.1 Introduction and background

Similarly to the highly concentrated multicomponent alloys (including high entropy

alloys), the MAX phases have also attracted the attention of the nuclear materi-

als community as a new class of candidate materials for use in innovative designs

of nuclear power reactors (Generations III+ and IV) in which operation at high

temperatures and high neutron doses are major requirements. In particular, the

properties of interest that make the MAX phases promising candidate materials for

future reactor power plants are: good thermal conductivity; low thermal expan-

sion; high resistance to chemical attack, oxidation and corrosion; and intermediate

hardness between metals and conventional ceramics.

One particular aspect of the study of MAX phases is the intense debate on

their thermodynamic stability at higher temperatures [105]: this is essentially the

capability of these ternary compounds to preserve their nanolaminated single-phase

structure at high temperatures and also under the action of external conditions such

as corrosion and mechanical load. In order to be considered as candidate materials

for the next fleet of innovative nuclear reactors, it is of paramount importance that

the MAX phases also demonstrate superior phase stability under irradiation impact

with energetic particles.

By analysing the ternary phase diagrams of the Ti–Si–C [441] and Ti–Al–C

[439] systems available in the scientific literature calculated at the isothermal sec-

tions around 1273 K and at a pressure of 1 atm as shown in figure 8.1, it can be seen

that, along with the known stoichiometric ternary carbide phases, i.e. Ti3SiC2 and

Ti2AlC, several other phases may form under the decomposition of these ternary

phases: titanium silicides, titanium aluminides (known as intermetallic phases) and
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Figure 8.1: The ternary phase diagrams in the isothermal section of 1273 K and
1 atm for the systems (a) Ti–Si–C [441] (b) and Ti–Al–C [439]. (Adapted from
references [441] and [439].)

TiC or SiC. The phase decomposition – which occurs when the MAX phase mi-

crostructure is exposed to high temperatures – involves the depletion or enrichment

of at least one constituent.

The multiple aspects and reported results on the radiation tolerance of MAX

phase compounds under neutron and ion irradiation were introduced in section 2.4.3.

To date, the number of studies on the resistance of such MAX phases to neutron

exposure is fairly limited. To date, three papers have been published which have

explored the neutron radiation damage microstructure of Ti-based MAX phases up

to around 3.6 dpa [354–356].

This chapter reports on a electron microscopy study of the radiation tolerance of

two Ti-based MAX phases – Ti3SiC2 and Ti2AlC – from a microstructural perspec-

tive. These MAX phases were irradiated with neutrons at the HFIR located at the

Oak Ridge National Laboratory up to 2 and 10 dpa at 1273 K. This irradiation tem-

perature is relevant as the Ti-based MAX phases are currently candidates to be used

as structural materials for future nuclear fusion reactors [495]. Then, the same ma-

terials in a pristine condition were subjected to heavy ion irradiations in situ within

a TEM at the MIAMI-2 facility up to 5 dpa at 1008 K in order to compare the

results with the neutron irradiated MAX phases. The ion irradiation temperature

was smaller than the neutron irradiation temperature due to a thermally-induced

decomposition effect observed in electron-transparent Ti-based MAX phase samples

under annealing within the TEM: this will be reported in detail in section 8.3.2.1.

Similar ion irradiations carried out on pure α-Ti and α-Al as a comparison with

these elemental metals which are constituents of the MAX phases. Evidence of

phase decomposition when the MAX phases are subjected to thermal annealing at

234



high temperatures will also be presented.

This chapter contributes new data on the radiation tolerance and phase stability

of the Ti-based MAX phases at high temperatures as well as suggesting possible

further investigations on the effects of energetic particle irradiation on these ma-

terials. In the discussion, the current challenges in using MAX phase compounds

within nuclear reactor technology will be addressed.

8.2 Neutron irradiation effects in Ti-based MAX

phases at high temperatures

In this section, the neutron irradiation response of the Ti-based MAX phases at

high temperatures is investigated. The results will be introduced along with some

discussion. In the last subsection, a discussion of the applicability of these materials

within the nuclear technology will be presented.

8.2.1 Materials and Methods

Ti-based MAX phases were irradiated at the HFIR to two dose levels: 2 and 10

dpa. The neutron fluencies corresponding to doses of 2 and 10 dpa at the HFIR

were 2×1021 and 1×1022 n·cm−2, respectively. The irradiation temperature was 1273

K. Both MAX phases, the Ti2AlC and Ti3SiC2, were produced by the commercial

company 3-ONE-2 LCC from Philadelphia (USA). The methods of bulk MAX phase

synthesis were described in section 3.1.3.

Due to the fact that the bulk irradiated samples were radioactive, TEM sam-

ples were produced in controlled conditions using “hot” electron microscopes and

focused ion beams in the Low Activation Materials and Development Analysis lab-

oratory at Oak Ridge National Laboratory. Conventional lift-out FIB technique

was used to produce the electron transparent foils from areas that were pre-coated

with 2.25 µm thick Pt protective layers aimed at avoiding damage by the Ga ion

beam. The Ti2AlC and Ti3SiC2 irradiated at 2 dpa were designated 7A1 and 7S1,

respectively. Similarly, the 10 dpa samples were designated 9A1 and 9S1. At the

LAMDA laboratory, the bulk samples are stored in the radiological materials vault

number PIG-4016. After sample preparation, the Mo grids with the TEM samples

attached had no measurable radiological activity and were cleared by Radiation

Control Technicians at ORNL to be used in non-radiological electron microscopy

laboratories.

In this study, three TEM samples were produced for each irradiation case and

twelve samples in total were screened. Post-irradiation analysis was carried out

primarily in a JEOL JEM-2100F TEM operating at 200 kV with a Schottky Field-
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Emission Gun at LAMBDA and subsequently in a Hitachi H-9500 TEM at the

MIAMI-2 facility. Bright-field, dark-field and selected-area diffraction pattern tech-

niques were used. Aiming at identifing the Burgers vectors of dislocation lines and

loops, the two-beam method was used along with data available in the literature

for dislocation behaviour in HCP systems [496, 497]. Crystallographic data from

the scientific literature on both MAX phase materials were used to generate the

crystal models that were applied to index experimental diffraction patterns [429,

430]. Figure 8.2(a) shows the atomic models of the crystal structures constructed

in CrystalMaker for both the Ti2AlC and Ti3SiC2 MAX phases. To compare the

neutron irradiation effects with the pristine materials, eight samples of the Ti3SiC2

and seven samples of the Ti2AlC were produced and studied within the TEM.

8.2.2 Results and discussion on the neutron irradiation re-

sponse of Ti-based MAX phases

Due to the wide variety of neutron irradiation-induced defects observed in these Ti-

based MAX phases, the results section has been subdivided by defect-type. Pristine

Figure 8.2: The crystal structures of (a) Ti2AlC and (b) Ti3SiC2 visualised using
CrystalMaker with data available in the literature [429, 430]. Both materials have
a hexagonal-compact crystal structure. The laminated nature of the materials is
clearly visible.
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microstructures with pre-existing defects are shown aimed at distinguishing existing

defects from the damage microstructures at 2 and 10 dpa.

8.2.2.1 Pre-existing defects in the pristine microstructures

The pristine microstructures of both MAX phases were already subjected to investi-

gation in section 4.4.1.2 which revealed that both Ti2AlC and Ti3SiC2 were relatively

free of defects, however, as shown in the figures 8.3(a–b) some pristine samples have

shown pre-existing defects which are detailed here for comparison with the neutron-

irradiated microstructures.

The presence of secondary phases has been observed in Ti3SiC2 [431]. These

phases are often reported in the literature as undesirable impurity inclusions in

Ti3SiC2. The morphology of these impurity phases with respect to the MAX phase

matrix was used to identify their nature: angular-shaped grains are SiC crystals

whereas round-shaped grains are TiC [431]. These secondary phases were predicted

by the calculated ternary phase diagrams in figure 8.2. According to Morgiel et al.

[431], TiC is more prone to nucleate during reactive hot pressing within the ternary

carbide matrix and the SiC grains are less frequently observed.

In the microstructure of the Ti2AlC small black-spots and titanium hydride

(TiH) precipitates have been observed in only one pristine specimen (out of 7) as

shown in figure 8.3(a–b). With respect to black-spots, their formation may be

attributable to surface damage introduced by the polishing steps during the FIB

procedure. Although these defects have only been detected in one out of seven

pristine samples, their location within the matrix was limited to some grains and

can be observed only at very high magnifications.

The formation of hydrides in Ti2AlC, to date has not been reported in the

scientific literature. A possible mechanism for hydride formation within Ti-based

MAX phases may involve the incorporation of hydrogen during sample preparation.

The sources of hydrogen could be either the colloidal silica solution with water

that was used as an abrasive solution during the mechanical polishing step or even

the residual hydrogen within the FIB. Additionally, the FIB lamellae are subjected

to shear stresses during the polishing stages, thus possibly contributing to some

atomic rearrangement which with hydrogen incorporation would allow the necessary

conditions for TiH nucleation and growth: the conditions for the activation of a

(near) martensitic mechanism as reported by Ding et al. [498]. Nevertheless, the

possible formation of TiH within Ti2AlC indicates that this ternary carbide is not

as thermally and mechanically stable as assumed by Barsoum [105]. In order to

form TiH by a (near) martensitic mechanism, the Ti2AlC matrix has to be, by

definition, mechanically unstable [32, 499–501]. TiH has not been observed in either

the neutron-irradiated specimens nor in the pristine specimens of Ti3SiC2.
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Figure 8.3: BFTEM micrographs of the pristine Ti-based MAX phases recorded at
room temperature showing (a) the presence of some black-spots and (b) artefacts
resembling TiH in the Ti2AlC; (c) a dislocation network viewed at the basal zone
axis in the Ti3SiC2 and (d) black-spots concentrated in a secondary phase. The
micrograph (e) shows pre-existing cavities in one Ti3SiC2 grain. Note: micrograph
(e) has been recorded with the objective lens underfocused by ≈ 1000 nm whilst
micrographs (a–d) are in focus.
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Dislocation lines and ordered dislocation networks were observed in two out of

eight pristine Ti3SiC2 specimens as shown in figure 8.3(c). These defects are seen

to form preferentially along the [0001] basal zone axis. FIB damage in the form

of black-spots was absent in the matrix of the Ti3SiC2, but was observed within

the (Si,Ti)C inclusions as can be seen in figure 8.3(d). The dislocation lines appear

to be generated at the grain boundaries. At high temperatures during the RHP,

these dislocation lines are mobile and can interact to form an ordered dislocation

network suggesting that this type of defect is characteristic of grain growth and

stress accommodation during the synthesis of the material. Figure 8.3(e) shows pre-

existing cavities in the Ti3SiC2, but these defects were observed in only one pristine

sample.

8.2.2.2 Black-spots

The damage microstructure of the Ti2AlC in the BFTEM micrograph shown in

figure 8.4(a) exhibits the presence of black-spots (vacancy/interstitial clusters or

small loops) at 2 dpa. Their average sizes (diameter) were measured in ImageJ and

were around 5.0 nm at both 2 and 10 dpa in average. DFTEM has been used to

distinguish the contrast of these defects from that of other features. Comparing 2 to

10 dpa, the areal density of black-spots was observed to be greater at the higher dose

(in all screened samples) as shown in figure 8.4(b–c). For the Ti2AlC, the measured

areal densities of black-spots at 2 and 10 dpa were 4.4±0.4×1011 and 9.6±0.5×1011

cm−2, respectively. The fact that the black-spot density increases as a function of

the irradiation dose may indicate that low recovery of radiation-induced defects has

occurred in the matrix phase of the Ti2AlC.

These present results are in disagreement with two previous works which reported

the dynamic recovery of Frenkel defects under irradiation in a very similar MAX

phase, Ti3AlC2, that was irradiated at 968 K with neutrons at lower doses (0.1 dpa)

[354] and in the Ti2AlC with heavy ion irradiations at high temperatures [502]. Such

differences with previous work suggests that, in the present work, the point defects

generated by the collisions of neutrons with the Ti2AlC phase matrix are in fact

increasing from 2 to 10 dpa and accumulating in this MAX phase. However, the

diffraction patterns recorded at 2 and 10 dpa have shown that the matrix phase

has neither suffered decomposition nor amorphisation (insets in figure 8.4(a) and

8.4(c)).

In the case of Ti3SiC2, black-spot damage was concentrated preferentially within

the secondary phases. Figure 8.4(d) shows the Ti3SiC2 free of black-spot damage at

2 dpa while the TiC inclusions exhibited an accumulation of these defects. Black-

spots were observed close to grain boundaries in the Ti3SiC2 matrix at 2 dpa as

shown in figure 8.4(e). At 10 dpa, black-spots were observed only in the secondary
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Figure 8.5: Long stacking faults observed parallel to the [0001] zone axis in Ti3AlC2

neutron irradiated to 2 dpa at 1273 K.

phases as shown in the figure 8.4(f). Regarding these defects in the matrix, no

direct relationship between dose and areal density could be obtained with any of

the samples screened. These trends on generation and accumulation of black-spot

damage within the secondary phases rather than in the Ti3SiC2 matrix phase were

reported for the same MAX phase irradiated with neutrons at lower doses and lower

irradiation temperatures [355]. The understanding of the mechanism of radiation

tolerance of the Ti3SiC2 will be the subject of further discussion at the end of this

section.

8.2.2.3 Stacking faults

Stacking faults were observed at the interfaces of the (Ti,Si)C in the 2 dpa samples of

the Ti3SiC2 as shown in figure 8.4(d). Similarly, bigger stacking faults were observed

in the Ti2AlC at 2 dpa as shown in figure 8.5. These defects were characterised by

analysing the diffraction pattern with the SAED aperture placed around the defect

as suggested by Williams and Carter [383]: when at the zone axis (the [0001] shown

as an inset in figure 8.5), the reflections split into satellite spots.

The removal of A-layers in the stacking sequence of the MAX phase is a proposed

cause to explain the existence of these two-dimensional radiation-induced defects in

the Ti3SiC2 [503]. The formation of stacking faults within the Ti3AlC2 irradiated

at around 1000 K up to 3.2 dpa has been confirmed by Tallman et al [356]. In the

current work, stacking faults have not been observed in the pristine samples nor in
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either of the two Ti-based MAX phases irradiated to 10 dpa, although they were

looked for.

Compact crystal structures, such as the hexagonal compact and the face-centred

cubic, favour the formation of two-dimensional crystal defects such as stacking faults

[248, 504]. The formation of stacking faults in both MAX phases at 2 dpa suggests

that these materials are of low stacking fault energy (SFE). These defects are defined

as an interruption of the atomic stacking sequence of the HCP MAX phase. The

absence of stacking faults at 10 dpa is an interesting observation and may indicate

that: (i) some degree of atomic rearrangement/recombination does occur in these

MAX phases at higher doses and irradiation temperatures that is large enough

to promote annihilation of such defects, and/or (ii) different irradiation-induced

processes such as local composition alterations and irradiation-induced elemental

segregation which may take place at 10 dpa, thus changing (increasing) the stacking

fault energy in these Ti-based MAX phases. Regarding the latter, the formation of

stacking faults is strongly affected by the local elemental composition. While alloying

usually decreases the stacking fault energy, segregation (either due to irradiation or

synthesis routes) tends to increase it, thus reducing the probability of the formation

of such extended defects [248, 504].

8.2.2.4 Cavities

Cavities were observed in both MAX phases at 2 and 10 dpa by means of defocusing

the objective lens of the TEM (Fresnel contrast). In the case of the Ti2AlC, the

BFTEM micrographs in figure 8.6(a–b) show the presence of voids with diameters

around 40 nm. At higher magnifications, figure 8.6(c), small voids were also ob-

served in the Ti2AlC and they could be distinguished from black-spots defects by

changing the Fresnel contrast. In this MAX phase, cavities were observed preferen-

tially within the matrix, but not along the grain boundaries. In the Ti3SiC2, the

BFTEM micrographs in figure 8.6(d–e) show the presence of voids at 2 and 10 dpa

in the matrix and along the grain boundaries, respectively.

The occurrence of irradiation-induced voids in Ti-based MAX phases at 1008 K

and up to 3.4 dpa has been reported in a single paper [356]. These authors reported

the observation of voids preferentially at the grain boundaries, but not in the bulk

matrix phase which led the conclusion that accumulation of vacancies with subse-

quent void nucleation and growth was not observed in the matrix due to a certain

degree of dynamic recovery of Frenkel defects. As vacancies and interstitials are

mobile at 1008 K, the nucleation and growth of cavities along the grain boundaries

will be favoured as they will act as sinks for irradiation-induced defects: i.e. there

will be a tendency for accumulation at the interfaces where extended defects (like

voids) are prone to form.
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For this work where the Ti-based MAX phases were irradiated with neutrons

at 1273 K, cavities were observed at doses as low as 2 dpa, but the results present

some inconsistencies. Large and dispersed cavities were observed in the Ti2AlC at

2 dpa, but at higher doses, 10 dpa, a large number of small cavities was observed

which were only visible at higher magnifications. At lower doses, dynamic recovery

of irradiation-induced defects may occur thus limiting the nucleation and growth

of cavities, but as the dose increases, this effect would appear to have diminished.

Possible causes of this reduction are the degradation of the matrix phase as well as

the saturation of point defects.

In the Ti3SiC2 MAX phase, voids were observed in the matrix at 2 dpa, but only

along grain boundaries at 10 dpa. In this specific case, recombination of point defects

seems to play a major rule, although at higher doses, accumulation of defects at sinks

can be linked with the observation of voids at these sites. In this way, recombination

appears to be an intrinsic property of the bulk matrix, but not in regions closer to

interfaces such as grain boundaries. The large cavities in both materials, could be

pre-existing cavities that have grown under irradiation as such defects were observed

in the pristine Ti3SiC2, for example.

8.2.2.5 Dislocation loops, lines and networks

In all MAX phase samples analysed in this work, dislocation lines, loops and net-

works were observed. As shown in the set of BFTEM micrographs in figure 8.7,

dislocation loops were identified in both MAX phases at 2 and 10 dpa via the two-

beam method. The figure shows the microstructures of the Ti2AlC and the Ti3SiC2

at 2 and 10 dpa under two bright-field conditions: one where the most excited re-

flection allows the observation of the dislocation loops (~b · ~g 6= 0) and the other one

where the excited reflection shows no contrast at the dislocation positions (~b ·~g = 0).

In the set of BFTEM micrographs in figure 8.7, dislocation loops are observed

in the Ti2AlC at 2 dpa (a–b) and 10 dpa (e–f) and in the Ti3SiC2 at 2 dpa (c–d)

and 10 dpa (g–h). The areal density of dislocation loops was observed to decrease

on going from 2 to 10 dpa in the Ti2AlC, but not in the Ti3SiC2. Note that these

trends have been observed in all samples analysed (> 3) increasing the confidence

that they are statistically representative.

Using the two-beam method within the TEM in combination with reference data

from the literature on dislocation loops and crystallography of HCP systems [496,

504], it was possible to determine the direction of the Burgers vectors for the iden-

tified dislocation loops in these neutron-irradiated Ti-based MAX phases. Tilting

the specimens around the specific zone axis exhibited as insets in the micrographs

in figure 8.7, two Burgers vectors were matched with the conditions shown figure

8.7 (i.e. ~b · ~g = 0 and ~b · ~g ≥ 1): ~b = 1
3
[1̄1̄20] and ~b = 1

3
[21̄1̄0]. High-resolution TEM
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was used to investigate the nature of some loops as shown in figure 8.8(a–b). The

presence of an extra-plane of atoms (represented by the red circle in image 8.8(b))

categorises such defects as possibly interstitial loops of the <a> type. The average

sizes and the areal density of these dislocation loops are shown in the table 8.1.

Figure 8.8: (a) A high-resolution TEM micrograph of a dislocation loop in neutron
irradiated Ti3SiC2 at 2 dpa and (b) a Fourier filtered image from the micrograph
(a) showing the interstitial nature of the loop. The micrograph in (a) was taken at
focus, without an objective aperture and looking down the [1̄21̄0] direction. Note:
the scale marker in (a) also applies to (b).

The Burgers vectors ~b = 1
3
[1̄1̄20] and ~b = 1

3
[21̄1̄0] have been considered as rep-

resentative of perfect dislocation loops constrained in the basal plane of the HCP

crystal system and this plane is their preferential direction for gliding. However,

Aubry et al. have studied the nature of such dislocation loops in HCP systems

and conclude that loops with these Burgers vectors can also be constrained in one

prismatic and at least two pyramidal directions [496]. The slip direction and glide

systems for <a> and <c> loops in HCP crystals are defined by the crystallographic

ratio c/a. According to previous reported data from Meyers et al., Teutonico et al.

and Aubry et al. [248, 496, 504, 505], glide in the basal plane preferentially occurs

when the c/a ratio is higher than 1.633 and, conversely, prismatic and pyramidal slip

are preferred when c/a <1.633. Unit cell analysis of both 321 and 211 MAX phases

showed that these ratios are ≈6 and 3.5–4.6, respectively [108]. Therefore, such

analysis indicates that the identified <a> loops are highly likely to be perfect basal

loops gliding along the (0001) planes. It is should be noted that such loops have not

been observed in neutron-irradiated Ti-based MAX phases: only <c> loops were

identified, but at lower doses and lower irradiation temperatures [356].

TEM observation along the basal zone axis have revealed the presence of complex
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Figure 8.9: BFTEM micrograph taken along the basal zone axis [0001] (a) Ti3SiC2

at 2 dpa; (b) Ti3SiC2 at 10 dpa; (c) Ti2AlC at 2 dpa; and (d) Ti2AlC at 10 dpa.
Note: the scale marker in (a) applies to all micrographs in the figure.

dislocation networks in Ti3SiC2 at 2 dpa (figure 8.9(a)) and 10 dpa (8.9(b)). For

these cases, the dislocation lines appear to emanate from the interfaces to the centres

of the MAX phase grains (or emanate from the centre of the MAX phase grains and

stopping at the interfaces). This may be an indication that these dislocations possess

some mobility during irradiation at 1273 K. Both areal density and entanglement

complexity of these dislocations increase on going from 2 to 10 dpa. Such dislocation

networks were not observed in the Ti2AlC at any doses or along different zone axes

(figures 8.9(c-d)).

Tallman et al. studied the formation of dislocation loops in neutron-irradiated

Ti-based MAX phases up to 0.14 dpa at around 1000 K, but only identified <c>

loops with a Burgers vector of ~b = 1
2
[0001] [356]. In the same work, the authors

reported a direct relationship between dose and size for both materials. The areal

density was also bigger in the Ti3AlC2 when compared with the Ti3SiC2. In the

present work, the areal density of dislocation loops was lower at 10 dpa than at 2
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Figure 8.10: Quantitative data for dislocation loops obtained from this work in both
the Ti2AlC and the Ti3SiC2 at 2 and 10 dpa neutron-irradiated at 1273 K and from
data available in the literature reported by Tallman et al. [356] for both Ti3SiC2

and Ti3AlC2 at 1.6 and 3.4 dpa neutron-irradiated at 1008 K: (a) loop sizes and (b)
areal densities.

dpa for the Ti2AlC and this was the trend for all samples analysed. Comparison

between the quantitative data provided by this work and Tallman et al. [356] is

shown in figures 8.10(a) and 8.10(b).

Dislocation loops, lines and networks have been reported here at 2 and 10 dpa for

321 and 211 Ti-based MAX phases irradiated at 1273 K. These types of irradiation-

induced defects are considered local perturbations (strain fields) of the crystal lattice

[248]. Annihilation and interaction of dislocations have been observed during irra-

diations at high temperatures due to the enhanced mobility promoted by thermal

energy and this is also true for some ceramic compounds that have fewer slip sys-

tems than common metals [248]. The comparison of 2 and 10 dpa samples suggests

that both MAX phases had a reduced number of dislocations at higher doses, per-

haps indicating some degree of recovery. The careful dislocation analysis have also

shown that <a> loops can form in these materials and they were identified to be

constrained within the basal planes in contrast to Tallman et al. who observed that

<c> loops with ~b = 1
2
[0001] were formed, but at lower doses and temperatures.

Whether the dislocation loops within Ti-based MAX phases evolves from <c> to

<a> types as reported to occur for HCP crystals [497, 506] remains to be determined

in future work.

Due to the active influence of dislocation networks acting as sinks for point de-

fects, the presence of these complex defects in Ti3SiC2 at 2 and 10 dpa suggests

that they impact the lattice in a positive way: inhibiting swelling processes and
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Table 8.1: Areal density and average size of dislocation loops obtained in this work.

MAX Phase
Loop Size [nm] Areal Density [cm−2]

2 dpa 10 dpa 2 dpa 10 dpa
Ti3SiC2 48.8 ± 36.6 31.2 ± 8.3 1.1×109 1.9×109

Ti2AlC 78.0 ± 22.2 86.7 ± 28.9 1.4×109 3.4×108

amorphisation (although this latter is not a concern at 1273 K) as well as reducing

the population of vacancies and interstitials that could agglomerate into other de-

fects such as voids and bubbles. Hence, the presence of dense dislocation networks

as a result of neutron irradiation suggests that the elastic and plastic properties

of these materials may change significantly due to irradiation, thus reducing their

applicability in environments that require resistance to mechanical stresses.

8.2.2.6 Phase instabilities, recrystallisation and precipitation

Irradiation-induced phases have been identified in both Ti-based MAX phases in

the 10 dpa samples. Figure 8.11(a–c) shows the presence of needle-like precipitates

within the matrix phase of the Ti2AlC MAX phase at 10 dpa. The precipitates were

visible in bright-field only when viewed along specific zone axes: along the [0001]

zone axis, such precipitates were not observed in bright-field. This indicates the ex-

istence of orientation relationships between the matrix phase and the precipitates.

DFTEM has been used to better resolve the morphology of the precipitates whose

sizes were in the range 20–300 nm. As shown in the diffraction pattern inset in figure

8.11(b), these precipitates have generated some satellite spots (although with very

low intensity), but not rings suggesting that they can be coherent with the matrix

[248]. Similar phase instabilities have been observed in Ti3SiC2 at 10 dpa as pre-

sented in figure 8.11(d–f). As can be seen in the BFTEM and DFTEM micrographs

in figures 8.11(d) and 8.11(e), such phase instabilities were small grains with sizes

varying from 5 to 100 nm. The use of the SAED aperture was indicated that such

sub-grains are smaller crystals randomly oriented. Additionally, precipitation along

the grain boundaries was observed in the Ti3SiC2 at 10 dpa as shown in the figure

8.11(f).

Lin et al. [507] observed the formation of structures following the sequence

Ti2AlC–TiC–Ti2AlC in the synthesis of the Ti2AlC at high temperatures. The TiC

particles shared crystallographic properties with the MAX phase matrix phase, al-

though they differed in size, morphology (platelet-like) and were inhomogeneously

distributed within the matrix. A possible non-equilibrium thermodynamical state

may occur during neutron irradiation at high temperatures in which the Ti2AlC

MAX phase decomposes into TiC given that collisional processes may selective en-

hance C diffusion thus perturbing the existing matrix phase. Upon displacing C
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atoms from solid solution, the neutron irradiation will then assist the precipitation

of TiC. It is worth noting that the solubility of C in the Ti–Al system is limited

[508]. Therefore, if C segregates it is highly likely that will recombine with either Ti

or Al to form precipitates. Conversely, the possibility of the formation of titanium

aluminide phases cannot be discarded as such intermetallics are well known for their

high thermodynamic stability [507].

Secondary phases have been reported in the Ti3SiC2 matrix as a result of high

energy ion irradiation at 523 K [349]. XRD revealed that TiC started to nucleate

at doses as low as 2.8 dpa. Increasing the dose to 10.3 dpa, the phase content of the

TiC also increased. According to the authors, the combination of displaced lattice

atoms, fast diffusion at moderate to high temperatures and cascade events during

irradiation allowed the precipitation of new phases in the Ti3SiC2. The fact that Ti,

Si, Al and C redistribute and nucleate secondary phases under irradiation at high

doses suggests that further studies by means of both simulations and experiments are

needed in order to assess the thermodynamic stability of both Ti3SiC2 and Ti2AlC

when exposed to displacing irradiation. Similarly to the Ti2AlC, the formation of

titanium silicide intermetallic phases could not be ruled out due to the energetics

from the thermodynamics of intermetallics.

8.2.3 Discussion of the effects of neutron irradiation on the

Ti-based MAX phases and directions for future work

For the two different MAX phases analysed here at two different neutron doses at

the same irradiation temperature, the strong presence of black-spots and cavities

in the Ti2AlC matrix indicates that in terms of displacement damage, this MAX

phase has an overall lower performance than the Ti3SiC2. The presence of pre-

existing TiC and SiC grains in the latter suggests that their interfaces may act as

sinks for irradiation induced defects, thus increasing the radiation tolerance of the

matrix phase. Whether or not such radiation tolerance is due to fast diffusion of

defects along the A-layers – as suggested by Middleburgh et al. [357] – is a subject

for future computational and experimental work. With regard to the dislocation

loops, <a> loops formed as a result of neutron irradiation at high temperatures and

high doses and was reported here, to the best of our knowledge, for the first time.

In all samples studied in this work, amorphisation was not observed in line with

expectations for irradiations at high temperatures. Evidence of irradiation-induced

phase decomposition was found in both MAX phases, but the morphology of the

phases and their relationship with the matrix phase were found to be different.

This latter fact strongly suggests that these nanolaminated materials may not be of

superior thermodynamic stability at high temperatures and doses despite previous
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reports to the contrary [107, 110].

Recent investigations on the irradiation behaviour of MAX phases have cate-

gorised these materials as potential candidates for the next generation of structural

materials for innovative nuclear reactors [495]. If the aim is to apply MAX phases as

structural materials, for example, in Molten-Salt Reactors (MSR), they will need to

demonstrate the ability to operate in a temperature range of 973–1273 K and retain

their structural integrity (i.e. phase stability and retention of useful physical and

chemical properties with reduced microstructural modifications) up to maximum

doses of 200 dpa [21]. However, to date, the microstructural modifications as well

as alteration of properties under neutron irradiation have been largely unexplored.

The existing dataset is limited to low doses (< 4 dpa) and moderate temperatures

ranges, although the present work extends this dataset to 10 dpa at 1273 K and

demonstrates some microstructural changes. Recent work (including ion irradia-

tion) have shown that in MAX phases, a wide variety of alterations and defects do

develop down at the atomic level and physical properties do change under energetic

particle exposure [348, 349, 352–356, 509]. These are all limiting factors for the

application of MAX phases within nuclear technology, but this research field is only

at its early stage.

The results from the current TEM study indicate that with respect to the

neutron-irradiated Ti-based MAX phases at high temperatures a complex chain

of radiation-induced defects form in both MAX phases including secondary phases.

In this way, as well as introducing new data for this field of research, this TEM

characterisation work has identified topics which should be addressed for nuclear

applications for Ti-based MAX phases: (i) the relationship of dislocation loops and

networks with the elasto-plastic performance of the irradiated MAX phases com-

pared with pristine material; (ii) an analytical characterisation of the phase insta-

bilities and segregation that were reported here; and (iii) the influence of A-layers

on the radiation tolerance of MAX phases.

8.3 Heavy-ion irradiation effects at high temper-

atures

Following the electron-microscopy characterisation of the neutron-irradiated Ti-

based MAX phases at Oak Ridge National Laboratory, experimental efforts were

made to reproduce the damage microstructures using heavy ion irradiation in situ

within a TEM at the University of Huddersfield. In this section, a heavy ion irradi-

ation study of the radiation resistance of the Ti2AlC and Ti3SiC2 is presented. An

in situ TEM annealing study was also performed aimed at investigating the phase
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stability of both MAX phases at 1273 K. Results are discussed by comparing the

irradiations with two pure metals, Ti and Al constituents of the ternary carbides.

8.3.1 Materials and methods

Samples of the Ti2AlC and Ti3SiC2 were subjected to heavy ion irradiation in situ

within a TEM at the MIAMI-2 facility. The ion beam was set to 700 keV Kr+2 via

mass/charge selection and both irradiation and damage profiles are shown in figure

8.12. A maximum of 1% at.% of Kr was implanted into the MAX phase lamellae

according to SRIM calculations.

Figure 8.12: (a) The implantation and (b) damage profiles for 700 keV Kr ions into
Ti2AlC and Ti3SiC2, calculated from SRIM [148].

As the neutron-irradiated MAX phases were irradiated in HFIR at 1273 K, a first

study (section 8.3.2.1) with the aim of assessing their phase stability was conducted

and revealed that the matrix phases undergo decomposition at this temperature

which made it impossible to carry out a direct comparison between neutron and

ion irradiations at these temperatures. For this investigation, a double-tilt heating

holder was used with the TEM lamellae produced via FIB milling. The temperature

ramp was 60 K·min−1. This heating holder has an accuracy of ±5 K according to

the manufacturer (Gatan). The irradiation temperature was then set to 1008 K for

the MAX phases during heavy ion irradiation and this was chosen to match previous

neutron irradiations carried out by Tallman et al. [355, 356] (up to 3.4 dpa at 1008

K).
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In addition, the α-Ti and α-Al pure metals were irradiated with the same ion

beam parameters, but at 1143 and 558 K so as to match approximately the homol-

ogous temperature of the MAX phases irradiations. With respect to the Ti-based

MAX phases, it has been reported that although they do not have a melting tem-

perature, the dissociation of the matrix phase into a Ti-based carbide plus a liquid

phase is expected to occur at around 1673 K [105, 369]. Therefore, the irradia-

tion temperatures for pure Ti and Al were close to the homologous temperature

of 0.60Tm assuming 1673 K as the probable melting point of the Ti-based MAX

phases, but this is an approximation.

Fluence-to-dpa calculations were performed using the outputs from the SRIM

code and the procedure suggested by Stoller et al. [140]. The Ti2AlC and the Ti3SiC2

atomic densities were calculated to be 7.33×1022 and 8.30×1022 atoms·cm−3. 700

keV Kr+2 generates 894 and 1440 displacements per ion on average for the Ti2AlC

and the Ti3SiC2, respectively. The implantation and damage profiles are shown

in figures 8.12(a–b). For the fluence-to-dpa calculations it was assumed that the

damage is averaged over a thickness of 100 nm for all irradiated lamellae. The

Ti2AlC was irradiated up to 4.1×1015 ions·cm−2 and the Ti3SiC2 up to 2.9×1015

ions·cm−2, both cases corresponding to a maximum dose of 5 dpa.

8.3.2 Results

The results section has been subdivided into three subsections: (i) the in situ TEM

annealing of the MAX phases aiming at assessing their thermodynamic stability at

high temperatures; (ii) a comparison of the irradiation of the Ti-based MAX phases

and the pure Ti and Al metals; (iii) a comparison between the results obtained with

heavy ion irradiation and neutron irradiation.

8.3.2.1 MAX phase decomposition upon thermal annealing at 1273 K

The microstructure of Ti3SiC2 before and during annealing at around 1073 K is

exhibited in the BFTEM figures 8.13(a–b).

At room temperature, the pristine microstructures were observed to be free of

defects and secondary phases. However, upon increasing the temperature, small

rounded precipitates were observed to form. The samples were held at 1273 K for 2

hours and BFTEM characterisation in the Ti3SiC2 revealed that these precipitates

resulted in Debye-Scherrer rings in the diffraction pattern as can be seen in the

inset in figure 8.13(b), taken during annealing. Similar results were obtained for

the Ti2AlC as shown in figure 8.13(c–d). For the Ti2AlC, extra-spots in the DP are

observed (rather than Debye-Scherrer rings) after annealing as shown in the inset

in micrograph 8.13(d). In the case of the Ti2AlC, the matrix phase decomposition
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starts to occur at around 1173 K whilst in the Ti3SiC2, this effect starts around

973 K. In the Ti3SiC2, by placing the objective aperture on these diffraction rings,

DFTEM revealed the precipitates were indeed responsible for the Debye-Scherrer

rings in the diffraction pattern (figure 8.14-2). At the end of the annealing ex-

periment, these precipitates reached a maximum size in the range of 30–40 nm.

For the Ti2AlC case, the decomposition manifested without noticeable formation

of Debye-Scherrer rings, but caused extra-spots in the diffraction patterns. Neither

disordering nor amorphisation was observed during these experiments, as the g-

reflections of the matrix have not diminished and no amorphous rings were observed

in the DPs.

Figure 8.14: BFTEM and DFTEM characterisation of the Ti3SiC2 after 2 hours of
in situ TEM annealing at 1273 K. DFTEM micrograph 1 shows pre-existing defects
in the Ti3SiC2 whereas micrographs 2-3 show the presence of secondary phases after
annealing.

After the in situ TEM annealing experiment, EFTEM was used to assess qual-

itatively the elemental composition of the precipitates. As shown in the composite

RGB image and the BFTEM micrograph in figure 8.15, these precipitates were found

to be Ti- and C-depleted, but enriched with Si. The identification of Si-rich zones

following the annealing of the Ti3SiC2 suggests that due to atomic diffusion at high

temperatures, the MAX phase matrix decomposes into titanium silicide intermetal-
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lic phases (titanium aluminides in the case of the Ti2AlC). According to the ternary

diagrams presented figure 8.1(a–b), these intermetallic phases are predicted to form

at a temperature of 1273 K [439, 441].

Some conclusions can be made based on the observation of the MAX phase ma-

trix decomposition during the in situ TEM annealing experiments. As the temper-

ature increases from room temperature to 1273 K, the concentration of equilibrium

vacancies (and other defects) will increase exponentially (i.e. with the tempera-

ture). The excess of mobile defects, their possible agglomeration and the existence

of surfaces are factors that govern the nucleation of precipitates (secondary phases)

by means of increasing the Gibbs free energy of the material [33].

For simplicity, one can represent the MAX phase matrix by the symbol α and the

Al or Si supersaturated precipitates by the symbol β. The nucleation of secondary

phases at high temperatures is a process mediated by atomic diffusion.

The model to describe the heterogeneous nucleation of supersaturated secondary

phases in solids involves three major considerations (regarding the Gibbs free en-

ergy of the system): (i) the formation of the β precipitates will result in a volume

reduction −V∆Gv and in an energy increase promoted by the misfit between the

α/β phases represented by V∆Gs; (ii) an increase of the free energy caused by the

creation of new interfaces (A), i.e. Aγ; and (iii) a reduction of the free energy caused

by the annihilation of defects followed by the nucleation of embryos that will result

in an energy release of ∆Gd. Under these considerations, the total Gibbs free energy

for heterogeneous nucleation (∆Ghet) can be expressed by [33]:

∆Ghet = −V (∆Gv −∆Gs) + Aγ −∆Gd (8.1)

Equation 8.1 shows that upon the annihilation of defects and formation of em-

bryonic sites, the overall Gibbs free energy of the system could be reduced, thus

favouring the nucleation of β precipitates. The exponential increase of the concen-

tration of vacancies upon increasing the temperature results in a significant increase

in the atomic diffusion rates, therefore, causing a speed-up of the nucleation pro-

cesses of secondary phases.

As evidenced by the formation of the Debye-Scherrer rings in the diffraction

pattern upon annealing as shown in figure 8.13, where the matrix phase diffraction

spots remained unchanged, and in combination with the observation of an interlayer

between the Pt cover and the Ti3SiC2 bulk in the neutron-irradiated MAX phases

at 1273 K, as shown in figure 8.16 from cross-section TEM lamellae analysis, the

secondary phase formation (or matrix phase decomposition) occurs at the surface

and not within the bulk matrix which reinforces the hypothesis of a mechanism

of heterogeneous nucleation mediated by point defects at high temperatures. The
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Figure 8.15: EFTEM characterisation of the Ti3SiC2 matrix phase decomposition after in situ TEM annealing for 2 hours at 1273 K
showing small embryos that nucleated upon annealing and the EFTEM analysis indicated they are enriched in Si.
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Figure 8.16: BFTEM images of cross-section specimens of (left) Ti2AlC and (right)
Ti3SiC2 after neutron irradiation to 2 dpa at 1273 K. The decomposition layer can
be clearly seen in both materials.

question remains whether this decomposition at the surfaces is a form of passivation

behaviour.

The radii of the Debye-Scherrer rings in the diffraction pattern inset in the

BFTEM micrograph at the figure 8.14 were used to determine the reciprocal lattice

spacing of the phase formed as a result of thermal annealing. By this it was possible

to measure the reciprocal d-spacing between the transmitted electron beam and the

first order reflections: 4.56±0.18 nm. Comparing the results with experimental X-

ray diffraction data from Jeitschko [510] for similar reflections, 4.78 nm, the formed

phase may be the TiSi2 as predicted in the ternary diagram of the Ti–Si–C system

(figure 8.1(a)) and detected by the EFTEM analysis in 8.15. It is important to

emphasise that all the crystallographic information regarding the other possible

intermetallic phases within this ternary system – i.e. Ti5Si4, Ti5Si3Cy and TiSi –

were tested, but did not match the experimental results. The depletion of carbon in

the regions where the intermetallic phase is formed suggests that the pre-existence

of O in the MAX phases, either in the form of an oxide layer at the surfaces or as

impurities, can be a factor of major influence as segregated C atoms may combine

with O to form carbon monoxide (CO) and then, escape from the solid solution,

promoting the formation of titanium silicides [511].

Nevertheless, a decomposition or passivation layer was observed after 2 dpa of

neutron irradiation at 1273 K as shown in figure 8.16. In order to carry out such

neutron irradiations, the bulk Ti-based MAX phase samples remained in the HFIR

for years at high temperature. Naturally, this brings the question of whether the

decomposition layers observed in the bulk Ti-based MAX phases after neutron irra-
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diation at 2 dpa are the same as those observed in the present work during thermal

annealing within the TEM without any irradiation. To answer this question, differ-

ent analytical methods should be used – such as XRD and STEM-EDX – in both

neutron irradiated bulk specimens (requiring the use of radiological laboratories)

and thermal annealed TEM lamellae specimens which goes beyond the scope of this

thesis. In addition, the decomposition layer observed in the neutron irradiated sam-

ples at 2 dpa and during TEM annealing are not related to the radiation-induced

precipitation observed in section 8.2.2.6, as in this latter case, the precipitation was

observed only at 10 dpa and not at the surface.

8.3.2.2 Comparison of the MAX phases results with the Ti and Al under

heavy ion irradiation

The effects of 700 keV Kr ion irradiation on the microstructure of Ti and Al and in

the Ti2AlC and Ti3SiC2 MAX phases are shown in the set of underfocused BFTEM

micrographs in figure 8.17 (defocus degree of around 1000 nm). For all the irradi-

ations, the irradiation temperature was chosen to give an homologous temperature

of around 0.60Tm. The microstructures of these four materials were monitored in

situ within the TEM and the irradiations stopped at around 5 dpa.

The types of radiation damage that were observed in the Ti for irradiation doses

as low as 1 dpa were black-spots and cavities. As the irradiation dose was increased

from 1 to 5 dpa, damage accumulated and saturation within the Ti grains was

observed before the final dose of 5 dpa. Similarly, radiation damage was observed in

the Al, but in this case, dislocation loops were observed to form at doses of around

1.4 dpa and became mobile upon increasing the dose. Cavities were observed to

form throughout the Al at doses of around 2.7 dpa. These cavities in pure Ti and

Al are shown in further detail in the BFTEM micrographs in figure 8.18.

Interestingly, radiation damage effects were not observed in either of the Ti-based

MAX phases under the conditions studied. The evolution of the matrix phases of

the Ti2AlC and Ti3SiC2 from 0 to 5 dpa at 1008 K are shown in figure 8.17. Black-

spots related to the phase decomposition due to thermal annealing (as reported in

section 8.3.2.1) are visible in both Ti-based MAX phases before irradiation at 1008

K. Strikingly and in contrast to the metals, dislocation loops, black-spots, voids,

stacking faults and amorphisation were not observed to occur in these materials

under the studied irradiation conditions. The diffraction patterns of the MAX phases

before and after irradiation up to 5 dpa are presented in figure 8.19: it can be noticed

that Debye-Scherrer rings due to the phase decomposition layer are visible in the

Ti3SiC2 diffraction pattern.
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Figure 8.17: Comparison of heavy ion irradiation of Ti, Al, Ti2AlC and Ti3SiC2.
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Figure 8.18: Cavities observed in the pure Ti and Al at around 1 and 2.7 dpa,
respectively.

Figure 8.19: Diffraction patterns of the Ti-based MAX phases before and after heavy
ion irradiation up to 5 dpa. No significant alterations were observed.
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Figure 8.20: A single experimental case where a direct comparison with the neutron-
and heavy-ion irradiated Ti2AlC exhibited led similar damage microstructures.

8.3.2.3 Neutron and heavy ion irradiated MAX phases

In a single experiment (out of 17), the damage microstructure of the Ti2AlC irra-

diated with the heavy ions at 1008 K up to 2.4 dpa was similar with the neutron

irradiated Ti2AlC up to 2 dpa at 1273 K. The BFTEM micrographs in figure 8.20

show both the ion and neutron irradiated damage microstructures where black-spots

are observed in the first case and the precipitates in the latter (i.e. the decomposi-

tion layer). Due to the lack of reproducibility, this experiment was an isolated event

rather than a recurrent experimental observation.

Although these experimental observations were not reproduced in additional

identical heavy ion irradiation experiments, it can be noted that the black-spot

contrast in the neutron-irradiated specimen is similar to that in the decomposed

intermetallic layer: this indicates that analytical electron-microscopy techniques

at high magnifications are needed to distinguish different microstructural features.

Conventional TEM can be also used as the black-spots do not introduce rings into

the diffraction pattern as do the nanometre-sized precipitates, but a combination of

conventional and analytical TEM would clarify appropriately such features.

It is clear that Frenkel defects are being generated within the MAX phases during

the irradiation. Additionally, the displacement cascades generated by the collision

with a 700 keV Kr ion in these materials will also induce atomic mixing of the M,

A and X layers. However, as reported by Middleburgh et al. in the Ti3SiC2 [357],

at the temperature of the experiments herein reported, interstitials are mobile, but

the lowest energy barrier for migration is in the Si layer (A-layer): Si, C and Ti

interstitials have migration energies of 0.02, 0.45 and 0.99 eV, respectively. With

regard to vacancies, the Si vacancy is mobile at the temperature of these experiments,

but C and Ti vacancies are not. For the latter case the vacancy migration energies

are for Si, C and Ti: 0.61 (2D migration), 4.13 (in the X-layer, 4.71 eV otherwise) and
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3.51 eV (between A-layers), respectively. The energetics of MAX phases indicates

that in the A-layers, diffusion occurs much more readily than in the other layers.

This suggests that radiation damage should develop and accumulate in these MAX

phases as observed in the neutron irradiated case. But, the lack of extended radiation

damage effects in the heavy ion irradiation case – i.e. lack of clustering of interstitials

or voids/bubbles – seems somewhat counterintuitive.

8.3.3 Discussion: contribution of this research and future

directions

All the previous works and their contributions to the field were described in detail

in the literature review chapter. The research presented in this thesis regarding the

neutron irradiation resistance of Ti-based MAX phases at high temperatures and

doses up to 10 dpa is the first report under such conditions. The justification for

these studies is that such MAX phase compounds are potential materials for use

in the next generation of nuclear reactors (mainly generations III+ and IV) where

operation at high temperatures is a major requirement.

In the work presented here, Ti2AlC and Ti3SiC2 were investigated at two different

neutron irradiation doses: 2 and 10 dpa. TEM revealed the development of an

intricate and complex chain of defects in both materials, but due to the formation

of black-spots and cavities in the Ti2AlC, Ti3SiC2 was found to possess (slightly)

better radiation tolerance. Two major aspects of this general trend can be noticed:

the presence of secondary phases (Ti,Si)C and the occurrence of dense dislocation

network in the Ti3SiC2 may act as sinks for radiation-induced point defects, thus

protecting the matrix phase from the accumulation of damage.

Additional defects were also observed in the neutron irradiated materials: stack-

ing faults at 2 dpa, but not at 10 dpa; cavities within the matrix of both Ti2AlC and

Ti3SiC2 at 2 dpa, but at 10 dpa these were observed only along the grain boundaries

of the latter whereas in the matrix for the former; and perfect basal dislocation loops

at 2 and 10 dpa for both materials in contrast to recent reports where only <c>

loops were observed although at lower irradiation doses and temperatures.

Nevertheless, at 10 dpa, both MAX phases showed evidence of irradiation-

assisted segregation and phase decomposition. Phase decomposition has also been

observed in these MAX phases under in situ TEM annealing as forming a passi-

vation layer on the surfaces of the TEM lamellae. These facts suggest that the

thermodynamic stability of both Ti-based MAX phases investigated in this work at

higher temperatures deserves further investigation prior to considering their use in

future high-temperature nuclear reactors.

Direct comparison with heavy ion irradiation in situ within a TEM revealed
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that the MAX phases exhibit no radiation damage for irradiations up to 5 dpa, in

contrast with the neutron irradiation results. As a limiting factor for heavy ion

irradiation in situ within a TEM, the escape of Frenkel pairs through the surfaces

of the TEM lamellae during irradiation may be a cause for the lack of observable

radiation damage. However, damage build-up was clearly observed in the Ti and

Al irradiations. Whether or not the fast diffusion through the A-layers is a major

component behind the irradiation tolerance of these materials is a subject for future

investigations.

Following the trend in the scientific literature on the potential use of MAX phases

in nuclear technology, specifically in the design of new and innovative nuclear reac-

tors as structural materials, the MAX phases do exhibit superior radiation tolerance

when compared with conventional ceramics. For example, if the aim is to use such

materials in molten-salt fast reactors, the requirement will be substantial radia-

tion tolerance, oxidation resistance and high thermodynamic phase stability within

the temperature range of 973–1273 K and doses up to 200 dpa [21]. Although

the present work shows evidence of phase decomposition and significant radiation

damage build-up in these materials (under neutron irradiation), the overall dataset

on the effects of energetic particle irradiation the microstructure of such materials

is largely unexplored and further research is needed prior to policy-maker and/or

future engineering decisions.

8.4 Conclusions

The conclusions of this research on the neutron irradiation response of the Ti-based

MAX phases can be summarised as follows:

• Black-spots were observed the Ti2AlC as a primary form of irradiation-induced

damage whilst, in the Ti3SiC2, the black-spot damage was seen only in the

secondary (Ti,Si)C particles at 2 and 10 dpa and close to grain-boundaries in

the matrix at 2 dpa.

• Cavities were observed in both MAX phases at 2 dpa, but only along the grain

boundaries for the Ti3SiC2 at 10 dpa. Pre-existing cavities were observed only

in the Ti3SiC2 in one out of eight pristine samples studied, suggesting that

the large cavities observed in both materials at 2 and 10 dpa are pre-existing

defects that have grown.

• Perfect basal dislocation loops have been observed in both materials at 2 and

10 dpa. Dislocation analysis via the two-beam method revealed the interstitial

nature of such <a> loops. Complex disordered dislocation networks were

observed in the Ti3SiC2 at 2 and 10 dpa along the basal direction (i.e. [0001]).
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• Phase instabilities were observed at 10 dpa suggesting that the MAX phases

had undergone irradiation-induced segregation and precipitation.

• At 2 dpa stacking faults were observed in both MAX phases. This type of

defect was not observed at 10 dpa. This latter fact is consistent with the

evidence presented on radiation-induced segregation as changes in the local

composition of both MAX phases would probably result in an increase of the

energy formation of stacking faults [248], thus mitigating their formation at

higher doses.

Regarding the heavy ion irradiation of the Ti-based MAX phases in situ within

the TEM, extended defects were not observed at 1008 K up to 5 dpa whereas simi-

lar irradiations with the pure element counterparts resulted in intense generation of

cavities and dislocation loops. In situ TEM high temperature annealing with sub-

sequent analytical characterisation has revealed that these Ti-based MAX phases

undergo surface phase decomposition to a possible intermetallic phase suggesting

that the thermodynamic stability of the Ti-based MAX phases may be not as high

as previously thought, but these facts are yet to be confirmed also in bulk specimens.

Further research is needed to define the conditions under which ion irradiation can

simulate the effects of neutron irradiation in these MAX phases.
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Chapter 9

Summary and Conclusions

The progress of nuclear energy by means of the design, development and operation

of future innovative and more efficient new generations of nuclear power plants is

heavily dependent on the materials sciences. It is clear that the current materials

challenges in this area are problems of extreme complexity and new nuclear materials

will have to demonstrate superior resistance to thermal and mechanical stresses, and

excellent performance against oxidation and corrosion mechanisms. These are of

particular importance at high temperatures if nuclear accidents such as LOCA are

to be avoided. In addition to all the suitable physical and chemical properties that

such new materials are expected to possess in order to allow their application within

nuclear reactors as structural materials, they must also be able to resist damage due

to energetic particle irradiation.

The application of ion beams to simulate the damage caused by neutrons in

nuclear reactors has proven to be an useful methodology to tackle such materials

challenges since the dawn of the atomic age. Despite the notable physical differ-

ences between charged and neutral energetic particles, ion beams that allow fast

pre-screening of prospective nuclear materials even when the comparisons between

neutron and ion damage is not straightforward. This is due to the fact that if a new

material is tested under a certain set of conditions with energetic ions and it shows

poor resistance to irradiation, the need for expensive long timescale experiments in

Materials Test Reactors can be reduced.

As a general guide to define whether a potential nuclear material possesses supe-

rior radiation tolerance, comparisons of their performance must be made with exist-

ing materials. Within the wide range of conventional nuclear materials, zirconium-

and iron-based alloys are among the most widely used structural materials world-

wide. In the current research, radiation damage effects in novel highly-concentrated

multicomponent alloys known as high-entropy alloys and novel Ti-based ternary

carbides known as MAX phases were investigated in a wide variety of conditions

and their radiation responses have been compared with conventional nuclear mate-
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rials such as AISI-348 steel and TiN. Additionally, the ion irradiation with in situ

TEM technique was used throughout this work as the main methodology and under

these experimental conditions, the radiation response of the materials was moni-

tored in real-time. The main insights and outcomes obtained using this approach

are summarised in the following section.

9.1 Summary

The relationship between the effects of energetic particle irradiation and the mi-

crostructure of materials has been reported in this thesis. The focus was on in-

novative metallic alloys and the MAX phases as prominent possible candidates for

future nuclear reactors. As the high-entropy alloys and the MAX phases are materi-

als with different physico-chemical nature, i.e. a metallic alloy and ternary ceramic

carbides, the concepts of thermodynamics of materials and radiation damage were

used to explore the response of such materials to irradiation.

The materials investigated in this work were characterised after synthesis and

before irradiation using conventional and analytical electron microscopy techniques

as presented in chapter 4. Following this detailed characterisation, the radiation

response of the two similar metallic alloys – FeCrMnNi HEA and AISI-348 steel –

was studied in chapter 5 under similar conditions with light and heavy ions aiming

to probe whether the high-entropy effects such as sluggish diffusion can contribute

to a superior radiation tolerance of the HEA compared with its low-entropy coun-

terpart, the stainless steel. A second study was reported in chapter 6 to address the

phase stability of the FeCrMnNi HEA and the austenitic stainless steel when sub-

jected to low- and medium-energy, heavy ion irradiation. It was discovered that the

radiation resistance of a metallic alloy is intrinsically related to its thermodynamic

stability, particularly in preventing the formation of secondary phases (including

precipitation) which is a phenomenon known to degrade the mechanical behaviour

and corrosion/oxidation resistance of nuclear materials.

Chapter 7 explored the synthesis and characterisation of high-entropy alloy thin

films from the quaternary system FeCrMnNi that were produced using the technique

of ion beam sputter-deposition. After demonstrating the feasibility of depositing

equiatomic thin films on Si substrates, the FeCrMnNi high-entropy alloy thin film

was successfully deposited on Zircaloy-4TM substrates and its radiation tolerance was

studied using heavy-ion irradiation in situ within a TEM. For comparison, similar

irradiations were performed on magnetron-sputtered thin films of titanium nitride,

a material that has been recently proposed as a hard coating for accident tolerant

fuels.

The neutron and ion irradiation responses of novel Ti-based MAX phases were
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studied in chapter 8. A comprehensive electron microscopy post-irradiation charac-

terisation of neutron-irradiated specimens at 1273 K at doses of 2 and 10 dpa was

carried out and the results provide a new data set for these materials regarding their

radiation response and stability in neutron environments. The thermal stability of

the MAX phases under annealing as well as their radiation response to heavy-ion

irradiation were also investigated.

9.2 Conclusions

The results indicate that the high-entropy alloy possesses higher radiation tolerance

than its low-entropy counterpart, the AISI-348 steel; however, this was confined

to moderate temperatures. The experiments performed on these metallic alloys

provide new datasets for the scientific literature on high-entropy alloys which are

the subject of recent intense debate and investigation aimed at their application in

future nuclear technologies.

The sluggish-diffusion concept was studied in chapter 4. The results obtained

with light and heavy ion irradiation of both alloys showed a statistical trend in-

dicating a superior radiation tolerance of the FeCrMnNi HEA specifically that the

nucleation of inert gas bubbles is reduced in high-entropy metallic systems, however,

when the statistical error in measuring the bubbles sizes is taken into account, both

alloys have shown similar results with respect to the nucleation and growth of inert

gas bubbles.

The phase stability of the metallic alloys was investigated in chapter 5. At low

and moderate temperature regimes, radiation-induced precipitation was observed

to occur in the AISI-348 steel whereas in the FeCrMnNi HEA, the random solid

solution was observed to remain unchanged. At higher temperatures, the radiation

effects on both metallic alloys were observed to be similar. Phase transformations

at 1073 K were identified in the AISI-348 steel under low-energy heavy ion irradia-

tion and thermodynamic calculations using the software ThermoCalc indicated that

the austenite matrix phase is metastable. As a result of the introduction of point

defects in excess (i.e. higher than equilibrium concentrations) these irradiation-

induced phase transformations indicate that the austenitic stainless steel is driven

towards thermodynamic equilibrium. Although irradiation experiments could not

be performed in the FeCrMnNi HEA at 1073 K due to an unknown and unsolved

apparent “melting” effect of the TEM lamellae, the phase instabilities were de-

tected in the stainless steel at all the irradiation temperatures which emphasises

an interesting result: that the radiation damage tolerance is intrinsically related to

thermodynamic stability. Analogies with creep and heat-affected zones in welding

were used to reflect on the results.
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Based on the results regarding the superior radiation tolerance of the bulk Fe-

CrMnNi HEA, thin films based on the high-entropy alloy concept were synthesised

and characterised as presented in chapter 7. The feasibility of depositing such thin

films on Zircaloy-4TM substrates was investigated. It was demonstrated that these

HEATFs possess higher radiation tolerance than TiN thin films when irradiated with

heavy-ions in reactor-like conditions. It is worth emphasising that the TiN was re-

cently considered as a hard coating candidate for zirconium-based alloys. However

the results of this current research show that radiation-induced segregation takes

place whereas this was not the case in the HEATF. In the near future, the experi-

mental development reported in this thesis may offer the possibility of designing new

accident tolerant fuel concepts based on high-entropy alloy coatings, as the synthesis

and production of bulk HEAs for nuclear application faces challenges regarding the

limited availability and price of some alloying elements such as Cr and Ni.

In chapter 8, a detailed and comprehensive study of the neutron radiation resis-

tance of Ti-based MAX phases was carried out. This study provides a new dataset

of irradiation data regarding these novel materials as – for the first time – their

microstructures following irradiation in a materials test reactor have been assessed

at 2 and 10 dpa at an irradiation temperature of 1273 K. An intricate and complex

chain of radiation effects including dislocation loops, lines and networks, cavities,

stacking faults and black-dots was observed as well as phase decomposition (at 10

dpa). The latter observation suggests that the radiation stability of these mate-

rials is not as high as expected from previous publications. Attempts to simulate

the neutron damage using heavy ion irradiation in situ within a TEM were not

successful: possibly due to the influence of the electronic stopping power (when us-

ing 700 keV Kr ions) in inducing recovery of point defects. This suggests that for

these MAX phases, the emulation of neutron damage should be carried out with ion

beams conditions configured to induce collisions within the nuclear stopping range.

In addition, the thermal stability of the MAX phases was studied using TEM. It

was observed that a passivation layer starts to form at temperatures around 1073

K. Mainly composed of nanocrystals, this layer impaired the analysis of defects dur-

ing the heavy ion irradiation experiments, limiting the attempts of comparing the

neutron and ion irradiated microstructures.

9.3 Recommendations for further research work

The possibility of designing new metallic alloys by tuning the elemental composition

in order to achieve superior radiation tolerance and high thermodynamic phase sta-

bility provides an opportunity that could contribute to the advancement of future

nuclear technologies by harnessing the high-entropy core effects. New alloys could
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be produced using these principles which could replace existing conventional nuclear

materials in the near future. However, studies are needed to define whether strict

equiatomic compositions are the best solution for this purpose or whether if the

close to equimolar approach would actually deliver better properties and radiation

tolerance. For this, prior to the development of new alloys, computational thermo-

dynamics calculations can be used as a preliminary tool as they provide fast and

reliable answers for such purposes. It is also clear that the element Ni, used in the

FeCrMnNi HEA investigated in this thesis, should be replaced by another element

that possesses reduced activation in neutron-irradiation environments. The replace-

ment should be selected in order to maintain the corrosion and oxidation behaviours

of such new highly-concentrated alloys as the element Ni is known to improve such

properties in metallic alloys.

Another fact that deserves further attention is the radiation response of these

alloys at high temperatures using in situ TEM ion irradiation. In this work, it was

found that electron-transparent samples of the FeCrMnNi HEA are observed to be

destroyed at temperatures around of 1073 K. This effect has also been observed

with other metals in our research group. The physical mechanisms that induce this

processes within the TEM below the normal melting point are still unknown and as

a result, irradiation experiments at high temperatures were not possible. Another

aspect that deserves attention is the fact that the radiation damage experiments

performed throughout this work used the ion irradiation in situ TEM methodology.

In order to confirm the results on the possible superior radiation tolerance of highly

concentrated alloy systems, ex situ ion and neutron irradiation experiments are also

needed.

As bulk HEAs could be an expensive alternative to the present nuclear fuel

cladding alloys, the development of HEATFs as cheaper coatings for Zr-based alloys

is a possible solution that was explored, developed and characterised in this thesis,

but only targeting the nominal operation of PWRs. Further studies should be carried

out on the radiation response of HEATF under extreme conditions (such as LOCA).

Studies aiming at investigating the mechanical properties, corrosion and oxidation

resistances (thus compatibility with the reactor’s coolant) and tribological properties

of such new thin films will be needed prior to their consideration for testing in MTRs.

Comparative studies exploring the effects of irradiation on bulk HEAs and HEATFs

are also needed as recent work in the literature indicate a superior radiation tolerance

of HEATFs due to their reduced grain sizes (i.e. nano-crystallinity) [493, 494].

The radiation resistance of MAX phases under neutron and ion irradiation was

also studied as they have been recently considered as possible ceramic materials for

the next generation of nuclear reactors. Following the electron microscopy analysis

of neutron irradiation induced defects, new studies are needed to address whether it
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is possible to simulate neutron damage using ion irradiation. Further experiments

are also required to determine the thermal stability of these materials at high tem-

peratures as the MAX phase matrix decomposition may significantly impair the

application of these ceramic compounds for future nuclear reactors, although the

formation of self-passivating surface layer at high temperatures could be considered

a good property of such materials for applications in extreme environments. Stud-

ies that investigate the relationship between the irradiation temperature and dose

required for possible amorphisation of these materials are also needed.
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